PROGRESS IN 


METAL PHYSICS 
8 


Editors 
BRUCE CHALMERS, D.Sc., Ph.D. 


Division of Engineering and Applied Physics, Harvard University, 
Cambridge, Mass., U.S.A. 


and 


R. KING, Ph.D. 


Assistant Director, Davy Faraday Research Laboratory, 
The Royal Institution, London, W.1 


PERGAMON PRESS 


LONDON - NEW YORK - PARIS - LOS ANGELES 
1959 


| 
4 
ig 
| 
ive 


PERGAMON PRESS LTD. 
4 & 5 Fitzroy Square, London, W.1 
PERGAMON PRESS INC. 

122 East 55th Street, New York 22, N.Y. 
P.O. Box 47715, Los Angeles, California 
PERGAMON PRESS §8.A.R.L. 

24 Rue des Ecoles, Paris V* 


Copyright 
© 
1959 
Pergamon Press Ltd. 


Library of Congress Card Number 49-50107 


Printed in Great Britain by the Pitman Press, Bath 


: 

‘ 

mee 
> 

ae 

a 

| ca 


CONTENTS 


ForREWORD 
ACKNOWLEDGEMENTS 


1 Work Harpenrne or METALS 
L. M. Clarebrough and M. E. Hargreaves 


Division of Tribophysics, University of Melbourne, Carlton, N.3, 
Victoria, Australia 


GRAIN BOUNDARIES IN METALS 
F. Weinberg 
Physical Metallurgy Division, Mines Branch, 


Department of Mines and Technical Surveys, 
Ottawa, Canada 


X-Ray Stupres oF DeFoRMED METALS 
B. E. Warren 


Department of Physics, Massachusetts Institute of Technology, 
Cambridge 39, Massachusetts, U.S.A. 


SUBSTRUCTURES IN CRYSTALS GROWN FROM THE MELT 
C. Elbaum 


Gordon McKay Laboratory, 
Division of Engineering and Applied Physics, 
Harvard University, Cambridge 38, Massachusetts, U.S.A. 


Derects Pure METALS ... 255 
W. M. Lomer 
Theoretical Physics Division, Atomic Energy Research Establishment, 
Harwell, Didcot, Berkshire 
CONTENTS OF PREVIOUS VOLUMES 321 


ie 
PAGE 
9 105 
i 
we: 
5 


. 
a 


NAME 


12, 14, 29, 31, 43, 57, 100 

R. 124, 145 

ADAMS, M. A. 14, 32, 35, 
99, 101, 102 

AMELINCKX, S. 1, 

ANANTHARAMAN, T. R. 

ANDERSON, E. A. 103 

ANDRADE, E. N. pa C. 6, 8 11, 12, 
14, 15, 18, 21, 22, 29, 31, 36, 43, 
57, 76, 77, 82, 84, 100, 102 

ANTAL, J. J. 263, 317 

ARDLEY, G. W. 38, 101 

Aston, R. L. 93, 103 

ATWATER, H. 249, 250, 253 

AuLb, J. H. 42, 101 

Aust, K. T. 91, 92, 103, 108, 139, 
140, 144, 146, 244, 245, 247, 252 

AVERBACH, B. L. 148, 197, 201 

Aziz, P. M. 85, 103 


Apoavy, D. 
ACHTER, M. 
36, 38, 73, 


100, 108, 144, 316 
197, 201 


BaInsripGe, D. W. 103, 138, 146 
BatL, C. J. 99, 103 
BALLUFFI, R. W. 313, 
BARBER, D. J. 1, 100 
BARRETT, C. S. 84, 85, 103, 169, 201 
BARTLETT, J. H. 268, 287, 294, 295, 

296, 317, 318 
BAURLE, J. 263, 309, 313, 317, 318, 

319 
Bauscn, K. 12, 
Bear, I. J. 103 
BEEVERS, C. A. 201 
BELL, R. L. 77, 87, 88, 102, 103 
Benson, K. E. 237, 252 
BertTaut, F. 150, 151, 201 
Bitpy, B. A. 304, 317, 319 
BILuiGc, E. 230, 236, 252 
BuaTT, F. J. 299, 300, 312, 319 
BiewirTr, T. H. 14, 29, 31, 36, 49, 50, 

52, 57, 94, 96, 100, 101, 312, 

313, 317, 319 
Boas, W. 2, 6, 76, 77, 80, 81, 

100, 102, 103, 317 
Bour, N, 268, 270, 318 
G. F. 114, 141, 

229, 230, 231, 252 
BOLLMANN, W. 102 
Bonp, W. E. 131, 
BOULANGER, 145 


314, 319 


100 


145, 


62, 
130, 
114, 


145 


INDEX 


BRADSHAW, F. J. 
315, 319 
Brace, W. L. 251 
Brick, R. M. 103 
BRIDGMAN, P. W. 
BRINKMAN, T. A. 
Brooks, H. 
319 
Brown, A. F. 
BUCKLEY, S. M. 
BUERGER, M. J. 
BuRGERsS, J. M. 
BuRGERS, W. G. 12, 
145 
BURKE, E. 
Burton, J. A. 


299, 304, 308, 309, 


237, 251 


274, 318 


256, 266, 298, 299, 316, 


39, 88, 101, 103 

13, 71, 101 

203, 223, 239, 251 
204, 251 
100, 


120, 126, 


Cann, R. W. 18, 41, 51, 52, 77, 87, 
88, 101, 102, 103, 144, 146 

CALNAN, E. A. 41, 101 

Camp, P. R. 252 

CARLSEN, K. M. 17, 101 

CARREKER, R. P. 94, 103 

CHALMERS, B. 91, 92, 103, 108, 113, 
114, 115, 127, 128, 144, 145, 208, 
212, 224, 229, 234, 235, 237, 239, 
241, 244, 245, 247, 249, 250, 251, 
252, 253 

CHAUDRON, A. 

CHEN, N. K. 

CHRISTIAN, J. W. 

CHURCHMAN, A. T. 

CLancy, E. F. 318 

CLAREBROUGH, L. M. 95, 103, 
313, 314, 317, 318, 319 

CLARK, R. 91, 92, 103 

CocHRAN, W. G. 222, 252 

COLTMAN, R. 101, 
319 

COMPTON, A. 

Cooper, H. 

CorBetTrT, J. 

Corry, H. E. 106, 144 

COTTRELL, A. H. 1, 2, 14, 18, 24, § 

36, 37, 38, 51, 53, 55, 56, 

59, 61, 64, 74, 95, 99, 

, 101, 102, 241, 250, 252, 2: 

5, 276, 288, 304, 311, 316, ¢ 

, 


113 
41, 90, 91, 92, 101, 103 
182, 195, 197, 201 
103 


298, 


29 


82 


| 
= 
| 
, 102 
ome 
252 
=¥ 
| 
| 
| 
: 
323 
an 


NAME INDEX 


Covutine, 8S. R. L. 124, 145 Frempen., J. 6, 43, 55, 58, 59, 60, 61, 
Coyvie, R. A. 42, 101 62, 64, 67, 70, 73, 99, 100, 101, 
Crvesarp, C. 93, 101, 108, 234, 252 282, 283, 285, 317, 318 

Curr, C. 100 Freipricn, W. 203, 251 
Czocuratski, J. V. 251 FRENKEL, J. 213, 252 


K. 281, 318 
Fucus, R. 268 
Fues, E. 289, 318 


H. 249, 255 


Damiano, V. 228, 252 
Darwix., C. G. 203, 251 


Fumi, F. G. 283, 285, 286, 291, 293, 
avis, R. S. 1, 103 
Sis 

Desace, J 247, 252 
Denney, J. M. S11, S18, S10 e 39 
Ganrstone, J. 10, 12, 13, 17, 20, 22, 

. 24, 32, 41, 48. 48, 56. 58, 100 


J. 202 
Dexter, D. L. S18, 319 
Dickey. J. E. S18 


Gievers, 1609, 182, 201 
Gippons, D. S82, 102 


J 10, 11, 13, 20, 33, 36, 43, 
15, 47, 50, 65, 100, 101, 102 
J.J. 83, 84, 87, 90, 102, 103, 
G. J. 263, 287, 204, 205, 206, 
Sis 
S317. 318 
Gitex, J. W. 256, 266, 316 
OMMERICN, S ‘ 
Gorman, L. 200, SIS 
J. 132, 5, S17 - 
Goss, A. J. 237, 238, 252 


Done, D 144 
Drovarnp, R 103 


Gimar, L. 251 
146 


Greenoven, G. B. 146, 147, 196, 201 
GREETHAM, G. 10, 100 
Duss, C.G. Girentnorr, A. B. 251 
Gventerr, ©. J. 187, 107, 201 


A. 42, 101, 147, 201 


EastTannook, J. N 150, 
I 85. 100 

a 
‘DWARDS. | 12. 19. 101, 103, Haase, a2. 100 
Haasen, P. 64, 102 


1s, 146 
Epwarps, O. S. 197, 201 Hass, F. D. 195, 201 
D. T $11. 317 Hau W. H. 2ol 
990. 250. 252 liam, 300, S10 
K. M. 13, 71, 101 HARGREAVES, M. 95, 95, 105, 208, 
J. D. 206, 316, 317, 318 317, 318, S19 


lianrer, D. F. 82, 102 
Hianren, S. 
Hiannison, 150, 146 


Ewatp, P. P. 251 


W. 76, 70, 102 Hianvey., K. B. 1, 100 
Fazan, B 145 Haynes, W. 124, 145 
FevTuam, P. 04, 108 Hepors, J. M. 1, 100, 108, 316 
Fisuer, J. C 110, 122, 145 Hempenreicn, KR. SIS 
Fiske, M. S11, 319 Henperson, C. 6, 8, 11, 14, 15, 18, 
FLANAGAN, K 124, 145 21, 22, 31, 36, 100 
Fieiscner, KR. L. 81, 105 J. W. 312, 313, 319 
Foremayx, A. J. E. 250, 316 HENDRICKSON, A 125, 145 
Forry, A. J. 100, 238, 252, 361 HigmMaAN, M. 228, 252 
FRANK, F.C 1, 55, 58, 100, 102, 204, HERRING, » Bee 

233, 234, 241, 242, 251, 252, 256, liinparp, W. R. 4, 77, 87, 93, 04, 


102, 1098 


324 


: 
; 
| 
| 
Sie ar 


NAME 


HIBBARD Jr., W. R. 144 
Hirscn, P. B. 1, 62, 94, 97, 100, 102, 
103, 108, 144, 187, 201, 252, 316, 
318 
J. 
HorrMan, R. E. 
145 
HOLLOMAN, J. 
Hommes, D. K. 
Hotmes, E. L. 141, 146 
R. W. K. 
17, 39, 40, 43, 45, 
101, 103 
lionne, KR. W. 62, 102, 108, 144, 316 
Hovuska, C. R. 197, 201 
Hutme, K. F. 228, 252 
HuNTER, S. C. 300, 319 
H. B. 281, 
285, 286, 288, 289, 290, 
204, 207, 209, 318 


Hurwitz, H. 318 


N. 144 


119, 120, 122, 125, 


10, 
16, 


ll, 
17, 


12, 


100, 


283, 284, 


292, 293, 


Ikepa, 10, 
INTRATER, J. 


Jackson, K. 
Jaceuverr, P. 
James, R. W. 251 
B. 32, 43, 
Jmisox, D. F. 77, 
JounstToxr, W. G. 
H. 299, 


JONGENBURGER, P. 


208, 224, 251 


A. 75, 91, 102 


is, 61, 94, 
102, 103 
316 
319 
208 


JAOUL. 101 


209, 318, 319 


282, 
12 


Kamer, K. 

KANZAKI, H. 
KaARNOoP, 
Katz, L. 317 
KAUFFMAN, J. W. 

K&, T. S. 36, 137, 
KELLY, A. 36, 


206, 318 

267, 

309, 318 

145, 146 

. 49, 50, 51. 52. 
O8, 101, 103, 247, 252 

Kesster, S. W. 251 

Kipsox, G. 315, 319 

KiensTeap, H. A. 

G. H. 
S16 


R. 


3S 07, 


‘ 


266, 267, 270, 


263, 
256, 
KING, 83, 131, 132, 
144, 145 

KisseLt, M. A. 130, 
KLABLONDE, C. E. 

KLEMENS, P. G. 
E. E. 


S84, 102, 130, 
145 
309, SIS, 319 
300, 319 

317 


INDEX 


KNIPPING, P. 203, 251 
KOCHENDORFER, A. 12, 
Kopa, S. 75, 103 
KOEHLER, J. S. 28, 30, 51, 
100, 102, 241, 247, 252, 
267, 268, 269, 270, 275, 
309, 310, 311, 312, 313, 
318, 319, 320 
KOYAMA, M. 249, 253 
Krause, M. 65, 102 
KUHLMANN-WILSDoRF, D. 
101 


100 


106, 113, 144, 145 
101 


247, 


LacomsBe, P. 
LALOEUF, A. 
LAMBOT, H. 
LANGE, H. 
36, 42, 45, 47, 48, 
LARK-Horovitz, K. 31 
LAUBENSTEIN, M. J. 311, 317 
LAZAREV, B. G. 309, 319 
LEBBINK, W. G. 100 
Le CHATELIER, F. 265, 317 
Le CLatre, A. D. 117, 145, 233, 
277, 291, 292, 293, 
318, 319 
Lee, H. T. 103 
Leeser, D. 317 
LEIBFREID, G. 
LEIBMAN, B. 
LEYMONTE, ( 
La, C. H. 
iz. ©. Y. 
LINTNER, 
LapsetTr, F. &3 
Lipson, H. 
LIVINGSTON, 
LOFERSKI, J. 317, 318 
Lower, W. M. 58, 64, 102, 
306, 311, 316, 318 
Loretro, M. H. 95, 103 
L. C. 107, 144 
Luck, E. K. 8, 9, 10, 11, 15, 
28, 42, 45, 47, 48, 77, 7 
82. BS, BD, 100, 102, 146 
114, 145 


9-9 


13, 64, 
146 
145 
103, 138, 
303, 319 
K. 317 


101, 


146 


102 
198, 201, 202 
91, 103 


oa 
ob, 


Lyon, J. V. 

125, 145 

101 

Mapprix, R. 4, 8, 25, 100, 
30, 131, 132, 133, 139, 145, 
317 

MAGNUSON, G. 


325 


Macuure, FE. 
MADER, S. 


0, 


320 


39, 40, 55, 


8, 9, 10, 11, 15, 16, 26, 28, 


304, 


102, 316 


= 
56, 64, 
56, 266, 
f wil 
79, S00, 
516, 317, 
— 145 252, 
‘ 
ORGS 
$1, 
Lol, 
2 
146, 
i 


NAME 


317, 319 
312, 319 


Makin, M. J. G. 
MANINTVELD, J. A. 
Mark, H. 102 
MaRKsON, I. 85, 
Marx, J. W. 
Marnoun, A. T. 128, 145 
MARSHALL, A. M. 42, 101 
Masine, G. 9%, 10, 12, 15, 77, 88, 100, 
102, 103, 146 
MaTuewson, C. H. 3, 
101 
McCartruy, K. A. 
McDonatp, D. K. C. 
McDonnewti, W. R. 
McKeenan, M. 157, 
McKrywon, N. A. 10, 
33, 40, 42, 43, 48, 5 
100, 101 
McLean, D. 117, 127, 
Meakin, J. D. 04, 108 
Merino, J. 169, 201 
Micnet., D. 195, 201, 317 
Mitter, R. F. 8, 100, 103 
W. E. 100 
J. W. 1, 100, 108, 
MontarioL, F. M. 145 
Morr, N. F. 53, 54, 55, 56, 58, 60, 71, 
72, 82, 89, 95, 100, 102, 126, 
133, 136, 137, 145, 252, 276, 277. 
209, 318, 319 
MOCiierR, H. 43, 101 
Murray, G. T. 265, 


103 
310, 319 


4, 15, 41, 100, 
108, 144 

315, 
317 
197, 


319 


201 


144, 316 


317, 319 


Nararro, F. R. 
300, 316, 31 

NaDEAU, J. 248, 

NEvuRATH, P. W. 

Nicno.ias, J. F. 

T.8S. 28, 30, 51, 

7 2, 317, 319 


145, 146, 303, 306, 319 


102 


57, 100, 241, 


25 
. 


OrrennaAuser, W. 65, 102 
Oativig, G. J. 93, 103 
OKKERSE, B. 120, 126, 145 
Orowan, E. 136, 146, 203, 204, 251 
OsswaLp, E. 8, 100 
Orre, H. 187, 201 
Orrer, F. A. 317 
OVCHAR-ENKO, O. N. 
OVERHAUSER, A. W. 
317, 318, 319 


Ozerorre, J. D. 273, : 


309, 


209, 


319 


310, 313, 


INDEX 


Patmer, W. 320 
Panetu, H. R. 
PARKER, E. R. 
103, 138, 
Pascor, K. J. 198, 202 
PaTte., J. R. 144 
Paterson, M. 8S. 12, 13, 15, 18, 22, 
25, 43, 45, 46, 71, 74, 100, 101, 
169, 201 
Paxton, H. W. 24, 25, 57, 74, 101 
Pearson, S. 137, 145, 209, 304, 308, 
309, 315, 319 
Pease, R. S. 256, 266, 267, 
Pereris, R. E. 259, 316 
PENFOLD, N. 267, 317 
PENNING, P. 252 
PERRYMAN, E. C. W. 
W. G. 106, 107, 
209, 237, 251, 252 
Puitups, D. J. 102 
Pickus, M. R. 83, 102 
Prercy, G. R. 18, 201 
PoLanyl, M. 102 
Poxp, R. B. 251 
PortTeviIn, A. 265, 317 
Pam, R. C. 222, 252 
Pumpurey, W. I. 114, 145 
Puttick, K. E. 


200, S18 
12, 83, 85, 101, 102, 
146 


270, 316 


145 


144, 208, 


130, 131, 132, 145 


Racuincer, W. A. 167, 201 
RAFFELSIEPER, J. 9, 10, 12 
RAFFELSIEPER, R. W. K. 15, 
RANDALL, R. F. Y. 82, 102 
RAPPAPORT, P. 317, 318 
Reap, T. A. 83, 84, 102 
Reap, W. T. 12, 100 
Reap gr., W. T. 105, 125, 
317, 319 
Repstock, H. 
101 
RepMAN, J. K. 
RENNINGER, M. 
Raines, F. N. 
145 
Ropertson, W. D. 85, 
Roum, F. 12, 100 
Roscor, R. 76, 77, 82, 84, 
ROSENBERG, A. 128, 145 
RosENHAIN, W. 129 
Rost, F. D. 3, 10, 12, 13, 15, 16, 17, 
18, 22, 23, 24, 28, 29, 32, 41, 43, 
45, 46, 47, 73, 100, 101 
A. E. 306, 319 


144, 145, 


20, 24, 25, 33, 35, 74, 

29, 101, 312, 317, 319 
251 

130, 131, 132, 134, 135, 


103 


102 


326 


a 
a 
= 
3, 252, 259, 
on 
= 
tah" 
rs 


NAME INDEX 


Rotru, L. 298, 318 STOKES, R. J. 35, 36, 37, 38, 51, 101 
ROTHERHAM, L. 137, 145, 146 Srrow, A. N. 61, 95, 96, 102, 103, 
Rowk, A. H. 319 316, 317 
Rutrer, J. W. 140, 146, 208, 212, Srumpr, H. 289, 318 
216, 224, 227, 228, 229, 251, Swrron, C. R. 317 
252 Suzuk!1, H. 10, 11, 18, 20, 22, 29, 32, 
74, 100 
Sacus, G. 8, 26, 32, 100, 101 
Sampson, J. B. 317, 318 TAKAKI, H. 249, 253 
SAWKILL, J. 10, 11, 12, 43, 45,46,47, Takeucni, 8S. 10, 100 

100 TAKEYAMA, T. 75, 103 
Scumip, E. 2, 6, 76,77, 79, 80,81,82, Tank, F. 251 

100, 102, 317 Tayuor, G. I. 6, 53, 54, 100, 
ScHoreck, G. 259, 316, 318 204, 251, 317 
ScHOENING, F. R. L. 196, 197, 201, Tayuor, W. E. 265, 319 

202 TEGHTSOONIAN, E. 114, 115, 145, 2: 
ScHrROpDER, K. 77, 88, 102, 103 241, 244, 247, 251 
Scnuttz, L. G. 247, 252 TENNEVIN, J. 42, 101 
SEEGER, A. 33, 34, 35, 50, 52, 58,60, Treworpt, L. 320 

61, 64, 70, 72, 73, 74, 94, 95, 96, THomas, E. E. 106, 144 

99, 101, 102, 199, 202, 258, 259, THomas, R. W. 127, 128, 145, ¢ 

282, 286, 287, 288, 290, 297, 299, 318 

300, 316, 318, 319 THompson, D. O. 317, 319 

F. 233, 252, 256, 266, 267,268, THompson, N. 102, 291, 316 

269, 270, 275, 276, 277, 284, 286, THomson, L. 99 

290, 316, 317, 318 TrepEeMA, T. J. 120, 126, 145 
Seymour, E. F. W. 315, 319 TILLER, W. A. 208, 213, 214, 
SHEININ, S. S. 128, 145 218, 222, 223, 224, 227, 
Suersy, O. D. 132, 145 229, 238, 251, 252 
SHEewmon, P. 114, 145 Tucker, C. W. 317 
SHOCKLEY, W. 105, 125, 145,317,318 Tune, S. K. 130, 131, 132, 133, 
SreceL, L. L. 313, 314, 319 TURNBULL, D. 119, 120, 122, 
Sinnott, M. J. 118, 121, 122, 125, 141, 145, 146, 251, 317 

126, 145 
SLICHTER, W. P. 222, 252 Urize, V. M. 93, 103 
SMALLMAN, R. E. 38, 101, 102, 153, 

201 Van BUEREN, H. G. 264, 277, : 
SMEKAL, A. 101 318 
SMIALOWSKI, M. 223, 252 VAN DER Merwe, J. H. 40, 101 
SmirH, A. D. N. 146 VAN NIEKERK, J. N. 196, 201 
Smirn, C. S. 198, 202 VASSAMILLET, L. 247, 252 
Smiru, E. M. 196, 201 VOGEL gr., F. L. 106, 144 
SmiTH, V.G. 216, 218, 219, 220,221, Von Laur, M. 203, 251 

222, 223, 252 Von Gorter, F. 8, 26, 100 
SMOLOCHOWSKI, R. 20, 101, 118, 124, 

125, 126, 127, 145 Waaner, C. 209, 251 
SPREADBOROUGH, J. 195, 201 WaGNER, C. N. J. 173, 178, 181, 195, 
STAUBWASSER, W. 65, 102 196, 197, 201, 202 
STeHLE, H. 297, 300, 318, 319 WAGNER, R. S. 108, 144, 236, 248, 
STEWART, M. T. 252 252 
STICKLEY, E. E. 198, 202 Wan, H. L. 93, 103 
SToKes, A. R. 147, 148, 161, 164,198, Watker, R. M. 311, 319 

201, 202 WALTON, D. 227, 231, 249, 252 


® 
am 
= 
| 
: 
: 
te 


NAME 


145 
169, 195, 201 


Warp, R. G. 128, 
WaREKoOls, E. P. 
WARREN, B. E. 148, 157, 169, 
105, 197, 201 
WASHBURN, J. 12, 85, 86, 
138, 146, 248, 253 
Watson, R. E. 268, 317 
Wavucnopr, K. 252 
WEERTs, J. 8, 26, 32, 
Wel, C. T. 247, 252 
WEINBERG, F. 114, 115, 
132, 133, 145, 251 
WEINIG, S. 145 
Welss, R. J. 263, 317 
Wernick, J. R. 144 
WERT, C. A. 292, 303, 318 
West, G. W. 
WHELEN, M. J. 


187, 


103, 


101, 


130, 131, 


298, 313, 317, 318, 319 
62, 102, 108, 144, 316 


INDEX 


Wuippte, R. T. P. 
WILLIAMSON, G. K. 
201 
Witsporr, H. 39, 40, 55, 101 
Witson, A. J.C. 147, 148, 159, 161, 
169, 182, 197, 201 
WINEGARD, W.C. 114, 141, 145, 146, 
227 
Wotrr, H. 
Wu, T. W. 


118, 145 
38, 101, 153, 164, 


252 
101 
101 


Yamacucnui, K. 93, 103 

YANNAQUIS, N. 113, 145 

YuKawa, S. 118, 121, 122, 125, 
145 


126, 


ZENER, C. 


292, 304, 318 


; 
a 
4 
4 
| 
iz 
4 
328 
“4 
; 


SUBJECT INDEX 


ACTIVATION energies 
formation of interstitial 
290 
-vacancy 284, 290, 291 
grain-boundary migration 142 
boundary shear 131, 132, 133 
movement of divacancy 294 
Axial ratio of close packed hexagonal 
metals 76 


atom 288, 


BAUSCHINGER effect in single crystals 13 


CONSTITUTIONAL supercooling (definition) 
212 

Critical resolved shear stress: 
temperature 57 

Crowdion (definition) 288, 289 


DEFECTS in pure metals 
annealing 303 et seq. 
cold working 276 
closed metals 281 
density 262, 296, 297, 313 
diffusion and precipitation 
Hall coefficient 264 
interactions 259 
internal friction 301 
irradiation 263 et seq., 310, 311 
magnetoresistivity 264 
mechanical properties 265, 300 
numerical constants 314, 315 
open metals 290 et seq. 
production and control 
quenching 277 
resistivity 263, 208, 309 et seq. 
stored energy 264, 313 
X-ray diffraction 263, 296 
Deformation of FCC metals 
see Easy glide, Linear 
Parabolic hardening 
polycrystalline aggregates 
bi-crystals 91, 92 
correlation with single crystals 4 
dislocation densities 95 et seq. 
effect of grain size 90 
a-brass 91, 93 
single crystals: unifying concepts 
et seq. 
CPH metals 76 ef seq. 
influence of orientation 77, 89 
influence of strain rate and tempera- 
ture S80 
influence of surface conditions and 
size 82 
metallography 87 
nature of work-hardening 


265, 301 


266 et seq. 


hardening, 


OO ef seq. 


-o 
i- 


58, 


simple shear 85 


self-energy for Cu 259 
237 


grown 


Dislocations: 
densities 
crystals 

et seq. 


from melt 239 


effect of 


Dislocations (contd.)— 
deformation of polycrystalline aggre- 
gates 95 et seq. 
etching 106, 107, 108 
small angle tilt boundaries 106 
origin in crystals grown from melt 231 
et seq. 


Easy glide (definition) 6 
FCC metals 8 et seq. 
influence of composition 
crystal shape 20, 21 
crystal size 18, 19, 20, 21 
extraneous deformation 24, 25 
orientation 8, 9, 10, 11 
surface condition 21, 22, 23 
temperature 13, 14, 15 
FCC metals: metallography 40 
-theories 55 et seq. 
Etch pits 106, 107 


15, 16, 17 


FAULTING 195 et seq. 
Full metals (definition) 281 


117 et seq. 
119, 120, 121, 


Gratn-BounpDary diffusion 
effect of orientation 
122 et seq. 
energies 108 ef seq. 
internal friction 136, 137 
melting 113 et seq. 
effect of orientation 115 
migration 137 et seq. 
activation energy 142 
low-angle boundaries 137 
segregation 127 ef seq. 
shear 129 et seq. 
activation energies 131 et seq. 
Growth of single crystals from the melt 
205 et s¢ q. 
conditions 205 
effect of sudden change of freezing rate 
218 
methods 207 
solute distribution 
Growth twins 229 et seq. 


208 et seq. 


coefficient 264 

Impurity substructures 223 et seq. 
method of formation 225 

Internal friction of grain boundaries 

137 

Interstitial atom (definition) 256 
energy of formation 288, 290 
resistivity changes 299 


136, 


Joe (definition) 261 


LINEAGE (definition) 203, also 232 
structures 239 ef seq. 


| 
| 
| 
#% 
| 
| 
329 
| 


SUBJECT INDEX 


Line age (continue l) 
relationship with 
structures 240 


Linear hardening (definition) 6 


impurity 


influence of composition, surface con 


dition and ery stal size 32 
extraneous deformation 
orientation 26 
temperature 29, 34 

theories 5S ef seq. 
Lower-Cottrell sessile dislocation 
5S, 


(definition) 


Liiders bands 18, 51 


MAGNETORESISTIVITY 
Metallography of work-hardening 
bands of secondary slip 40 

metals 87 
deformation bands 40 
easy glide 41 
FCC 39 ef seq 
kink bands 40 ef seq. 
linear hardening 44 ef seq 
parabolic hardening 50 
slip 39 

Mosaic structure (definition) 


tals 


203 
Oren metals (definition) 281 


Parapouic hardening (definition) 
influence of orientation 36 
temperature 36, 37, 38, 39 
theories 61 ef seq. 


RADIATION damage 266 ef 
Resistivity of a dislocation 


q- 
300 


Suir systems 
conjugate system (definition) 
connecting slip (definition) 4 
cross slip (definition) 4 
double slip (definition) 4 
secondary ship 41 


Stacking faults 59, 157, 159, 168 ef seq., 
182 ef seq. 
extrinsic (definition) 
intrinsic (definition) 
Stored energy 264, 313 
Stress-strain curves for single crystals 
Al 8, 9, 16, 24, 27, 30, 37 
Ag 10, 16, 22, 26 
Au 26 
Cd 
14, 
35 
Cu-Ag alloy 17 
Zn 78, 86 
bi ery stals of Al 2 


sub 
260 
260 


Cu 19, 23, 26, 28, 


TestIne single crystals in shear 


Vacancy (definition) 256 

crystals grown from melt 232 et 

drift velocity 233 

energy of formation in Cu 
in open metals 290, 291 

formation at liquid/solid interface 

pair stability in Cu 287 

resistivity changes 298, 20% 


284 ef 


W oRK-HARDENING 
easy glide 55 et seq. 
linear hardening 58 et seq. 
parabolic hardening 61 et seq. 
theories 53 


Work-softening (definition) 37, also 38, 


X-ray studies of deformed metals 
effect faulting in FCC metals 168 ef seq. 
in CPH metals 182 et seq. 
bee metals 187 et seq. 
effect small coherent domains 
strains 147 ef seq. 
experimental procedures 161 
powder pattern power theorem 


and 


oe. 
seq. 
3 
| 2 
teks 
S30 


4 


FOREWORD 


THe newer branches of science generally develop at the points of 
contact of the older disciplines and in the fringe areas between science 
and technology; the union between physics and metallurgy has been 
particularly fruitful and has resulted in the growth of the now distinct 
study of Metal Physics. Because of the hybrid pedigree of this new 
branch of science, original publications relating to it are appearing in a 
very large number of different journals, and because of its recent origin 
it is sometimes difficult to digest the new material as it appears. 
Experience in the more rapidly developing branches of science has 
shown that no individual can read, appraise and assimilate all the 
papers that are of interest to him, and it is found that the necessary 
perspective on a topic can usually be most efficiently realized by the 
aid of a review prepared by someone who is himself active in that 
particular field. The purpose of the series is to provide such reviews 
in the general area of the Physics of Metals. It is the hope of the 
Editors that all the significant aspects of the subject will be discussed 
and that those that are advancing rapidly will be reviewed at appro- 


priate intervals. 
B. CHatmers and R. 
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WORK HARDENING OF METALS 


L. M. Clarebrough and M. E. Hargreaves 


I. INTRODUCTION 


WHEN a metal is plastically deformed the stress necessary to continue 
the deformation increases with increasing strain, i.e. the flow stress 
increases. This phenomenon is known as work hardening and its nature 
has been the outstanding problem in the study of the plasticity of 
crystals since the earliest work in this field. However, considerable 
progress has been made since the existence of dislocations and the 
dominant role they play in plastic deformation have been demonstrated. 
In Volumes 1 and 4 of this series CoTTRELL has reviewed the then 
current experimental and theoretical situation’ *) and has pointed 
out) that work hardening involves the group behaviour of large 
numbers of dislocations rather than the behaviour of isolated disloca- 
tions. This is the major difficulty in elucidating details of the mechanism 
of hardening. This being so, the problem of work hardening may be 
reduced to three main problems: how many dislocations are present 
in an annealed metal and how are they arranged; how do their number 
and arrangement alter during deformation; by what mechanism does 
the alteration take place so that the change becomes increasingly 
difficult as it progresses ? 

In recent years knowledge of the structure of annealed metals has 
increased remarkably and much of this is reviewed in detail by Hirscu 
in Volume 6 of this series. FRANK’s theory of crystal growth and its 
subsequent experimental confirmation leave little doubt that disloca- 
tions are present in all crystals prior to plastic strain. © The experi- 
ments of Hepees and and BARBER, 
Harvey and Mircueri have provided evidence for the spatial 
arrangement of these dislocations. This arrangement, which is in 
agreement with theory,” is such that Frank—Read sources and 
spirals can operate readily and experimental evidence for sources and 
spirals has been obtained.) A tremendous volume of experimental 
information is available on the structure of deformed metals and again 
most of this is reviewed by Hrrscu™ in Volume 6. 

In the last few years experiments have concentrated on the 
mechanism by which the relatively simple structure of the annealed 
metal changes to that of the deformed metal. This approach has 
involved detailed investigation of the stress-strain curves of single 
crystals and the correlation of the form of these curves with features 
of the deformation that are observable by optical, electron optical and 
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x-ray techniques. The experimental advances in these directions have 
been accompanied by theoretical advances concerning the nature of 
barriers to the movement of dislocations. 

The greater part of this article deals with face-centred cubic metals, 
since the major developments have been made with them, but hexa- 
gonal metals are discussed briefly. An attempt is made to indicate the 
relevance of experimental and theoretical work on single crystals of 
face-centred cubic metals to the problem of work hardening of poly- 
crystals. No attempt has been made to make this review exhaustive 
from an historical point of view; rather, emphasis has been placed on 
recent experiments for which it is possible to correlate stress-strain 
curves with the main metallographic features accompanying deforma- 
tion. This evidence is reviewed in detail, as far as possible without 
reference to dislocation theory, and because of this may make rather 
tedious reading. However, it seems to us that a reasonably compre- 
hensive summary of this experimental evidence is valuable in itself and 
also is prerequisite to consideration of theory. On the other hand, 
although dislocation theory and theories of work hardening are insepar- 
able, the necessary background of dislocation theory is not reviewed 
as it has been dealt with already by Corrreti”” in two excellent 
articles in this series. 


II. Fack-centrep CuBic SINGLE CRYSTALS 
1. Introduction and Nomenclature 


1.1. Slip Systems in Face-centred Cubic Metals 


Much of the complexity observed in the deformation of crystals of 
face-centred cubic metals and much of the great interest attaching to 
their study arise because of the numerous possible slip systems in these 
crystals. For many years it has been known that slip is possible in 
any of the three (110) directions in any of the four {111} planes.“* 
Nevertheless, the precise directions and planes which operate in 
particular cases are not yet completely known. 

The behaviour of a crystal is predominantly determined by the 
orientation of its crystallographic axes with respect to the direction of 
the applied stress and is usually characterized, initially, by slip in one 
direction in one plane. Normally, these will be the “‘primary” plane 
and “‘primary” direction defined as those for which the resolved shear 
stress is greatest. This is readily determined for the case of tension, 
for example, as that for which the product sin 7, cos /4, is a maximum, 
in the now classical terminology of Scumip and Boas," where 7 is 
the angle between the slip plane and the direction of tension and /, the 
angle between the slip direction and the direction of tension. Thus, for 
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a crystal oriented in any manner with respect to the direction of stress, 
a prediction of the nature of the primary slip can be made. The result 
of such a calculation is shown in Fig. 1. Because of the symmetry of 
the cubic crystal, an orientation of the direction of stress represented 
by a pole in any triangle of the stereographic projection may be more 
conveniently described by a crystallographically equivalent orientation 
in the single triangle whose corners are the [100], [110] and [111] 
directions, [100] being plotted at the centre of the projection. Such a 
description is now standard practice and will be used here. This system 


Fig. 1. Choice of the operative octahedral glide system for the 
extension of face-centred cubic crystals"! 
A-D: poles of the glide planes 
I-VI: glide directions 


permits the adoption of consistent names for the four planes on which 
slip may take place, identifying them unambiguously with respect to 
the direction of stress. In this article the terminology used by Rost 
and MarHEewson™* and illustrated in Fig. 2 will be adopted. The 
combination of a slip plane and a slip direction is usually referred to as 
a slip system and it is useful to specify the most usual system in a 
particular plane by the name of that plane, the direction in this system 
being that for which 4 is smallest. For example, the system (111) 
[110] is referred to as the ‘conjugate system.”’ 

Thus the normal behaviour of a crystal in tension is to commence 
slipping on the “primary” system indicated in Fig. 2, i.e. (111) [101] 
for an orientation of the direction of stress in the standard triangle. 
The result of such slip is that the axis of the crystal rotates in such a 
way that the orientation of the direction of stress moves towards the 
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slip direction. Clearly the pole of the stress direction may ultimately 
reach the [100}-{111] boundary and for this orientation the primary 
system and the conjugate system (111) [110] are equally favoured. 
The classical behaviour is then “double slip’’ on these two systems 
with rotation of the direction of stress along the line of symmetry 
towards [211].“*) Such double slip is merely one of the deviations 
which occur from the idealized picture of deformation by single slip. 
It will become apparent that the work hardening of face-centred 


he 


[101] 


Fig. 2. Terminology for the slip planes in face-centred cubic 
crystals as used by Rost and MaTHEWson'‘”? 


cubic crystals is connected more with such deviations from ideal 
behaviour than with the primary process of single slip. 

Having adopted the above terminology, it should be mentioned that 
the term “‘cross slip’ has been applied indiscriminately, particularly in 
recent literature, to the occurrence of short segments of slip on a 
secondary system joining the ends of slip markings of a primary 
system. Such secondary slip is not necessarily on the cross slip plane 
and it is suggested that “connecting slip’’ is a more appropriate general 
term and this will be used here. The origin of the term “‘cross slip” 
appears to lie in the work of Mapprx, Marnewson, and Hissarp* 
who applied it to secondary slip on the system (11T) [101], ie. slip in 
the same direction as the primary system but on the cross plane. As 
such, it is probably the operative system in most connecting slip, but 
normal extensive slip on this plane is also observed. Thus it seems 
worthwhile to make the distinction suggested between connecting slip 
as a general phenomenon and cross slip as the operation of a system in 
the (111) plane, usually in the [101] direction, whether this occurs as 
normal extensive or as connecting slip. Further, it should be realized 
that it is frequently not possible to distinguish the slip direction from 
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metallographic observations of slip markings, since the operation of any 
of the three directions in a plane produces similar slip traces. The 
observation of slip on the cross plane does not therefore imply that this 
has a common direction with the primary system. 

Later in this review the relative orientations of the various planes 
and directions of slip will assume considerable importance. In order 


Fig. 3. Net for constructing a regular octahedron showing the relative 
orientations of the possible slip planes and directions in the face-centred 
cubic system. The naming of the planes is correct for orientations of 
the direction of stress in the standard triangle. The indices are under- 
lined to show which way up they should be read. Particular attention 
should be paid to this underlining when using the model. The indices 
which are circled refer to the points of emergence of directions imagined 
to pass through the centre of the octahedron 


to visualize these relative orientations, readers may find it convenient 
to construct a model from the net given in Fig. 3. The labelling of the 
slip planes is correct for an orientation of the stress axis lying in the 
standard [100}-(110}-{111] triangle and the model can be mounted on 
a wire or similar support in an orientation such that the support 
represents this axis. 
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1.2. Stages of Deformation 

All theories of work hardening aim to derive a theoretical relation 
between stress and strain in agreement with experimental results. 
This aim has become more difficult recently, since improvements in 
experimental technique have shown that the relation between stress 
and strain, for the tensile deformation of face-centred cubic crystals, 
is far more complex than was considered in the past. 

Classical experiments on the plasticity of crystals, summarized by 
Scumip and Boas,” show a striking difference between the rates of 
hardening of close-packed hexagonal and face-centred cubic metals. 
The relation between stress and strain for the hexagonal metals is 
approximately linear and the rate of hardening extremely small, 
whereas the face-centred cubic metals harden rapidly from the begin- 
ning of the test and the relation between stress and strain is essentially 
parabolic. Stress-strain curves from tests at room temperature are 
usually compared and this exaggerates the difference between face- 
centred cubic and close-packed hexagonal crystals. The comparison 
would be more justified if, for each metal, the testing temperature bore 
a fixed ratio to the melting point. Even then, however, the difference 
in rate of hardening is still very striking. For crystals of aluminium 
the work of Boas and Scumip,” for example, showed that the relation 
between stress and strain remained parabolic over a wide range of 
orientation and for a large variation in temperature. A feature of all 
this early work was that a parabolic relation was obtained, independent 
of orientation, when the stress was plotted as resolved shear stress 
and the strain as amount of shear. In addition, the classical theory of 
TayLor,”® based on the model of a “‘superlattice’’ of dislocations, gave 
a parabolic relation between stress and strain in excellent agreement 
with these early experimental results. 

It has recently been realized* that many of the early results show 
systematic deviations from a parabolic relation and, in fact, such a 
relation is rarely observed in current investigations. Under certain 
conditions the stress-strain curve may show a linear stage of low rate of 
hardening, followed by a second linear stage of high rate of hardening, 
before the parabolic hardening commences. It is found that the form 
of the stress-strain curve is sensitive to many variables, some of the 
most important being orientation, temperature and composition. In 
an idealized case the stress-strain curve shows three distinct stages in 
the plastic range as indicated schematically in Fig. 4. At low strains 
the stress is a linear function of the strain and the rate of hardening is 
low (stage I). This stage is reminiscent of the behaviour of hexagonal 
single crystals and will be called the “easy glide” region, after the 
descriptive notation of ANpRApE and HenprErson."”) In stage I the 
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stress is again a linear function of the strain, but the rate of hardening 
is high. Following Frrepe.,“* this stage of the stress-strain curve 
will be called the “linear hardening’’ region. The onset of stage IIT is 
characterized by a decrease in the rate of hardening and in this stage 
the stress is usually a parabolic function of the strain. This part of the 
stress-strain curve will be referred to as the “parabolic” region. Fre- 
quently stage I has been called the linear hardening stage, but the term 
easy glide will be used here to avoid confusion with stage I. 

The three stages in the stress-strain curve are not always present for 
any given set of testing conditions. For example, in an aluminium 
crystal of suitable orientation and purity to show stage 1, when tested 


Strain € 
Fig. 4. Idealized stress-strain curve for face-centred cubic crystals 


at room temperature, stage IIT may be virtually absent and the stress— 
strain curve consists essentially only of stages I and III. For some 
conditions of orientation and purity only stage III is observed at room 
temperature. At low temperatures an aluminium crystal of suitable 
orientation and purity will show stages I and II, but stage III is absent 
even after strains of 50 per cent.“® The relative magnitude of each 
of the stages is critically dependent on the testing conditions; both the 
arrangement of dislocations and the details of the slip process are likely 
to be different in each stage. Thus it is clear that any complete theory 
of work hardening will be far more complex than those which predict 
a simple parabolic relation between stress and strain.“* ® In fact, 
three different mechanisms of deformation, demanding three different 
theories of hardening, seem to be required for face-centred cubic 
metals, corresponding to the three stages in the stress-strain curve. 
The obvious questions to be answered are: what is the mechanism 
of deformation in each stage and what determines the end of one stage 
and the beginning of another? In the following sections the influence 
of variables such as orientation, temperature, composition, crystal size, 
surface condition and extraneous deformation, on each of the stages 
of the idealized stress-strain curve, will be described, and then an 
attempt will be made to correlate the wide variety of metallographic 
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observations on deformed single crystals with the influence of these 
variables. 


2. Stress—Strain Curves 


2.1. Easy Glide (Stage I) 
Attention was first drawn to the existence of easy glide as a general 
phenomenon by AnpDRADE and HeEenpeERson."”) However, previous 
workers had observed easy glide without attaching special significance 
to it. 

The early work of von GOLER and Sacus®” on «-brass showed that 
for suitable orientations glide strains of over 20 per cent occurred with 


Resolved shear stress,o g/mm? 


o 


oO} 


2 3 4 
Shear strain, % 
Fig. 5. Influence of orientation on the resolved shear-stress vs. shear- 


strain curve for crystals of aluminium (99-99 per cent Al) after LOcKE 
and LANGE"??? 


practically no hardening. Later, Mapprn et al.'**) found that stage I 
for a-brass ceased when secondary slip systems began to operate. 
OsswaLp,* for copper—nickel alloys, and Sacus and Weerts,'™) for 
silver-gold alloys, found regions of very low hardening up to glide 
strains of approximately 10 per cent. At low strains MILLER and 
MiILiican®) observed a “‘yield-point elongation’’ region of low harden- 
ing with single crystals of aluminium (99-95 per cent Al) and this seems 
to be one of the first observations of easy glide in a pure metal. Recent 
work has shown easy glide in aluminium,'**-**) copper,’ gold” 
and silver."!’, In the following discussion, attention is concentrated 
on the effect of the above variables on two parameters, the extent of 
and rate of work hardening in easy glide. 

2.1.1. Influence of orientation—The first parameter, the extent of the 
region of easy glide, depends critically on the orientation of the crystal 
relative to the direction of the applied stress. In general terms it can 
be said that as the orientation departs from [110] the extent of easy 
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glide decreases and the rate of hardening increases, with the reservation 
that for the exact [110] orientation little or no easy glide is observed. 

Mastne and Rarrecsrerer™® and Licker and Lance’) have 
investigated the influence of orientation for aluminium. Crystals of 
aluminium (99-99 per cent Al) with orientations in the middle of the 
standard triangle or towards the [110] corner showed extensive regions 


Fig. 6. Influence of orientation on the stress—-elongation curves for 
crystals of aluminium('**, 27) 


of easy glide, whilst crystals with orientations near [111] or [100] did 
not show any easy glide, but hardened rapidly in an approximately 
parabolic manner from the beginning of the test. Fig. 5 shows an 
example of the strong influence of orientation as observed by Liicke 
and Lange. Crystal 10R, with an orientation close to the centre of 
the standard triangle, deformed by slip on the primary system only 
and showed an extensive region of easy glide. Crystal 613R, with an 
orientation close to the [100] corner, where several slip systems are 
equivalent, deformed by multiple slip and showed very rapid hardening. 

The extent of easy glide decreases the closer the initial orientation 
is to those which give rise to multiple slip, i.e. the closer the specimen 
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axis is to the [100] or [111] corners, or to the [100]-[111] boundary. 
Typical results obtained by Mastne and Rarre.srerer™? (Fig. 6) 
show that the extent of easy glide is far greater for a crystal oriented 
near [110] than for one oriented near [111]. 

In general, the second parameter, the rate of hardening during easy 
glide, varies with orientation in a manner closely related to the varia- 
tion in the extent of easy glide, i.e. the shorter the region of easy glide 
the higher is the rate of hardening.’ *”) The influence of orientation 
on these two parameters for easy glide in aluminium as found by 
Liicke and Lange, and Masing and Raffelsieper, is confirmed by later 
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Fig. 7. Influence of orientation on the stress-strain curve for 
crystals of silver (99-93 per cent Ag)'®*? 


results of Lance and Licker," and by the results of SawkrL. and 
Garstone, HongycomBe and GreeTHam™ and 
McKrynon™) for aluminium of almost identical composition. 

The influence of orientation on easy glide in copper,'?®-3) 4-3) 
silver and gold, * is, in general, similar to the results described 
for aluminium, i.e. both parameters vary with orientation, the extent 
of easy glide decreasing and the rate of hardening increasing as the 
orientation goes from [110] to [111] or [100], or to the [111]-{100] 
boundary. Rost’s results for crystals of silver (99-93 per cent Ag) 
of various orientations tested at room temperature are shown in Fig. 7. 
The influence of orientation shown by these results is reasonably 
typical also of the behaviour of crystals of copper and gold’, 
tested at room temperature. The influence of orientation on the rate 
of hardening during easy glide, as obtained by Suzux1, Ikepa and 
Takevcui®? and Diexi™? for crystals of copper of the same purity 
(99-98 per cent Cu), are summarized in Fig. 8. The results show clearly 
that the rate of hardening increases as the orientation goes from [110] 


10 


aa 
“hig 
ay 
‘ 
33 
“Oy / 52 
42 
| 
37 
| 
| 
- 
4 
|_| 


WORK HARDENING OF METALS 


to [100] or [111], or to the boundary between [111] and [100]. However, 
Suzuki et al. find the highest rates of hardening for orientations near [100] 
whilst Diehl finds the highest rates for orientations near[{111]. It should 
be noted that Drzui®* found a variation of 15 per cent in the rate of 
hardening during easy glide for crystals of a given orientation. He 
attributes this scatter to inhomogeneous deformation along the length 
of crystals grown from the melt and it is likely that a similar error is 
involved in Suzuki's results. Such a variation does not explain the 
discrepancy between the two groups of observations, but it should be 
remembered that the rate of hardening is very sensitive to slight 
variations in orientation in regions close to these corners of the triangle. 


) 
2-32 110 077 076 341 
(a) (b) 


Fig. 8. Rates of hardening (kg/mm*) during easy glide for crystals 
of copper (99-98 per cent Cu) 
(a) DIEHL’s results obtained with crystals approximately 4 mm in 
diameter™® 
(6) Results of SuzuKt et al. obtained with crystals approximately 
2mm in diameter‘? 


For orientations near the {111]-{110] boundary no easy glide is 
observed near [111] but its occurrence becomes more pronounced as the 
orientation departs from [111]. Licker and Lane? and SawKILL 
and HonrycomsBe™” observed rapid hardening with no easy glide for 
crystals of pure aluminium oriented approximately 10° from [111]. 
For a crystal of gold oriented about twice as far from [111], easy glide 
was observed for approximately 15 per cent strain.@” A similar result 
was obtained by ANDRADE and HeNpeERsON."” Sawkill and Honey- 
combe considered that the behaviour of gold was anomalous compared 
with their aluminium crystal, but it is probable that the observed 
behaviour can be explained simply on the basis of the orientations of 
the crystals. 

Easy glide has usually been observed in tensile tests. For crystals 
oriented in the middle of the stereographic triangle, even though only 
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one slip system should operate after quite large glide strains, easy glide 
usually finishes long before the symmetry position corresponding to 
double slip is reached. In order to avoid the bending near the grips 
resulting from the rotation of the orientation during tensile tests, 
Roum and Kécuenporrer,’ following Bauscu™? and BureErRs 
and Lessrnk,"*” attempted to deform long crystals of aluminium in 
pure shear. These experiments showed extensive easy glide, but, as 
Reap has pointed out, it is very doubtful whether the crystals 
deformed in pure shear as the method of loading was such as to produce 
bending at the grips and tensile strain along the length of the specimen. 
Kanzaki" and and improved this technique 
in an endeavour to avoid tensile strain in the specimen, but failed to 
detect any easy glide in crystals of copper and gold respectively. 
PARKER and Wasnspvrn have developed a method in which speci- 
mens, cut from spherical single crystals by acid machining, can be 
deformed by pure shear on the slip plane in the slip direction. Using 
this technique, Epwarps, Wasupurn and Parker? found that, 
for suitably oriented crystals of copper, strains of 20 per cent in easy 
glide could be obtained at room temperature. Glide strains of this 
magnitude are much greater than the strains usually observed during 
easy glide for copper in tensile tests at room temperature,'**, %, 5%, 3) 
although such strains have been observed by ANDRADE and ABoav™®? 
in tensile tests on suitably oriented crystals of copper at 93°K. 

Patrerson™. *) has approached this problem of the rotation of the 
orientation during a tensile test in a different manner. He deformed 
single crystals of copper in alternating tension and compression, so 
that practically no rotation of the orientation occurred. With this 
method he found that the extent of the region of easy glide and the rate 
of work hardening varied with orientation in much the same way as 
found in tensile tests, i.e. orientations near [110] or in the middle of the 
triangle gave extensive easy glide and low rates of hardening, whilst 
orientations near [100] or [111], or near the boundary between these 
poles, gave rapid hardening. However, the important feature of 
Paterson's work is that shear strains of over 60 per cent in easy glide 
are observed in suitably oriented crystals. These strains are far greater 
than have been observed for similar crystals at room temperature in 
tensile tests. 

Rost’ found that the end of easy glide in copper and silver was 
characterized by a particular resolved shear stress in the primary 
system such that (Su S,) was constant for all orientations showing 
easy glide, where S, is the critical resolved shear stress for slip and S,, 
is the resolved shear stress corresponding to the end of easy glide. His 
analysis of Masine and RaFre.srerer’s results for pure aluminium 
showed the same behaviour. Although Garstons et al."*” found more 
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extensive easy glide than Rosi for crystals of copper of similar orienta- 
tion and purity, they confirmed his results on the constancy of the 
increment in resolved shear stress (S,, — S8,) observed during easy 
glide. However, Suzuki et al.*”) found that this increment increased 
as the orientation of crystals of copper approached any corner of the 
standard triangle. Similar results are reported by Dren..®” 

For copper S,, is usually of the order of 0-2 kg/mm?*, but Paterson, 
in reversed straining experiments, found that stage II did not commence 
until the resolved shear stress had reached 0-8 kg/mm* and in this 
respect his results disagree with the constancy of the increment in 
resolved shear stress in stage 1. However, Paterson’s testing conditions 
are not comparable with tensile tests, since they almost certainly give 
rise to different arrangements of dislocations within the crystal. The 
significance of this is discussed in section 4.6.2 

Buck.Ley and EnrwistLe? have correlated the termination of easy 
glide with the Bauschinger effect in single crystals of aluminium 
(99-996 per cent Al). They found relatively large Bauschinger strains, 
increasing with the strain, when the stress was reversed during easy 
glide, but that after the termination of easy glide the Bauschinger 
strain was approximately constant. Patrerson™ has also observed 
the Bauschinger effect in single crystals of copper, but does not relate 
his observations to orientation. 

It is clear from the experiments described in this section that 
orientation has a strong influence on the rate of hardening in stage I. 
Although we have consistently referred to stage I as easy glide, it 
should be noted that the rate of hardening may vary by almost an 
order of magnitude and the highest rates are only slightly less than those 
observed in stage II, for comparable orientations. All rates of hardening 
from the lowest to the highest are observed. 

2.1.2. Influence of temperature—Most experiments show that the 
extent of easy glide increases as the temperature decreases. However, 
the influence of temperature on the rate of hardening in easy glide is 
not so definite as, even in work where stress-strain curves have been 
determined over a wide range of temperature, it is difficult to separate 
the influence of temperature from the influence of orientation.“*, ™” 

For crystals of aluminium (99-99 per cent Al) of identical orientation 
in the middle of the triangle, GarsTonse ef al.” showed that the extent 
of easy glide increased as the temperature decreased, the glide strain 
corresponding to the end of stage I being approximately 50 per cent 
greater in a crystal tested at 77°K than in a crystal tested at 293°K. 
However, there is no noticeable difference in the rate of hardening 
during easy glide between 77°K and 473°K. In contrast to this, 
McKixnon™ found marked increases in the rate of hardening with 
decreasing temperature from 293° to 77°K for some rectangular crystals 
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of aluminium (99-992 per cent Al) while for others little change was 
observed. The rates of hardening for all crystals at 77°K were similar, 
but at room temperature variations in rate of hardening occurred 
according to the length of the glide path of the active slip system of the 
crystal and to the ratio of the lengths of glide paths of this system and 
the secondary systems (see section 2.1.5.) In these rectangular crystals 
the glide path was the dimension of the crystal in the direction of slip, 
These results suggest that in some cases a decrease in temperature 
favours an increase in rate of hardening during easy glide. 


* 


Fig. 9. Influence of temperature on the resolved shear-stress vs. 
shear-strain curves for crystals of copper of identical orientation'**’ 


ANDRADE and Apoav“ have made a detailed study of the influence 
of temperature on the extent of easy glide for crystals of copper of 
identical orientation and some of their results are shown in Fig. 9. 
The orientation used was near the [110] corner so that an extensive 
range of easy glide was to be expected. It can be seen from Fig. 9 that 
the most easy glide occurs for the crystal tested at 93°K, where a glide 
strain of nearly 20 per cent results before the onset of stage Il. The 
glide strain corresponding to the onset of stage II decreases as the tem- 
perature is raised and easy glide has practically disappeared at 623°K. 
A feature of these results is the insensitivity to temperature of the rate 
of hardening during easy glide, an increase in temperature from 93°K 
to 293°K producing no alteration in the rate of hardening. Similar 
results for crystals of copper were found by BLewirr™ and by ADAMs 
and Corrre.i. It is of interest to note that ANDRADE and ABoav"*? 
obtained easy glide strains of nearly 40 per cent for one particular 
orientation at 93°K. 

Earlier work of ANpDRADE and Henperson,"” on the effect of tem- 
perature on easy glide in gold, showed slight differences in the rate of 
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hardening, e.g. a crystal tested at 290°K hardened at a stightly higher 
rate than one tested at 93°K. However, in these experiments differences 
in orientation of the crystals were probably responsible for the apparent 
decrease in rate of hardening with decrease in temperature. In contrast 
to this work, Rosi and MatHEwson™® using aluminium (99-996 per cent 
Al) found that the rate of hardening during easy glide increased 
considerably as the temperature decreased from 353°K to 77°K. Once 
again, however, crystals of different orientations were used so that 
it is difficult to attach particular significance to the results. 

Rost suggested that the influence of temperature on the extent of 
easy glide could be inferred from a comparison of the extent of easy 
glide, at room temperature, for single crystals of copper, silver and 
aluminium of identical purity and almost identical orientation. He 
found that the extent of easy glide decreased and the rate of hardening 
increased as the melting point of the metal increased. It has subse- 
quently appeared that this comparison was not justified, as Rosi used 
the results of Lécksr and Lance” for aluminium, which were obtained 
with crystals 1-5 mm in diameter, whereas his crystals of copper and 
silver were 9-5 mm in diameter. The importance of crystal size in this 
respect is discussed below. However, if PaTERsON’s tensile results‘® 
on copper are compared with Lance and Ltcke’s results’ on 
aluminium, where the orientation, purity and size of specimen are 
similar, it is found that the extent of easy glide is greater in aluminium 
than in copper, in agreement with Rosi’s suggestion, although the rate 
of hardening is very similar. Translating these results into the influence 
of testing temperature would lead to the suggestion that the extent of 
easy glide decreased as the temperature decreased, since room tempera- 
ture is effectively a much lower temperature for copper than for 
aluminium. However, real significance can only be attached to the 
tests done at different temperatures on crystals of identical orientation 
and purity, which indicate that the extent of easy glide increases as the 
temperature decreases. 

2.1.3. Influence of composition—It was formerly considered that easy 
glide is favoured by high purity. ANDRADE and HENDERSON” made 
this suggestion as they found extensive easy glide in crystals of gold 
and silver of high purity, but not in crystals of nickel which were much 
less pure than those of gold and silver. Similarly, LUckr and Lancr®? 
and Masine and Rarrevsterer®®? found extensive easy glide in 
crystals of aluminium (99-99 per cent Al), but for crystals of lower 
purity (99-6 and 99-5 per cent Al) rapid parabolic hardening set in from 
the beginning of the test. The results of Liicke and Lange for two 
aluminium crystals of almost identical orientation, but of different 
composition, are shown in Fig. 10. Crystal 15 R (99-99 per cent Al) 
shows typical easy glide, whilst crystal 44T (99-6 per cent Al) shows 
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rapid parabolic hardening. This effect of impurities was no doubt 
responsible for the absence of easy glide in the early experiments on 
aluminium. The consequent undue importance attached to parabolic 
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Fig. 10. Influence of purity on the resolved shear-stress vs. shear- 
strain curve for crystals of aluminium of almost identical orientation.‘*” 
Crystal 44T, 99-6 per cent Al; Crystal 15R, 99-99 per cent Al 


hardening retarded recognition of the detailed form of the stress-strain 
curve for face-centred cubic crystals. 

The fact that easy glide is not always favoured by high purity was 
demonstrated conclusively by Rost‘ in tests on crystals of silver and 


Stress, kg/mm? 


Fig. 11. Influence of composition on the stress-strain curve for 
crystals of silver of almost identical orientation" 


copper of almost identical orientation, but of different composition. 
In contrast to the behaviour of aluminium, the extent of easy glide 
increased as the purity of the metal decreased. Rosi’s results for crystals 
of silver of various compositions are shown in Fig. 11. Copper behaved 
in a similar manner to silver, crystals of pure copper (99-999 per cent 
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Cu) showing less easy glide than crystals of O.F.H.C. copper (99-98 per 
cent Cu). Rosi considered that the difference in behaviour between 
aluminium on the one hand and copper and silver on the other was a 
result of the relative insolubility of the impurities in aluminium, as 
compared with the impurities in the copper and silver. In the crystals 
of impure aluminium (99-6 per cent Al) used by Liicke and Lange the 
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Fig. 12. Resolved shear-stress vs. shear-strain curves for crystals of 
dilute alloys of silver in copper 
2C-0°3 
3F-—0-6 ) wt. per cent silver 
1B-1-0 


major impurity was 0-26 per cent Si, whilst in Rosi’s silver crystals the 
major impurity was copper. 

CARLSEN and HonrycomBEe™) have shown that the extent of easy 
glide in single crystals of an aluminium-—copper alloy containing 
3-3 weight per cent Cu depends critically on the heat treatment. Easy 
glide occurred when the crystals were heat treated so as to produce a 
super-saturated solid solution, but for all conditions in which a finely 
dispersed second phase was present easy glide was absent and the 
crystals hardened rapidly in a parabolic manner. These experiments 
support Rosi’s suggestion that it is the solubility of various impurities 
that is the important factor for easy glide. 

A direct investigation of the influence of additions of an alloying 
element on the extent of easy glide, in crystals of copper at room tem- 
perature, has been made by GarstTone et al.“ The addition of silver 
or gold to copper produced a very marked increase in the extent of 
easy glide, and the effect increased as the concentration of solute 
increased. Their results for copper-silver alloys are shown in Fig. 12. 
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An increase in the silver content of the crystals from 0-3 to 1 weight 
per cent increased the shear strain corresponding to the end of easy 
glide from approximately 25 to 50 per cent. These large shear strains 
for the copper-silver alloys are to be compared with shear strains of 
approximately 6 per cent at the end of the easy glide range for their 
crystals of pure copper of similar orientation. Even though the extent 
of easy glide is increased drastically by additions of silver, the rate of 
hardening is hardly affected. Similar results are reported for copper- 
gold alloys.“ These results are in agreement with Rossi's on silver‘®® 
and in both cases the influence of composition on the rate of hardening 
during easy glide is very small and much less than the influence of 
orientation. 

In general, crystals of solid solutions show more easy glide than 
crystals of pure metals of similar orientation and the classical example 
of this behaviour has been «-brass. However, it is doubtful whether the 
extremely low hardening observed in «-brass should be classified as 
normal easy glide, since Prercy, Cann and CorrretLt®” have shown 
that this range is associated with the passage of a Liiders band along 
the specimen. In fact, they find that the local strain within the Liiders 
band is the same as the total strain at the end of stage I and that the 
end of stage I corresponds to the completed passage of the Liiders band 
through the crystal.* 

2.1.4. Influence of crystal size—A major difference in many investi- 
gations of stress-strain curves of face-centred cubic metals is the size 
and shape of the specimens used. Round, square, rectangular and, in 
some cases, tapered crystals have been used and the diameter of round 
crystals has varied by an order of magnitude. In different investigations 
on crystals of almost identical orientation and purity, at room tempera- 
ture, a wide variation in the glide strain corresponding to the end of easy 
glide is obtained. The size of the specimens used is the only obvious 
difference in these studies, e.g. PareRson™® found far more easy glide 
in crystals of copper 1-5 mm in diameter than was observed by Rosi) 
in crystals of identical purity and very similar orientation, but 9-5 mm 
in diameter. Similarly, ANDRADE and HenpeErson,"”) using crystals 
of silver approximately 1-5 mm in diameter, found more extensive easy 
glide than Rosi using crystals 9-5 mm in diameter. 

Recently Suzuki ef al.7) have made a systematic investigation of 
the influence of crystal size on the form of the stress-strain curve for 
crystals of copper (99-98 per cent Cu). The radii of the crystals were all 
less than | mm. Their results for crystals with orientations near [110], 
which show extensive easy glide, are given in Fig. 13. For crystals 

* It is possible that the propagation of Liiders bands would be observed in crystals 


of pure metals if the rate of work hardening were low enough (A. H. CoTtRELL, private 
communication). 
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with identical orientation the extent of easy glide increases markedly 
as the radius of the crystal is reduced, a decrease in radius of approxi- 
mately 50 per cent producing an increase in easy glide strain of 
approximately 50 per cent. The largest crystal (88b), with the shortest 
range of easy glide, shows a more rapid rate of hardening than the 
others but, in general, the rate of hardening for these orientations is 
not influenced by a decrease in radius for radii less than 0-5 mm. 
Remarkable features of these results are the large glide strains and the 
very low rates of hardening obtained with these very small crystals. 


T 


Fig. 13. Influence of crystal size on the resolved shear-stress vs. shear- 
strain curve for crystals of copper.'*”) r is the radius of the crystal 


The extent of easy glide, which in some cases is in excess of 40 per cent, 
is much greater and the rate of hardening much lower than observed 
by others in tensile tests at room temperature on larger crystals,'?*, *. 
32, 4) e.g. the rate of hardening for crystal 128e is 0-83 kg/mm? (per 
unit strain). In particular, there are many cases for these small 
crystals where the rate of hardening is less than that obtained by 
Epwarps et al.“® for the deformation of crystals of copper in pure 
shear. 

For crystals oriented in the vicinity of [100] the general behaviour 
is the same as for crystals oriented near [110]. However, the following 
differences arise when the orientation is very close to [100]. For 
orientations between 3° and 6° of [100] the rate of hardening varies 
with crystal size, being greater in the larger crystals. However, for 
orientations within 3° of [100] the influence of size is reversed, the 
smaller crystal hardening at a more rapid rate and giving a shorter 
stage I than the larger crystal. Although stage I was observed in the 
stress-strain curves for these crystals, the rates of hardening were 
13-4 kg/mm* (crystal radius 0-156mm) and 9-25 kg/mm? (crystal 
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radius 0-245 mm) which are more characteristic of rates of hardening 
in stage II than in stage I. 

GaRsTONE et al.” investigated the influence of size on the extent of 
easy glide, for much larger crystals of copper than those used by 
Suzvxi et al.,") and found similar behaviour. The crystals were of 
identical orientation near the centre of the standard triangle and the 
radii used were 2-38, 3-18 and 4-76 mm. The extent of easy glide was 
greatest for the smallest crystal which gave a glide strain of approxi- 
mately 1-5 per cent at the end of easy glide. For similarly oriented 
crystals of much smaller radii (~ 0-2 mm), Suzuki ef al. obtained 
glide strains of 25 per cent before the onset of stage Il. For their 
relatively large crystals, Garstone ef al. found that the rate of hardening 
increased slightly with increasing radius. Resstock’” used crystals 
of copper of a similar size and orientation to those of Garstone ef al. 
and confirmed that the extent of easy glide increased as the size of the 
erystal decreased. However, he did not detect any variation in rate 
of hardening with decrease in crystal size. 

2.1.5. Influence of crystal shape—Early experiments on rock salt?) 
showed that the favoured slip system was that with the shortest ‘‘glide 
path,”’ i.e. the dimension of the crystal in the direction of slip. Wu and 
SMOLUCHOWSKI™? in some experiments on single crystals of aluminium, 
of rectangular cross-section 0-2 x 2mm and 2 cm long, found that, in 
some cases, the first slip system to operate was not that predicted by the 
usual criterion of maximum resolved shear-stress, but was that for which 
the length of the glide path was a minimum. 

In a recent paper McKixnon™ has distinguished between size 
effects and shape effects. For round crystals an increase in diameter 
always results in an increase in the length of the glide path. However, 
this is not always the case for crystals of general shape. For these, an 
additional variable is introduced because, even in crystals in which the 
orientation of the direction of stress relative to the crystallographic 
axes is identical, the dimension of the crystal in the active slip direction 
may vary. For example, in rectangular crystals, as used by McKinnon, 
“long glide path”’ crystals have their primary slip direction parallel to 
the wide faces of the specimen and in “short glide path”’ crystals this is 
parallel to the narrow faces. In other words, the shortest glide path is 
obtained when the angle between the operative slip direction and the 
trace of the slip pane on the wide face is 90° and the length of the glide 


path increases as this angle decreases. Thus it is possible for two 
rectangular crystals of identical orientation, but of different size, to have 
the same length of glide path and, conversely, two crystals of identical 
orientation and size may have different lengths of glide path. McKinnon 
studied the influence of length of glide path for rectangular crystals of 
aluminium (99-992 per cent Al) (cross-section ~ 7mm X 2mm) of 
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the same size and with similar orientations of the specimen axes. He 
found that, for two crystals of very similar orientation, the one with the 
short glide path showed a greater extent of easy glide and a lower rate 
of hardening during easy glide than the one with the long glide path. 
This result is in general agreement with others on the influence of size 
for round crystals. However, the length of the glide path is not the 
controlling factor in determining the rate of hardening during easy 
glide, since crystals with the same length of glide path, but with 
different orientations, show different rates of hardening. In fact, 
McKinnon has shown that a crystal with a long glide path can be made 
to harden at the lower rate characteristic of a crystal with a short glide 
path by suitable adjustment of orientation. 

In more detail, McKinnon concludes that for a given orientation the 
length of the glide path for the primary system is not of itself the 
controlling factor, but rather the ratio of the lengths of the glide paths 
of the primary system and the most highly stressed secondary system. 
Extensive easy glide and low rates of hardening during easy glide are 
favoured when this ratio is small. 

The geometrical result of changing the orientation from [110] to 
the [111]-{100] boundary is an increase in the length of the operative 
slip direction, but from McKinnon’s results it is clear that this change in 
length of glide path is not the major cause of the influence of orientation 
discussed in section 2.1.1. However, it is likely that for round crystals 
of identical orientation the pronounced effect of size on the extent of 
easy glide is directly associated with the length of the glide path. The 
relation of this to the ease with which dislocations can leave the crystal 
is discussed in detail in section 4.6. 

2.1.6. Influence of surface condition—Many experiments have shown 
that oxide and hydroxide films have a pronounced effect on the plastic 
behaviour of hexagonal single crystals (cf. section III, 2.4), However, 
comparatively little work has been done on the influence of surface 
films for face-centred cubic metals. The experiments of ANDRADE and 
HENDERSON” suggested that a thin oxide film on the surface of a 
crystal of silver resulted in a drastic curtailment of easy glide. Their 
results are shown in Fig. 14. Curve 17 was obtained with a crystal 
cleaned by evaporation in vacuum at 900°C and then maintained in dry 
argon, whilst curve 18 was obtained “‘with a crystal prepared at the 
same time’’ and “treated in exactly the same way” except that it was 
exposed to air for 2 hr before testing. Both tests were done at 20°C. 
The clean crystal gave an easy glide strain in excess of 25 per cent whilst 
the crystal exposed to air only gave an easy glide strain of approximately 
8 per cent before rapid hardening commenced. Andrade and Henderson 
do not specify the orientation of the crystals and this extraordinary 
difference in behaviour could be explained by a difference in orientation. 


21 


i 
. ae 
4 
ae 
‘ 
ee, 


PROGRESS IN METAL PHYSICS 


For example, a similar difference in the strain corresponding to the end 
of easy glide has been obtained, at room temperature, by varying the 
orientation of crystals of copper from near [110] to near the [111}]-{100] 
boundary.) 

It is likely that the influence of an oxide film is exaggerated in the 
work of Andrade and Henderson as it receives little support from other 
experiments. Rosi found a large variation in the extent of easy 
glide for crystals of silver of different orientation. He took no pre- 
cautions to protect the crystals from the atmosphere and the influence 
of orientation was clear despite the possible restrictions imposed by 
oxidation. The extent of easy glide observed by Rosi was much smaller 


Resolved shear stress, /mm* 


10 20 
Shear strain, » 4 


Fig. 14. Resolved shear-stress vs. shear-strain curves for crystals of 
silver. Curve 18 is for a clean crystal after exposure to the atmosphere 
for 2 hr and curve 17 is for a clean crystal maintained in dry argon''”’ 


than observed by Andrade and Henderson, but this difference was 
probably due to the large difference in the diameters of the crystals. 
Similarly, Parerson’s observations™’ on easy glide in copper were 
made at room temperature with the crystals exposed to the atmosphere. 
No influence of an oxide film was detected even when the film was thick 
enough to be visible. Again, glide strains in excess of 40 per cent were 
obtained by Suzuki et al.” for small crystals of copper without taking 
any precautions to protect them from the air. It would be expected 
that any influence of an oxide film in restricting easy glide would be 
more pronounced in these small crystals. It is possible that oxide 
films play some part in limiting the extent of easy glide in face-centred 
cubic metals, but more experiments on crystals of identical orientation 
and size are needed. 

GARSTONE et al.@® investigated the influence of electro-deposited 
layers on the extent of easy glide in copper crystals. Their results for 
an unplated and a plated crystal are given in Fig. 15. The orientations 
of the crystals were such that a definite region of easy glide occurred 
(curve 1). A plated layer of nickel 10~ cm thick had very little effect 
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on the stress-strain curve, but the addition of 10-4 cm of chromium 
to the nickel layer resulted in complete suppression of easy glide 


(curve 2). In addition, before plating, the crystal showed the two linear 


stages in the stress-strain curve which are usually observed for copper 


at room temperature, but after plating the stress-strain curve was 
approximately parabolic. However, these results are ambiguous, as it 
appears from the description of the experiment that the plated crystal 
was tested after nickel-plating, then further plated with chromium and 
re-tested. If this was, in fact, the procedure it is not surprising that 


easy glide was absent in the second test. 
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Fig. 15. Influence of plated layers on the extent of easy glide in 
crystals of copper of almost identical orientation'*® 


(1) Unplated crystal 
(2) Crystal plated with nickel and chromium 


Similar but more detailed experiments have been reported recently 
by Rost? on silver-plated crystals of copper 9-5 mm in diameter. 
tosi compared the stress-strain curves obtained from unplated crystals 
with those obtained for crystals of identical orientation given either of 
the following treatments: 

(1) plated with a layer of silver 4 x 10~* cm thick; 
(2) plated as for (1) and annealed to produce an alloyed layer which 


extended from the surface to a depth of 3 « 10-* em. 


The results obtained depended on orientation. Crystals oriented near 
[111], so as to deform immediately by multiple slip, were not influenced 
by the addition of the plated layer, but after annealing to allow 
diffusion an easy glide region appeared despite the orientation. For 
crystals oriented towards the middle of the triangle so as to show 
easy glide, the plated layer reduced the extent of easy glide slightly, 
but after the annealing treatment the extent of easy glide increased 
dramatically. The results are illustrated in Fig. 24, section 2.2.3. 
The reduction in the extent of easy glide due to the plated layer alone 
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was much smaller than that reported by Garstone ef al., but this is 
not surprising since the crystals used by Rosi were much larger. 

The results of Rosi and Garstone et al. show a clear distinction 
between the effects of plated layers and an alloyed surface. A plated 
layer alone tends to reduce the extent of easy glide, but when this is 
transformed into an alloyed surface the extent of easy glide increases. 
This result is in general agreement with the influence of alloying 
discussed in section 2.1.3. More detailed work, particularly on the 
influence of oxide films and plated layers, is required to clarify the role 
of such surface conditions on the extent of easy glide. 

2.1.7. Influence of extraneous deformation—To observe the effect of 
slip on planes other than those acting during straining in tension, 


Resolved shear stress, g/mm? 


Shear strain,% 
Fig. 16. Resolved shear-stress vs. shear-strain curve for a single crystal 
of aluminium (99-996 per cent Al) before and after applying a torsional 
strain, giving a surface shear strain of 3 x 10~*. Torsional strain 
applied at A‘*) 


Paxton and Corrre.L™ investigated the influence of interrupting a 
tensile test during easy glide and then applying a small torsional strain 
to the crystal before continuing the straining in tension. One of their 
results for a crystal of aluminium (99-996 per cent Al) oriented so as 
to show a short range of easy glide is given in Fig. 16. The tensile 
test was interrupted at a glide strain of approximately 0-6 per cent 
and then the crystal was given a slight torsional strain, corresponding 
to a surface shear of approximately 3 x 10~*, before the tensile 
straining was continued. The immediate effect of the torsional strain 
was a sudden increase in the tensile stress necessary to continue plastic 
deformation. In addition, the rate of hardening during easy glide after 
the torsional strain was greater than the original rate. 

Experiments similar to those of Paxton and Cottrell were carried 
out by Resstock') on crystals of copper (99-98 per cent Cu). 
He avoided much of the inhomogeneity arising from deformation in 
torsion by using tubular single crystals with an external diameter of 
5-5 mm and a wall thickness of 0-75 mm. Similarly to Paxton and 


24 


A 
100 
| 1 2 
| 
= 
a4 
= 
< 


WORK HARDENING OF METALS 


Cottrell, he found that the application of a small torsional strain, after 
interrupting the tensile straining during the easy glide region, resulted 
in a marked increase in the tensile stress necessary to continue the 
tensile strain and an increased rate of work hardening for the remainder 
of the easy glide region. 

Paterson) has studied the effect of prior torsional strain on the 
stress-strain curves obtained in alternating tension and compression 
for crystals of copper. He used two crystals oriented so as to show 
extensive easy glide; one was twisted to a surface shear strain of 0-02 
and then twisted back and the other twisted to a surface shear strain 
of 0-1 and then twisted back. In both cases the resolved shear stress 
for slip in tension was increased considerably but, in contrast to 
Paxton and Cottrell, and Rebstock, the rate of hardening during easy 
glide was less than for undeformed crystals. However, some part of 
this difference probably has its origin in the totally different method 
of straining used by Paterson. 

McKiynon“* has examined the effect of bending and re-straighten- 
ing his rectangular crystals of aluminium on the extent of easy glide 
in subsequent tension. The crystals were bent to a radius of approxi- 
mately 10 cm about an axis perpendicular to the narrow side. For one 
crystal the slip system operating during bending was the same as that 
operating during subsequent tension and McKinnon found that the 
effects of the bending were an increase in the yield stress and a slight 
reduction in the extent of easy glide. However, the rate of hardening 
during easy glide was not affected. He considered that the slight 
reduction in the extent of easy glide was due to the fact that part of 
the easy glide strain in tension had been used up by the operation of 
the same slip system during prior bending. For another crystal the 
conjugate system was the only operative one during bending and he 
found that the yield stress increased in subsequent tension, but the 
extent of easy glide was unaffected by the bending. Again, the rate of 
hardening during easy glide was not increased by bending but was, in 
fact, slightly reduced. 

McKinnon also applied a more general prior deformation by quench- 
ing a crystal from 620°C before testing in tension. This treatment 
caused slip activity at the surface of the crystal on the four octahedral 
planes. Although the yield stress was raised considerably by this 
treatment, in agreement with the results of Mapprin and CoTrRELi,®) 
the extent of easy glide was increased and the rate of hardening during 
easy glide reduced. This result is discussed in section 4.6.6. 


2.2. Linear Hardening (Stage 11) 


Although early experiments on the stress-strain curves of face-centred 
cubic metals did not show easy glide, some of the early curves were 
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not strictly parabolic, but showed a stage in which the stress was a 
linear function of the strain before parabolic hardening commenced. 
Figure 17, taken from the paper by Sacus and WeeErts,') shows ex- 
cellent examples of linear hardening in copper, gold and silver. Stage LI is 
least pronounced in gold, but copper and silver show extensive linear 
hardening. Similar results were obtained by Sachs and Weerts for 
silver-gold and copper-gold alloys and von GOLER and Sacus‘*!) 
observed a marked linear hardening stage in «-brass. Recent results 


Lod 


Resolved shear stress, kg/mm? 


20 HD 8 
Shear strain, % 


Fig. 17. Resolved shear-stress vs. shear-strain curves for single 
crystals of copper, gold and silver'*” 


have shown that stage II is characteristic of all face-centred cubic 
metals, if the temperature of testing is not too high. 

2.2.1. Influence of orientation—The experiments outlined in section 
2.1.1. show that orientation has a very pronounced effect on the extent 
of easy glide and the rate of hardening during easy glide. In fact, the 
rate of hardening in stage I can be changed by nearly an order of 
magnitude for a suitable change in orientation.“* The influence of 
orientation on the extent of linear hardening is less readily defined. 
The total glide strain corresponding to the end of linear hardening 
decreases and the rate of hardening increases as the orientation goes 
from [110] to [111] or [100], or to the [111]-{100] boundary. At the 
same time the extent of stage II itself tends to increase slightly, if 
measured in terms of glide strain, but increases considerably if measured 
in terms of stress (Fig. 21). The influence of orientation on the rate 
of hardening is not nearly so obvious for stage II as for stage I, as the 
rate varies by a much smaller factor in stage LI than in stage I. 

For aluminium tested at room temperature some of Licker and 
LANGE’s results‘?”) show a short range of linear hardening before the 
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Fig. 18. Resolved shear-stress vs. shear-strain curves for single 
crystals of aluminium (99-994 per cent Al); (a) tests at 78°K; (b) 


tests at 4-2°K 
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onset of stage III. However, this only occurs for orientations which 
show extensive easy glide and the more usual result for aluminium, at 
room temperature, is for easy glide to be followed almost immediately 
by parabolic hardening (stage II1). Lancer and Licks found that 
the rate of hardening in stage II increased as the orientation changed 
from near [110] to the [111}-{100] boundary, or towards the [100] and 
[111] corners of the triangle. At room temperature these trends are 
not nearly as marked in aluminium as they are in copper and silver 


Strain 


Fig. 19. Influence of orientation on the stress-strain curve for 
crystals of copper (99-98 per cent Cu)'*”’ 


because of the difficulty of separating stages IT and III for crystals of 
aluminium. 

A clear indication of the influence of orientation on the rate of 
hardening in stage II for aluminium is found in the results of NoGeLe 
and Korsier.”* The stress-strain curves for crystals of various 
orientations were obtained at 78° and 4:2°K. At these low tempera- 
tures the linear hardening stage for aluminium is very clearly defined 
as shown in Fig. 18. Stage I is not very marked even at these low 
temperatures, but this is not surprising since the crystals were 1 cm 
square. It can be seen from Fig. 18 that the rate of hardening during 
stage II increases as the orientation changes from the vicinity of [110] 
to the vicinity of [100}. 

In contrast to aluminium, linear hardening is readily observed in 
copper at room temperature.'®*, 92, 96-38, 5%) Rosi’s results for 
copper (99-98 per cent Cu) are shown in Fig. 19. The rate of hardening 
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obviously increases as the orientation goes from [110] to [111] or [100], 
or the boundary [111]-{100]. The influence of orientation on rates of 
hardening in stage II, for crystals of copper of identical purity, as 
found by Rost, and Suzuki et al.“? are given in Fig. 20. 
In all cases the general trend of orientation is clear and the results of 
Rosi and Suzuki ef al. indicate that the rate of hardening in stage IT is 
greatest for crystals oriented near [100] where eight slip systems are 
equally favoured. Similar results were obtained by Rosi for silver. 

As shown by Diehl, the total glide strain corresponding to the end 
of the linear hardening stage decreases, and the resolved shear stress 
increases, as the orientation approaches the [111] or [100] corners, or 


134 130 


) 
Ros Suzuki ef 


Fig. 20. Rates of hardening (kg/mm*) for crystals of copper (99-98 % 
Cu) in stage II. The diameters of the crystals used by Rosi, Diehl and 
Suzuki et al. were 9-5 mm, 4 mm and 2 mm respectively 


the [111}-{100] boundary, ie. as the rate of hardening in stage II 
increases, the glide strain corresponding to the onset of parabolic 
hardening decreases. This trend is related to the extent of easy glide, 
in that orientations which produce extensive easy glide show the lowest 
rates of linear hardening and the smallest increments in shear stress in 
stage II before the onset of stage III. Diehl’s stress-strain curves 
covering the three stages in crystals of copper of different orientation 
are given in Fig. 21. 

At low temperatures the influence of orientation on the rate of 
hardening in stage II is still well defined. The results of BLewrrrt, 
Co_tTMAN and RepmMan for crystals of copper tested at 4-2°K in- 
dicated similar rates of hardening for crystals oriented near [111] and 
[100] but a lower rate for a crystal oriented near [110]. Similar be- 
haviour was found by ANpRApE and ABpoav"*) for crystals of copper 
and gold tested at 93°K. 

2.2.2. Influence of temperature—The range of linear hardening 
extends to larger glide strains as the temperature decreases. However, 
the rate of hardening is not influenced to any extent by variation in 
temperature. This behaviour is similar to the effect of temperature on 
easy glide. 
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For aluminium, stage II is often not observed at room temperature, 
but at low temperatures linear hardening continues to large glide 
strains. Results of Nocete and Kornier™ showing the strong 
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Fig. 21. Influence of orientation on the resolved shear-stress vs. shear- 
strain curve for crystals of copper. The serifs mark the beginning and 
end of stage II" 
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Fig. 22. Influence of temperature on the shear-stress vs. shear- 
strain curve for crystals of aluminium (99-994 per cent Al)" 


influence of temperature on the stress-strain curve for crystals of 
aluminium are shown in Fig. 22. At 295°K the curve is essentially 
parabolic, as stage II, if it is present at all, has ceased at a glide strain 
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of approximately 4 per cent. At 78°K stage II extends to glide strains 
of approximately 10 per cent, but at 4°K it continues to glide strains 
in excess of 50 per cent. 

ANDRADE and HENprERsoN"” have observed linear hardening in 
gold, silver and nickel. For gold a decrease in temperature from 290°K 
to 93°K increases the glide strain corresponding to the end of stage II 
from approximately 10 per cent to approximately 50 per cent, but does 
not alter the rate of hardening. At high temperatures (603°, 687°, 
766°K) stage II is absent and the curves show a short easy glide region 
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Fig. 23. Influence of temperature on the shear-stress vs. shear- 
strain curve for crystals of copper of identical orientation” 


followed by parabolic hardening. Similar results were obtained for 
copper and nickel. Crystals of various orientations were used in this 
work, but this should not influence the results greatly since the effect 
of orientation is much smaller for stage [I than for stage I. 

The relative insensitivity of the rate of hardening in stage II to 
changes in temperature is shown by the results of ANDRADE and 
Apoav™®* on crystals of copper of identical orientation. As shown in 
Fig. 9, the rate of hardening is very similar for a variation in tempera- 
ture from 93°K to 493°K. However, the glide strain corresponding to 
the end of stage II decreases for temperatures in excess of 493°K; at 
823°K stage II has disappeared completely and the stress-strain curve 
is accurately parabolic from the beginning of the test. 

Biewirt et al.) determined stress-strain curves for crystals of 
copper (99-999 per cent Cu) at much lower temperatures than Andrade 
and Aboav. Their results are shown in Fig. 23. In agreement with 
other results the rate of linear hardening is unchanged for a variation 


3l 


Ne 
| 
+ + + 
; 
Li | 
: 
| 
\ 
a 305A deformed at 300°K 
abe | | | | | 
| | | | 
1 


PROGRESS IN METAL PHYSICS 


in temperature from 300°K to 4-2°K; however, the extent of linear 
hardening increases in a striking manner at very low temperatures. 
At 300°K the transition from stage II to stage III occurs at a glide 
strain of approximately 20 per cent, but at 4-2°K the crystal is still 
hardening linearly for a glide strain in excess of 70 per cent. Similar 
results were obtained by ApaMs and CorrreL.L™® for crystals of copper 
tested at 473° and 90°K. 

2.2.3. Influence of composition, surface condition and crystal size— 
The extent of and the rate of hardening in stage II are not nearly 
as sensitive to composition and surface condition as are these para- 
meters for stage I. From the stress-strain curves of Sacus and 
Weerts™ for a series of gold-silver alloys, it appears that a larger 
range of linear hardening is obtained with the alloys than with either 
of the pure metals. JaovL"*” has shown that there is more extensive 
linear hardening in aluminium alloys than in pure aluminium. The 
transition from stage II to stage III moves to higher stresses as the 
concentration of alloying element in aluminium is increased, for 
aluminium—copper and aluminium—zine alloys. 

Rosi's results for crystals of silver of varying composition, 
shown in Fig. 11, indicate that the rate of hardening in stage II 
decreases as the purity of the silver decreases. Copper was the main 
impurity in each grade of silver. A smaller, but similar, effect was 
found by Rosi for two grades of copper. Crystals of copper (99-999 per 
cent Cu) hardened at a slightly greater rate than crystals of lower 
purity (99-98 per cent Cu). GarsTone ef al.“ did not detect any 
marked decrease in the rate of linear hardening with increasing silver 
content for a series of dilute alloys of silver in copper. Their results 
indicate that there may be a slight decrease in the rate of hardening as 
the silver content of the crystals increases, but, as the crystals differed 
in orientation, no definite conclusions can be drawn. 

The recent results obtained by Rost? on the influence of a plated 
and diffused layer on copper, discussed in section 2.1.6, show that the 
rate of linear hardening is not influenced by an electro-deposited layer 
alone, but after annealing to allow diffusion the rate of linear hardening 
decreases. For crystals oriented near [111] the rate of hardening 
decreases from 22-1 to 18-5 kg/mm?*, whilst for crystals oriented near 
the centre of the triangle the rate of hardening decreases from 13-1 to 
11-6kg/mm*. The results for orientations near the middle of the 
standard triangle are shown in Fig. 24. 

The influence of crystal size on the rate of hardening in stage II was 
investigated by Suzuki et al.'*”) for copper and the results obtained 
depended on the orientation of the crystals. Practically no influence of 
size was detected for orientations near [110] where crystals approxi- 
mately 2mm in diameter hardened at a rate of 11 kg/mm?*, whilst 
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those approximately 0-2 mm in diameter hardened at a rate of 10-7 kg/ 
mm?*. Crystals oriented near [100] behaved in a very different manner. 
Crystals oriented between 4° and 11° of [100] gave rates of hardening 
which decreased with size, whilst crystals within 4° of [100] gave rates 
of hardening which increased as the size decreased. Using larger 
crystals Resstock” found no variation in the rate of hardening in 
stage II with crystals of various sizes oriented near the middle of the 
triangle. 

For rectangular crystals of aluminium of nearly identical orientation 
McK rynon* found that crystals with a long glide path hardened more 
rapidly in stage II than those with a short glide path. 


Fig. 24. Stress-strain curves for crystals of copper (99°98 per cent Cu) 

of identical orientation with different surface conditions.*”) 3A etched 

with nitric acid, 3B 4 « 10~-* em of silver plate, 3C copper-silver alloy 
surface 


The experimental evidence does not allow the influence of com- 
position, surface condition and crystal size to be defined as clearly for 
stage II as for stage I. However, it appears that those factors which 
tend to increase the extent of easy glide tend to decrease the rate 
of hardening in stage II and cause the onset of stage III at lower 
stresses. 

2.2.4. Influence of extraneous deformation—ReEBstock and SEEGER, 
Maper and Resstrock) have investigated the influence of 
interrupting a tensile test during stage II, applying a small torsional 
strain and then continuing the tensile deformation. Tubular single 
crystals were used (cf. section 2.1.7) and some selected results are 
shown in Fig. 25. Crystals A, B and C were of identical orientation. 
Crystal A was tested only in tension and gave the normal behaviour, 
an easy glide stage followed by a linear hardening stage. The tensile 
deformation of crystal B was interrupted in the linear hardening stage 
at a shear strain of approximately 0-16 and the crystal given a twist 
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corresponding to a surface shear strain of 0-02. The result of the tor- 
sional strain was an immediate increase in the stress needed to continue 
further tensile deformation. During subsequent tensile strain the rate 
of hardening at the beginning was slightly less than that of the 
untwisted crystal, but soon settled down to the same rate as that of the 
untwisted crystal. The tensile deformation of crystal C was inter- 
rupted at a shear strain of approximately 0-2 and then the crystal was 
twisted to a surface shear strain of 0-03. The subsequent behaviour on 
continuing the tensile strain was similar to that of crystal B. The only 
difference in behaviour between crystals B and C was that a larger 
increment in stress was needed to initiate tensile strain after twisting 
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Fig. 25. Resolved shear-stress vs. shear-strain curves for tubular 

crystals of copper (99-98 per cent Cu) tested at room temperature. Tests 

were interrupted at points shown by the arrows for application of 
torsional strains giving surface shear y‘*? 


in crystal C than in crystal B, as a result of the greater torsional strain 
given to crystal C. 

To investigate whether the rate of hardening in stage II could be 
altered by the continued operation of secondary slip systems, Seeger 
et al. interrupted the tensile deformation of crystal D (Fig. 25) after a 
shear strain of 0-2 and then applied alternate increments of torsional 
and tensile strain. Constant increments of torsional strain, giving 
surface shears of 0-006, and constant increments of tensile strain, 
giving shear strains of 0-02, were used. This alternate torsional and 
tensile straining produced a stepped stress-strain curve and the slope 
of the line drawn along the base of the steps (Fig. 25) indicates that the 
rate of hardening in stage II is increased by the continued application 
of small twists. 

2.2.5. Influence of temperature on flow stress after pre-strain—As will 
be discussed in section 4, various types of interaction between dis- 
locations are involved in plastic deformation. One type of interaction, 
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the cutting of screw dislocations through one another, is temperature- 
dependent, whereas another, the formation of sessile dislocations, 
does not depend on thermal activation. In order to obtain information 
about interactions between dislocations according to their relative 
dependence on temperature, CorrreELL and Sroxes‘®) and ADAMS 
and CoTrrrELL®) have measured the change in flow stress, with change 
in temperature, of pre-strained single crystals of aluminium and 
copper respectively. Cottrell and Stokes found that, for crystals of 
aluminium (99-992 per cent Al), the ratio of the flow stresses at 90°K 
and 293°K was constant for pre-strains from 10 to 50 per cent elonga- 
tion. Similarly, Adams and Cottrell found that, for crystals of copper 
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Fig. 26. The difference in flow stress between 90° and 293°K (a, — 

Gy93) a8 a function of the flow stress at 293°K for single crystals of 

copper. 4, is the initial flow stress. The full circles represent results 

obtained in tension only, whilst the open circles represent results 
obtained after one or two intermediate twists'*® 


(99-999 per cent Cu), the ratio of the flow stresses at 90°K and 473°K 
was constant for pre-strains from 15 to 30 per cent elongation. From 
their results these authors conclude that the temperature-dependent 
part of the flow stress is proportional to the total flow stress for a wide 
range of plastic strain. This in turn implies that thermally activated 
interactions are increasing in proportion to the plastic strain. 

SEEGER et al.‘ and Resstock®» have shown that, although 
thermally activated interactions increase with strain, they are not 
important for the rapid hardening observed in stage Il. Following 
Cottrell and Stokes, and Adams and Cottrell, they measured the change 
in flow stress of crystals of copper at different temperatures. The 
crystals were oriented so as to show a region of easy glide followed by 
linear hardening. The flow stress was measured at 293°K and 90°K 
for pre-strains in the easy glide and in the linear hardening regions. 
Their results are shown in Fig. 26. The temperature-dependent part 
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of the flow stress (o4) — ¢993) is approximately proportional to the flow 
stress dy, for all pre-strains, so that interactions between dislocations 
involving thermal activation are not responsible for the increased rate 
of hardening on going from stage I to stage II. This was further 
convincingly demonstrated by following various tensile pre-strains 
with torsional strains and then measuring the difference in flow stress 
at 293°K and 90°K. Although the effect of the torsional strain would 
be an increase both in the number of dislocations intersecting the pri- 
mary slip plane and in the flow stress, an identical proportionality 
between the temperature-dependent part of the flow stress and the 
total flow stress was obtained. 


2.3. Parabolic Hardening (Stage 111) 


The onset of stage III is characterized by a decrease in the rate of VOL. 
hardening from the high rate obtaining in stage II. In stage III the 
relation between stress and strain is essentially parabolic, initially at 
least, and this stage corresponds to early work where parabolic harden- 
ing was obtained for crystals of impure aluminium irrespective of 
orientation.‘ 

2.3.1. Influence of orientation—The influence of orientation on the 
rate of hardening in stage III is not marked, all orientations within 
the triangles showing a similar rate of hardening. However, orienta- 
tions close to [111] and [100] show very different behaviour from one 
another. This difference is shown by the results of Lance and Ltcke®? 
for crystals of aluminium in Fig. 27. A crystal oriented at [111] shows 
very rapid hardening (curve 9%) and the rate of hardening is higher 
than that observed for a polycrystalline specimen of the same material. 
A crystal oriented at [100] begins to harden at the same high rate 
(curve 3) but at a glide strain of approximately 6 per cent the rate of 
hardening decreases very sharply. Similar behaviour can be detected of 
in the results of LOcke and Lance” and Dren.’s results suggest 
that a similar effect may occur in copper. 

2.3.2. Influence of temperature—The onset of stage II is favoured 
by high temperatures, the transition from stage II to stage III occurring 
at lower stresses as the temperature increases. The rate of hardening 
in stage III increases as the temperature decreases, as indicated by the 
results of BLewrrr et al. for crystals of copper in Fig. 23. Similar 
behaviour is shown by the results of ANpDRADE and HenpERson"”? for 
gold and silver. If the parabolic hardening observed in the early 


experiments on impure aluminium can be identified with stage III, 
(15) 


2 


the same effect of temperature on rate of hardening is evident. 

The striking experiments of Strokes and Corrrey,“’ 
and Sroxes,‘®’ Apams and and on “work 
softening’’ are of particular interest in relation to the mechanism of the 
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transition from stage II to stage III. These “work softening’’ experi- 
ments consist of straining a crystal at a low temperature to a strain 
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Fig. 27. Resolved shear-stress vs. shear-strain curves for two crystals 


of aluminium (99-99 per cent Al) showing the difference in behaviour of 
orientations at [111] and [100)"® 


that would correspond to stage III at a higher temperature, and then 
unloading and re-testing at the higher temperature. Part of the work 
hardening associated with the low temperature disappears very abruptly 
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Fig. 28. Yield drops observed in a single crystal of aluminium (99-992 
per cent Al) at 196°K after straining at 90°K, and at 293°K after 
straining at 196°K‘* 


on loading at the higher temperature and this gives rise to a sharp 
yield point. 

Figure 28 shows the results of Cottrell and Stokes for a crystal of 
aluminium (99-992 per cent Al) tested at 90°K and subsequently at 
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196°K and 293°K. At 90°K the initial elongation was terminated while 
the stress—strain curve was still exhibiting the linear behaviour 
characteristic of stage Il. On re-testing at 196°K a yield drop occurred 
and on further testing at 293°K a second yield drop resulted. Yield 
drops such as those shown in Fig. 28 only occurred when the tempera- 
ture of the second straining was higher than that of the first straining. 
Observations of slip lines by Cottrell and Stokes, and Kelly, show that 
during work softening the pattern of slip lines is different from that 
obtained during either the high or low temperature straining. This 
work is discussed in more detail in section 3.4. 

The yield drops which occur during work softening are very similar 
to the yield drops resulting from Cottrell locking of dislocations by 
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Fig. 29. Yield drops observed in single crystals of copper (99-099 per 

cent Cu) after straining alternately at 90°K and 473°K. The dashed 


lines indicate the normal stress-strain curves obtained at 90°K and 
473°K"™ 


impurity atoms." However, the behaviour of the work softening 
system is very different from that observed for a strain-ageing system. 
Yield drops only occur at temperatures higher than those of the previous 
plastic strain, and ageing at a higher temperature after deformation at 
a low temperature reduces the size of the yield drop obtained on testing 
at the higher temperature. In addition, the experiments of Cottrell 
and Stokes were done with crystals of high purity (99-992 per cent Al) 
and SMALLMAN, WILLIAMSON and Arp._ey* have shown that additions 
of solute of approximately 1 per cent are required to produce yield 
points in aluminium by a Cottrell locking mechanism. 

Work softening phenomena, similar to those observed by Cottrell and 
Stokes for aluminium, were observed by Apams and Corrreti™ for 
single crystals of copper (99-999 per cent Cu) strained alternately at 
90°K and 473°K and their results are shown in Fig. 29. Also shown are 
stress—elongation curves at 90°K and 473°K for two crystals of the same 
orientation as that used in the work softening experiments. These 
curves show that the initial pre-strain of 8 per cent elongation at 90°K 
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reaches a point in stage II which at 473°K corresponds to a point in 
stage III. Thus cycling experiments between 90°K and 473°K result 
in a transition from a mechanism characteristic of stage II to one 
characteristic of stage III. The yield drops observed at the high 
temperatures after straining at the low temperatures can be explained 
by the collapse, under the influence of stress and temperature, of 
obstacles to the movement of dislocations formed at the low tem- 
peratures."*. ® ‘This interpretation is discussed in more detail in 
section 4.4. 

No important influence of composition, crystal size and surface 
condition on the form of the stress-strain curve in stage III can be 
inferred from the scant information available. 


3. Metallography 
3.1. Introduction 


The variety of slip markings and surface phenomena which have been 
observed is now sufficient to have caused some confusion in terminology 
and it is necessary to adopt some convention in discussing them. 
However, the many different techniques used in the metallography of 
deformed metals make it extremely difficult to formulate a satisfactory 
classification in detail. A broad separation of the classes of slip mark- 
ings will be used here on the following basis. “Slip bands’’ will be 
considered as those markings visible to optical microscopy and fre- 


quently found by electron microscopy to be complex in structure in 
that they contain several ‘‘slip lines.’ The operation of such a complex 
gives rise to a step-like profile in which there are various “heights of 


slip step.’’ For the finer markings between slip bands, resolved only 
by the electron microscope, the term “micro-slip’ of Brown and 
HonrycomBe™® appears to us to be preferable to “elementary struc- 
ture’ as used by Witsporr and The 
individual markings may then be called micro-slip lines. The 
terminology is illustrated in Fig. 30. 

For markings observed with the optical microscope there is clearly 
still some ambiguity, as modern techniques may detect slip steps of 
height only 50 A, which may well be single slip lines.*) However, in 
the absence of definite identification by electron microscopy, we shall 
use the term slip bands. It will also appear later that, even for electron 
microscope observations, the naming of observed phenomena may be 
rather arbitrary. 

The observation of slip bands by means of normal optical microscopy, 
while affording definite evidence for such slip, must always be taken as 
a minimum indication of the slip activity. The slip detected depends 
on the threshold size for observation of any slip marking and this is 
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not uniquely related to the extent of slip which has taken place. Not 
only does this threshold depend on the technique adopted, but also a 
slip system with direction approximately normal to the surface 
examined will, in general, be more readily detected than one whose 
direction lies approximately in the plane of the surface. It should be 
noted that the best orientation of the surface for observation of the 
primary slip system will therefore, in general, not be optimum for 
observing secondary systems. 

Again, there are observations of the type made by Witsporr and 
KvuHLMANN-WILsporF™! and KULHMANN-WILSDORF, VAN DER 
Merwe and Witsporr‘® that micro-slip is present between the slip 


Slip 
band 


Slip line 


Micro slip 


Fig. 30. Schematic illustration of the terminology adopted for 
slip markings 


bands normally observed by optical microscopy. Indeed, although 
slip bands are observed on one system, micro-slip on more than one 
system may be detected between the bands. 

There is the further question of how faithfully observations of 
behaviour on the surface indicate that in the interior. Again, the 
indications are that the surface observations give a minimum picture. 
For example, McKrxynon™. ™ has observed that slip activity not 
visible on the surface by sensitive optical microscopy may be detected 
in the interior of a crystal by means of the precipitation it causes in a 
supersaturated solid solution. 

The influence of the temperature of deformation should also be 
noted, as there is considerable evidence that slip markings become less 
pronounced as the temperature is reduced. Thus, a slip system 
observable at higher temperatures may not be apparent at low tem- 
peratures, but this does not necessarily imply that it is absent. 

With respect to deformation bands,‘-* two classes are generally 
recognized and the terminology adopted by HonrycomBe'”® for these 
will be used, namely, “kink bands” and “bands of secondary slip.” 
There appears to be general agreement that the ‘‘kink bands’ studied, 
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for example, by Caen and Marnewson and Catnan(?9) 
(Fig. 31) are regions initially perpendicular to the active slip direction 
in which the lattice is rotated, with respect to the lattice outside the 
kink band, about an axis lying in the slip plane perpendicular to the 
slip direction. ‘‘Bands of secondary slip” (striae) (Fig. 32) are regions 
approximately parallel to the primary slip markings, which are usually 
deficient to greater or less extent in primary slip. There is no clear 
distinction between clustering of the primary slip bands and bands of 
secondary slip. 

Both types of deformation band are preferred sites for secondary slip. 
Kink bands tend to be less marked where bands of secondary slip 
occur'?>) and individual kinks may occur in these bands perpendicular 
to the secondary system.‘ Calnan has found that the rotations in the 
bands of secondary slip are variable and not capable of systematic 
analysis. He suggests that the rotations arise from the operation of 
various amounts of various secondary slip systems within the bands. 

The following sections summarize the evidence which allows com- 
parison of stress-strain curves of crystals with the metallographic 
indications of deformation. There exists a large amount of metallo- 
graphic evidence with respect to deformation, but unfortunately most 
of it cannot be correlated with stress-strain curves. The discussion is 
therefore limited to the relatively few papers in which this correlation 
can be made, as this seems to us to be the most profitable approach. 


3.2. Metallography during Easy Glide 


All investigators observe the same basic behaviour for crystals 
undergoing easy glide, stage I, namely long straight slip bands on the 
primary system appear and the density of the bands increases with the 
strain. There are, however, minor differences in detail. 

Rost and MatHEewson"®) observed that the slip bands in aluminium 
(99-996 per cent Al) often ended in the crystal and adjacent bands often 
terminated opposite one another. Connecting slip on the cross slip 
plane was always observed for deformation at room temperature, but 
not for deformation at 193°K or at 353°K. Three slip planes, the 
primary, cross and critical, were observed to operate, but the strain 
at which this and the previous effect could be detected was not stated 
and it is doubtful whether it lay within the easy glide range. 

GaRSTONE et al.) studied the metallography of crystals of pure 
aluminium (99-99 per cent Al) which exhibited easy glide, by optical 
and x-ray microscopy. No departure from the normal occurrence of 
long straight slip bands was observed by optical microscopy. However, 
X-ray microscopy detected bands interpreted as deformation bands of 
both types during the easy glide stage. At 77°K the range of easy glide 
was longer and the deformation bands, particularly the kink bands, 
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for example, by Cann,” Caen and Maruewson'”) and CaLtnan(?9) 
(Fig. 31) are regions initially perpendicular to the active slip direction 
in which the lattice is rotated, with respect to the lattice outside the 
kink band, about an axis lying in the slip plane perpendicular to the 
slip direction. ‘Bands of secondary slip” (striae) (Fig. 32) are regions 
approximately parallel to the primary slip markings, which are usually 
deficient to greater or less extent in primary slip. There is no clear 
distinction between clustering of the primary slip bands and bands of 
secondary slip. 

Both types of deformation band are preferred sites for secondary slip. 
Kink bands tend to be less marked where bands of secondary slip 
occur'?>) and individual kinks may occur in these bands perpendicular 
to the secondary system.‘ Calnan has found that the rotations in the 
bands of secondary slip are variable and not capable of systematic 
analysis. He suggests that the rotations arise from the operation of 
various amounts of various secondary slip systems within the bands. 

The following sections summarize the evidence which allows com- 
parison of stress-strain curves of crystals with the metallographic 
indications of deformation. There exists a large amount of metallo- 
graphic evidence with respect to deformation, but unfortunately most 
of it cannot be correlated with stress-strain curves. The discussion is 
therefore limited to the relatively few papers in which this correlation 
can be made, as this seems to us to be the most profitable approach. 


3.2. Metallography during Easy Glide 


All investigators observe the same basic behaviour for crystals 
undergoing easy glide, stage I, namely long straight slip bands on the 
primary system appear and the density of the bands increases with the 
strain. There are, however, minor differences in detail. 

Rosi and Matnewson"® observed that the slip bands in aluminium 
(99-996 per cent Al) often ended in the crystal and adjacent bands often 
terminated opposite one another. Connecting slip on the cross slip 
plane was always observed for deformation at room temperature, but 
not for deformation at 193°K or at 353°K. Three slip planes, the 
primary, cross and critical, were observed to operate, but the strain 
at which this and the previous effect could be detected was not stated 
and it is doubtful whether it lay within the easy glide range. 

GarsToneE et al.) studied the metallography of crystals of pure 
aluminium (99-99 per cent Al) which exhibited easy glide, by optical 
and x-ray microscopy. No departure from the normal occurrence of 
long straight slip bands was observed by optical microscopy. However, 
x-ray microscopy detected bands interpreted as deformation bands of 
both types during the easy glide stage. At 77°K the range of easy glide 
was longer and the deformation bands, particularly the kink bands, 
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were weaker and more closely spaced. The asterism in Laue patterns 
was also less. At 473°K there was less easy glide, kink bands were 
coarser and more pronounced and the asterism greater. No secondary 
slip was observed in the specimens before the end of easy glide. For 
copper crystals (O.F.H.C.) only the primary system was observed 
during easy glide, but secondary slip on the cross slip plane was detected 
soon after its ending. Crystals of copper containing various proportions 
of silver showed an increasing extent of easy glide as the silver content 
increased. In these crystals secondary slip on the cross slip plane was 
detected before the end of easy glide. 

CoyLe, MARSHALL, AULD and McKrynon also applied the techni- 
que of x-ray microscopy to crystals of aluminium (99-99 per cent Al) and 
found that kink bands and bands of secondary slip were present during 
easy glide. McKrynon has observed slip bands of secondary systems, 
just visible to the optical microscope, after two-thirds of the easy glide 
strain at room temperature, in a crystal of aluminium (99-992 per 
cent Al) oriented towards the centre of the triangle. After further 
strain, bands of secondary slip previously detected by x-ray microscopy 
became visible optically and were found to contain slip traces of the 
conjugate and critical planes. All orientations not close to the corners 
of the triangle showed a distinct stage I, and bands of secondary slip 
and kink bands were detected before the end of stage I by x-ray 
microscopy. Immediately after the end of stage I, secondary slip 
activity usually involving the conjugate and critical planes, and 
sometimes the cross plane, could be seen optically. For orientations 
near the [111]-{110] boundary there was evidence of the activity of 
the system (111) [011], an alternative direction in the primary plane, 
and marked activity on the cross plane. 

In crystals of aluminium plus 3-9 weight per cent Ag, which in the 
supersaturated condition show more extensive easy glide than pure 
aluminium, utilized precipitation from supersaturated 
solution to indicate the slip behaviour in the interior. During stage I 
as many as three systems were observed in the interior where only the 
primary system could be observed on the surface. The later work has 
shown that there may be continuous secondary slip in the interior after 
only 0-1 per cent shear strain, i.e. shortly after the critical shear stress 
is exceeded. 

The focusing Laue technique of Gursrer and Tennevrx'™ has been 
used by Lance and Licker"? to detect inhomogeneities of deformation 
well within the easy glide region in aluminium (99-99 per cent Al) 
deformed at room temperature. These appear to have been kink bands 
which were first detected by optical microscopy after 5 per cent 
elongation, but were indicated by asterism after 1-5 per cent elonga- 
tion. After 5 per cent elongation, the only slip markings visible to the 
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optical microscope were evenly distributed bands of primary slip. The 
kink bands became increasingly pronounced and more closely spaced 
as deformation proceeded. 

Rost concluded that, for crystals of O.F.H.C. copper (99-98 per 
cent Cu) deformed at room temperature, the transition from stage I to 
stage Il was accompanied by the appearance of secondary slip on the 
cross and conjugate planes. He also noted a tendency for the primary 
slip bands to cluster during easy glide for orientations not far from the 
[100}-{111] boundary. Kink bands were not observed if the specimen 
was deformed in rotatable grips, but appeared during deformation 
with rigid grips. 

Paterson? also observed kink bands in copper crystals (99-999 per 
cent Cu) deformed in tension at room temperature with rigid grips. 
These were absent in deformation by slow alternating tension and 
compression (shear strain amplitude 0-0083 per half cycle) and the range 
of easy glide was much longer in this case. He observed the familiar 
pattern of primary slip evenly distributed and found no evidence for the 
clustering reported by Rosi. However, Jaoul (as quoted by Frrepe.'*®’) 
has noted a tendency for bands of secondary slip in crystals of 
aluminium fairly close to the [100}-{111] boundary and kink bands if the 
orientation is well away from this boundary. 

There is evidence that kink bands may be important in metals other 
than aluminium particularly at elevated temperatures. SAWKILL and 
HoneycomBe®” have observed that the prominence and spacing of 


kink bands in gold crystals (99-995 per cent Au) increases as the tem- 
and observed a _ similar 


perature increases. ANDRADE 
tendency in copper (99-999 per cent Cu). Dren_®® observed kink 
bands in crystals of copper (99-98 per cent Cu) which deformed initially 
by easy glide at room temperature. He distinguished between fine 
kink bands and pronounced coarse bands which appeared only near 
the grips and which he associated with grip effects. The fine bands 
were much more numerous, less distinct and more closely spaced than 
those observed in aluminium at room temperature by MULLER and 
Leisrriep™ and of similar appearance to those found by Miiller (as 
quoted by Dreni’) in aluminium deformed rapidly at 88°K. How- 
ever, there is no indication of the threshold strain for the observation 
of these bands. 

Although kink bands may be induced by rigid grips, it appears that 
they are not entirely due to this cause. GARsTONE et al.“ have shown 
that an increase by a factor of three in the length of a crystal does not 
change the range of easy glide or the occurrence of kink bands as 
observed by X-ray microscopy. 

The evidence appears to be that during easy glide the main deviations 
from idealized simple slip behaviour, observed on the surface, are the 
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deformation bands of both kinds, particularly in aluminium. Of these, 
kink bands appear to have a systematic effect in that, as the temperature 
is lowered, they become less pronounced and the range of easy glide is 
longer. 

There are some observations by optical means of limited secondary 
slip on the surface within the easy glide range. However, the experi- 
ments by McKrynon'*, *” suggest that even though only primary slip 
can be detected on the surface, secondary systems operate extensively 
in the interior. It is generally agreed that “unpredicted” secondary 
slip can be observed soon after the end of easy glide at orientations 
such that it would not be expected on classical relations. Where 
deformation bands occur they are preferred sites for secondary slip. 


3.3. Metallography during Linear Hardening 


It is convenient to discuss the evidence with reference to the orientation 
of the crystals, as this appears to be the most important factor in 
determining their behaviour. 

3.3.1. Orientations near [100}—Crystals with orientations near [100], 
in general, harden very rapidly. Stage I is virtually absent for orienta- 
tions very close to [100], but increases in extent as the orientation 
departs from [100]. The exact [100] orientation is, of course, one of 
high symmetry, four slip planes and two directions in each being 
equally favoured. This is clear from an examination of Fig. 1. However, 
near [100] but within the standard triangle the primary system is the 
most favoured, but the conjugate system and the critical system also 
have high relative resolved shear stresses, the critical system being more 
favoured near the [100}-{110] boundary. (Quantitative details of the 
orientation dependence of the relative resolved shear stress on various 
slip systems are given later in section 4.5.1, Fig. 41.) 

There is a marked difference in the effects produced by the operation 
of the conjugate system compared to the critical system as the second- 
ary slip system. For orientations near the [100]-{111] boundary, where 
the conjugate system is the preferred secondary system, the rotation of 
the crystallographic axis of the crystal produced by slip on the primary 
system is such that the resolved shear stress on the primary system 
decreases and that on the conjugate system increases. The operation 
of the conjugate system in its turn raises the stress on the primary 
system again at the expense of its own resolved shear stress. Thus 
there is a stable situation and one expects simultaneous or closely 
alternating operation of these two systems, the orientation of the 
crystal hovering about the [100}-{111] boundary and in the classical 
case arriving at [211]. Such behaviour tends to produce a uniform 
network of intersecting slip lines (Fig. 33), and is generally termed 
double slip. 
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On the other hand, the operation of the critical system asthe secondary 
system is likely to produce an unstable situation. The rotation pro- 
duced by the primary system reduces the resolved shear stress on the 
critical system and vice versa. Thus, if in a given region one of these 
systems becomes established, its operation tends more and more to 
exclude the other. This tendency for mutual exclusion gives the 
unstable behaviour in which neighbouring portions of the crystal tend 
to undergo divergent rotations. It is to be expected particularly along 
the [100}]-{110] boundary where the primary and critical systems are 
equally favoured. Any extensive operation of these two systems for 
orientations close to [100] soon raises the stress on the conjugate 
system and on the system (111){110] which has the same relation to the 
critical system as the conjugate to the primary. Double slip in various 
areas will then take place and all four slip planes are in operation. 

SAWKILL and HonrycomBe™! observed this type of behaviour at 
room temperature for a crystal of aluminium (99-99 per cent Al) of 
orientation close to the [100]-{110] boundary and some 5° from [100]. 
The first system to operate was, in fact, different in two major parts of 
the crystal. There was marked clustering of primary slip bands 
separated by regions in which secondary slip soon developed. There 
were also areas of double slip and all four slip planes operated within 
the first 10 per cent elongation. Rosi observed qualitatively 
similar behaviour for crystals of copper (99-98 per cent Cu) at room 
temperature. 

LANGE and Licker’) examined a crystal of aluminium (99-99 per 
cent Al), within 2° of [100], at room temperature. Slip on the four 
octahedral planes was observed at various points in the crystal. In 
one area slip on the primary, cross and critical planes could be seen 
after 3-5 per cent elongation. The clustering of bands into groups was 
very marked, but kink bands were only rarely observed. This strong 
clustering for crystals oriented near [100] has also been observed by 
Paterson for copper (99-999 per cent Cu) at room temperature, 
both in tensile and push-pull deformation. In both cases slip on the 
conjugate and cross planes occurred in the regions between the clusters. 
Drexn_™® has also found strong clustering or bands of secondary slip in 
copper (99-98 per cent Cu) and rumpling which he attributed to 
micro-slip. 

3.3.2. Orientations near {111]—For crystals oriented near [111] a 
similar complexity exists. At the exact [111] orientation there are six 
equally favoured slip systems, two slip directions being active in each of 
the normal primary, conjugate and cross slip planes. For orientations 
just within the triangle the primary system produces a rotation which 
raises the stress on the conjugate system and again the rotation pro- 
duced by the conjugate system returns the orientation into the standard 
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triangle, i.e. raises the stress on the primary system. Thus, one expects 
the stable double-slip behaviour with the orientation tending to [211]. 
For points on the [111]}-{110] boundary two systems are equally 
favoured: the primary system (111) [101] and a second direction [011] 
in the primary plane. In general, the operation of this second system 
will not therefore be distinguished metallographically. The rotation 
produced by the second system (111) [011] is such that the resolved 
shear stress on the primary system is reduced and thus one expects 
clustering as for orientations near [100]. Eventually a third system on 
the cross slip plane, but in the normal conjugate direction, is favoured, 
viz. (111) [110]. These last two systems (111) [011] and (111) [110], are 
capable of the stable double slip behaviour normally observed for the 
primary and conjugate systems. Orientations near [111], or on the 
[111}-{110] boundary not far removed from [111], show extremely rapid 
hardening without appreciable easy glide. 

Rost‘) has observed the operation of three slip planes—the primary, 
conjugate and cross—in a copper crystal (99-98 per cent Cu), within 5° 
of [111], after 0-5 per cent elongation. One cannot distinguish whether 
the slip on the cross plane is normal cross slip, [101], or is in the expected 
direction, [110], which is the normal direction for conjugate slip. 
Similarly, it is not possible to say whether the [011] direction in the 
primary plane has operated. However, the evidence is at least con- 
sistent with the expected behaviour. Again, strong clustering of primary 
bands was observed with the secondary systems favouring the regions 
between clusters. There appeared to be some areas of rudimentary 
double slip. This clustering behaviour was confirmed by Paterson? 
for crystals of copper (99-999 per cent Cu), about 5° from [111], in 
both tension and push-pull, secondary slip in the former case being 
on the cross plane and co-existing with a system on the primary 
plane. 

SAWKILL and Honrycomse™" found that a crystal of aluminium 
(99-99 per cent Al) oriented near the [111]-{110] boundary within 10° 
of [111] showed strong clustering of the primary slip bands and 
pronounced bands of secondary slip. An examination of these bands 
of secondary slip reveals an abnormally large concentration of slip on 
the primary plane (Fig. 34). It is probable that this is slip on the 
alternative system (111) [011]. Pronounced kink bands are visible in 
the clusters of primary slip. In addition, there are markings in the 
bands of secondary slip which are probably another set of kink bands 
perpendicular to the second slip direction [011] in the primary plane. 
They could not be interpreted as slip markings and their traces are 
slightly rotated with respect to the main kink bands, as would be 
expected. It is interesting to compare the appropriate micrograph 
reproduced here as Fig. 34 with that for a crystal near [100], Fig. 35, as 
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it illustrates the difference in appearance of the bands of secondary 
slip. A crystal of gold (99-995 per cent Au) studied by Sawkill and 
Honeycombe, with an orientation near the {111]-{110] boundary, but 
approximately twice as far from [111] as the previous crystal, deformed 
by easy glide for approximately 15 per cent shear strain. After 
approximately 45 per cent shear strain the appearance was qualitatively 
similar to the aluminium crystal just discussed. There was some 
evidence for micro-slip in the form of overall surface rumpling. 

Lance and Licker) observed strong clustering of primary slip 
bands in a crystal of aluminium (99-99 per cent Al) within 2° of [111]. 
They also reported the type of surface rumpling seen by Sawkill and 
Honeycombe and similarly attributed it to micro-slip. This rumpling 
was prominent after 6-9 per cent elongation, but individual traces were 
not resolved so it could not be assigned to particular slip planes. 
Drex_™® has made similar observations for copper (99-98 per cent Cu) 
oriented near {111}. 

3.3.3. Orientations along the {100]{111] boundary—There appears 
to be general agreement that crystals oriented near the middle of 
the [100]-{111] boundary have high rates of hardening and show 
double slip on the primary and conjugate planes from the early stages 
of deformation.'**-® As either the [100] or [111] direction is approached 
the behaviour displays more of the inhomogeneities characteristic of 
these orientations. However, even near the central portion of the 
boundary, 20° or more from [111] or [100], minor inhomogeneities are 
observed. Rosi found bands where the regular network of double 
slip was interrupted and minor slip on the cross plane appeared after 
3-5 per cent elongation, in crystals of copper (99-98 per cent Cu). 

A few very narrow bands of secondary slip were observed by LANGE 
and Licks’ in aluminium (99-99 per cent Al) although the main 
impression was of double slip. They found some evidence that the two 
systems operated not simultaneously, but in an alternating fashion, the 
slip traces of one system being displaced from their rational crystallo- 
graphic orientation. At high magnification a step-like character was 
detected in these bands. Kink bands were observed after 5—6 per cent 
elongation and were perpendicular to the system first discerned in a 
particular area. They appeared to be effective barriers to the system 
observed to operate second. 

3.3.4. Easy glide orientations—There remain those orientations which 
deform initially by easy glide, i.e. those near the centre of the triangle 
and towards the [110] corner. Rosi observed that the transition from 
stage I to stage II in copper (99-98 per cent Cu) was accompanied by 
the appearance of unpredicted secondary slip on the cross or conjugate 
planes. This occurred in bands roughly parallel to the primary slip 
traces. These bands of secondary slip later had similar appearance to 
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those in crystals which showed no easy glide, but they developed only 
at a higher strain. 

GARSTONE ef al.) found that slip on the cross plane could be 
detected in limited regions in O.F.H.C. copper soon after the end of 
easy glide. At higher stresses the majority of the {111} planes operated 
at least locally. This was also true for copper containing up to 1 per 
cent silver. The same authors observed that the kink bands and bands 
of secondary slip, present during easy glide in aluminium (99-99 per 
cent Al), became more pronounced and visible optically during stage II. 
Only for crystals deformed at 473°K was secondary slip observed in 
the kink bands. 

Similarly, in the experiments of Lance and Litcke,'*) the end of 
easy glide corresponded approximately to the appearance of kink bands 
visible with the optical microscope in aluminium (99-99 per cent Al), 
although the occurrence of these at a much earlier stage was inferred 
from x-ray observations. The subsequent behaviour consisted mainly 
in a decrease in the spacing of the kink bands with increasing strain, 
because of the appearance of smaller bands between the more prominent 
ones. Slip in the kink bands, on the critical plane, was observed at a 
later stage after 16 per cent elongation. 

The detailed observations by McKrxnon® of the slip systems active 
at the end of easy glide in aluminium (99-992 per cent Al) should be 
recalled here, remembering that the technique of phase contrast 
microscopy was employed, giving greater sensitivity than usual. In 
most orientations secondary slip on the critical and conjugate planes 
was observed and sometimes also on the cross plane. Near the [111]- 
[110] boundary secondary slip on the cross plane and on (111) [011] was 
most prominent. 

3.3.5. Miscellaneous observations—One observation which is not 
general, but is sufficiently frequent to merit comment, is that for 
copper? and silver” at room temperature, and for aluminium”? at 
90°K, the slip markings were difficult to observe by normal optical 
microscopy. This point is taken up later with respect to the electron 
microscope observations. 

An interesting but rather unusual result has been obtained by 
JaovLt™ on aluminium (99-99 per cent Al) deformed at 80°K. In 
contrast to results obtained at room temperature, several slip systems 
appeared simultaneously, for all orientations, even after very small de- 
formation, and the form of the strain hardening curve was not dependent 
on orientation. The slopes were similar to the high rates of hardening 
observed at room temperature for orientations near the [100]-{111] 
boundary. This is so contrary to usual experience that it appears that 
some extraneous factor is responsible, but it is interesting to note that if 
such slip behaviour is forced on a crystal high rates of hardening result. 
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Fig. 34. Bands of secondary slip in a crystal of alu- 
minium oriented near [111] after 11-3 per cent tensile 
strain 66. SAWKILL and HoNEYCOMBE™! 
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Fig. 35. Bands of secondary slip in a crystal of alu- 
minium oriented near [100] after 10 per cent tensile 
strain 66. SAWKILL and HONEYCOMBE®! 
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Fig. 36. Slip bands produced on a crystal of copper at room temperature by 
additional shear strain of 0-05 after various pre-strains as follows: (4) 0, (6) O-1, 
fe) (d) OB. fe) OO, Of) (4) (¢) were obtained with 
dark field ilumination, whilst photomicrograph (f) was obtained with bright field 


iHumination and shows the same field as (¢)."*’ All photomicrographs » 225 
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3.3.6. Stage by stage observations—Apart from experiments directed 
at establishing the over-all slip pattern and the inhomogeneities which 
occur for various orientations and at various stages, there are also 
observations which aim at determining the character of the slip 
produced at each stage of deformation. After a particular amount of 
strain the specimen is repolished, the surface indications of deformation 
being removed, and then the specimen is strained further. The new 
slip markings produced during the increment of strain can then be 
observed.‘ 

Such a technique has been used by BLewirrt ef al. in investigating 
the slip bands produced on copper crystals (99-999 per cent Cu) during 
deformation at 4°K and 300°K. The crystals were oriented for easy 
glide, but little trace of it can be seen in the stress—strain curves and the 
observations are in stages II and III for deformation at 300°K. Only 
stage II was observed at 4°K. The principal observation on crystals 
deformed at 300°K was that, as the total strain increased, the average 
length of the slip bands produced by a given increment of strain 
decreased and the number of slip bands increased. The length of the 
slip bands was expressed as the dimension perpendicular to the slip 
direction lying in the slip plane. At high shear strains of approximately 
0-6, where the stress-strain curve was departing from linearity, a 
phenomenon known as fragmentation of the slip bands was observed. 
The bands were not single segments, but were broken up into short 
pieces, in some cases showing slight relative displacement laterally. 
This fragmentation was not observed for crystals deformed at 4°K for 
which the stress-strain curve remained linear, but apart from this no 
difference was observed in the slip markings at low and high tempera- 
ture. It was found that the reciprocal of the length of the slip bands 
was approximately proportional to the total strain, counting fragments 
as single bands at high strains. 

Ketiy“® has made a similar study of aluminium crystals (99-992 
per cent Al) at 90° and 290°K. The crystals were rectangular and of 
orientation such that the dislocations emerging on the large flat faces, 
“top faces,” were predominantly of edge character and those on the 
narrow “‘side’’ faces of screw character. Slip bands observed in what 
appears to be stage II at 90°K were difficult to observe, particularly 
after small strains. They were then long and straight. The length of the 
slip bands formed on the top surface during any increment of strain 
decreased as the total strain increased. An approximately linear rela- 
tion was found between total shear strain and the reciprocal of the 
average length of the slip bands. No mention is made of inhomo- 
geneities of deformation observed on the top surface, but on the side 
surfaces deformation bands, presumably kink bands, were observed. 
The slip bands on the side surfaces ended in these deformation bands, 
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whose spacing was approximately twice the average length of the slip 
bands. 

Similar behaviour was observed at room temperature, but the slip 
bands were more prominent from the beginning. Stage II was much 
shorter and no detailed analysis of the lengths of slip bands was possible. 
The remaining observations by Kelly are discussed with reference to 
stage III. 

SEEGER ef al.“ have repeated the type of experiment done by 
Blewitt, with similar results for copper. The length of the slip bands 
decreased with increasing strain in stage II, while the number of 
individual bands increased and fragmentation began at the end of 
stage II. For tests at room temperature, the curve of reciprocal of the 
average length of slip bands against strain is partly linear with a 
tendency to be concave upwards at the end of stage II, the strength of 
the tendency varying with orientation. Such behaviour is not incon- 
sistent with the results of Blewitt ef al. for copper, or Kelly for 
aluminium at 90°K, but there are insufficient points in these cases to 
allow a definite conclusion. The optical micrographs of Seeger et al. 
(Fig. 36), which are of a crystal oriented near the [110] corner, illustrate 
the changes in the appearance of the slip bands. No traces of secondary 
slip or inhomogeneities of deformation are mentioned. 

A further point of interest is that the slip bands observed during the 
strain increment 0-1—0-15 are much shorter than those for the range 
0-0-05. It appears that the process causing the reduction in length may 
be active in the latter part of the easy glide region. 


3.4. Metallography during Stage III 


MapeR and have made an investigation by electron 
microscopy of the occurrence of slip bands in copper and aluminium and 
similar results have been given by Sercer ef al.) They contend that 
slip bands only occur in stage III of the deformation and are present in 
aluminium after small deformations (0-3 shear strain) at room tempera- 
ture, but absent after similar deformation at 90°K. Similarly, copper 
crystals at room temperature, after 0-3 shear strain, are reported to 
show only micro-slip lines with no clustering into bands. It is a little 
difficult to reconcile this complete absence of slip bands with the 
observation of slip markings by optical microscopy at a magnification 
of 225, even at strains of 0-05 and upwards, in the crystals discussed 
above.) Further, it is contrary to the experience of numerous 
workers using optical microscopy. It appears that some slip bands 
or else some very prominent slip lines must be present. There are 
certainly some prominent markings and groups of markings in the 
electron micrographs and the question of whether they are slip bands 
or not may be largely one of terminology, some such criterion as that 
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used by Noce.e and KornLer” being required to specify the naming 
of these features. 

Although the view that slip bands do not occur at all until stage IIT 
appears to be a rather extreme one, there is no doubt that there is a 
tendency for slip band formation to be inhibited at low temperatures 
in aluminium and to be less prominent at room temperature in metals 
of higher melting point. There are, for example, the observations on 
silver’ and copper®® at room temperature and on aluminium ® at 
90°K that slip markings were difficult to detect optically in the early 
stages of strain. More conclusive are the experiments of NoGGLe and 
Korn er” on aluminium (99-994 per cent Al) at 4°K, 78°K and room 
temperature. Using a constant arbitrary criterion for the naming of 
these features, they found that slip bands were prominent at room 
temperature, rarer at 78°K, and absent at 4°K even after 0-52 shear 
strain. 

Cann‘?? has studied the slip bands on aluminium deformed at 90°K, 
room temperature, 523° and 773°K by means of the optical microscope. 
The bands readily visible after deformation at 90°K were increasingly 
prominent at higher temperatures and also connecting slip became more 
marked. However, it is not possible to connect these observations with 
particular stages of the stress-strain curve. 

The onset of stage III is generally considered to coincide with the 
frequent occurrence of what is called connecting slip in this article. 
and Strokes‘) and observed that the work 
softening effect described earlier was accompanied by this type of 
behaviour. This may be regarded as an exaggerated demonstration of 
the changes corresponding to the transition from stage II to stage III. 
Cottrell and Stokes showed that the passage of a Liiders band accom- 
panied the work softening at room temperature of aluminium crystals 
(99-992 per cent Al) pre-strained in liquid air. At the same time, the 
slip pattern changed. There was very marked connecting slip between 
what appeared to have been short slip bands. The pattern was somewhat 
similar to that obtained by deforming entirely at room temperature, 
but the latter was finer and the connecting slip shorter. 

Kelly has compared directly slip patterns in crystals of aluminium 
(99-992 per cent Al) on deformation at 90°K and after work softening 
at room temperature. The slip bands barely visible after deformation 
at 90°K were short and straight. On work softening, pronounced bands 
showing connecting slip developed. Some of the connecting slip bands 
appeared to follow crystallographic planes and others to have an 
indefinite step-like form. The slip markings produced by a small 
increment of strain on crystals deformed at room temperature into 
stage III were examined after work softening at 453°K. After the 
pre-strain at room temperature the slip bands were somewhat wavy and 
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showed short connecting slip. However, after work softening, pro- 
nounced connecting slip and much more prominent slip bands were 
observed. 

Biewirt ef al.‘ observed that the transition from stage II to stage 
III was accompanied by the fragmentation of slip bands noted earlier 
for crystals of copper deformed at room temperature, but was absent 
for crystals deformed at 4°K, for which stage III was not observed. 
However, no connecting slip corresponding to fragmentation was 
reported. 

SEEGER ef al.‘®) have devoted considerable attention to the metallo- 
graphy of deformation in stage III for copper, again using the technique 
of observing the slip markings produced by a given increment of strain 
with both the optical and the electron microscope. They showed that 
the fragmentation of slip bands, which begins approximately at the end 
of stage II, is accompanied by connecting slip on the appropriate 
secondary plane, which contains the slip direction for the particular 
slip system previously operating. For primary slip this is the cross 
plane and traces of this plane could be resolved in the electron micro- 
scope (Fig. 37). In some regions traces of the primary plane were inter- 
mingled with the connecting slip traces, the impression being one of 
fine double slip over a somewhat extended region. There are indications 
of this type of behaviour in some of CaHn’s optical micrographs.‘”” 
Seeger ef al. also made observations of work softening in aluminium 
and copper with the optical and electron microscope, the results 
being, in general, similar to Kelly’s. However, with the electron 
microscope the coarse connecting slip, not following a crystallographic 
plane, was resolved into an extended area of primary and connecting 
slip traces. In one interesting case double slip was observed during 
work softening, the primary and conjugate systems operating. Con- 
necting slip was observed, however, only on the cross plane, which 
contains the normal slip directions of both primary and conjugate 
systems. 


4. The Nature of Work Hardening in Face-centred Cubic 
Crystals 
It is not the purpose of this section to present a complete review of 
detailed theories of work hardening. However, the main points from 
some of the theories which have been proposed will be mentioned. 
Although the theories which predict a simple parabolic relation are 
inadequate to explain the experimental evidence, they have served as 
a basis for more detailed theories. We begin, then, by mentioning these 
basic general theories, and then summarize the proposals that have 
been made to account in more detail for the various stages of hardening 
observed. Finally, an attempt is made to show that some unification 
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and extension of these theories is possible by a detailed consideration 
of the role of sessile dislocations. 


4.1. General Theories 


TaYLor’s theory of work hardening,“® based on dislocations arrested 
inside a crystal, is classical and has been discussed many times," 3, 2° 
so that it will only be referred to briefly here. Taylor considered that 
slip commenced at many positions throughout a crystal by the separa- 
tion of a positive and a negative dislocation. These dislocations were 
stopped within the crystal by the interaction of their stress fields, so 
that a “superlattice” array of positive and negative dislocations was 
built up. At any given strain, the stress field associated with such an 
array opposed the movement of other dislocations, so that the stress 
had to be increased to produce further plastic flow. On the basis of 
this model, Taylor obtained the following parabolic relation between 
stress o and strain e when the distance between the arrested dislocations 
in one plane was taken equal to the distance between the planes: 


o = kG(eb/L)* 


where & is a constant, G is the shear modulus, } is the Burgers vector 
and L is the distance to which a positive and a negative dislocation 
separate before being stopped. 

CoTTRELL®: §*) has pointed out that the major arguments against 
Taylor’s theory are as follows: 


(a) the uniform superlattice of dislocations is not compatible with 
the inhomogeneities of deformation observed experimentally (slip 
bands, bands of secondary slip) ; 

(b) a pair of arrested dislocations in parallel planes does not form 
an effective barrier to slip, as the dislocations are only immobile 
with respect to one another and not to the lattice, so that other 
dislocations can force the pair to move; 

. (c) a parabolic relation between stress and strain is inadequate, 
as three stages are now known to occur in the stress-strain curves of 
face-centred cubic single crystals. 


Morr has proposed a detailed theory of work hardening which, 
in some respects, is an extension of Taylor’s. Mott considers that n 
dislocations from Frank—Read sources become piled-up against sessile 
dislocations in the slip plane, separated by a distance 2L. At any 
obstacle the pile-up is formed from dislocations of the same sign. 
That the dislocations in the piled-up groups do not move back under 
the influence of the back stress from the pile-up, when the stress is 
removed, is explained in the following manner. It is considered that 
further sessile dislocations are formed, between the edge parts of the 
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dislocations in the primary system and the edge parts of dislocation 
loops generated from sources on secondary systems, by the stress 
around the piled-up groups. The hardening is ascribed to stresses 
around the piled-up groups which may be regarded as “‘super-dislo- 
cations” of strength nb. The theory differs from Taylor’s in that the 
piled-up groups are locked in position, they are n times stronger than 
the Taylor dislocations and are correspondingly more widely spaced. 
If the distance between the slip planes containing the piled-up 
groups is x, the density of these groups is 1/r and the mean distance 
between them is (xl)*. The mean stress in the crystal acting on each 
group is given by 
G(r 
(2) 
2n(xL) 
The plastic strain ¢ is given by the product of the density of “super- 
dislocations” and (nb)L. Thus 


nb 


(3) 


Combining Eqns. (2) and (3): 


Thus Mott’s theory, like Taylor's, gives a parabolic relation between 
stress and strain, but it does not suffer from the first two disadvantages 
of Taylor's theory listed above. 

To eliminate the unknown parameter L from Eqn. (4), Mott con- 
siders that dislocations are generated dynamically by Frank—Read 
sources, i.e. the first loop produced from a source of length / requires a 
stress Ac = (b/l, but the source continues to produce loops due to the 
kinetic energy of the dislocations until the back stress on the source 
from the piled-up group is equal to Ac. The number of dislocations 
required to stop the source is 


n = (227 L/Gb)Ao 


Since Ao = Gb/l 


Substituting this in Eqn. (4), the relation between stress and strain 
becomes 

As Mott points out, Eqn. (5) is strictly parabolic only if / is constant 
and that it is unlikely that this is so for all stages of the stress—strain 
curve. The sources of greatest length will operate first and then shorter 
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sources will be activated as work hardening occurs. If / is taken as 
10-*cm, Eqn. (5) agrees well with the parabolic hardening curves 
formerly observed. Equation (5) also indicates that the stress—strain 
curve is independent of the slip distance L, which is in agreement with 
early experimental results on parabolic hardening, which show very 
little influence of orientation on the shape of the shear-stress versus 
shear-strain curve. 

Although Mott’s theory was a considerable advance, it is not suffi- 
cient to explain the three stages in the stress-strain curve. We now 
consider some proposals that have been made for more detailed theories. 


4.2. Theories of Easy Glide 


A detailed theory of easy glide has to be capable of explaining the 
influence of orientation, temperature, composition, size and extraneous 
deformation on the extent of and rate of hardening in this region. 
CoTTRELL™ has crystallized the difference between easy glide and rapid 
hardening by using the analogy of laminar and turbulent flow. How- 
ever, stage I, although it has been consistently called easy glide in this 
review, is not always truly laminar in the sense used by Cottrell, since 
kink bands and bands of secondary slip are detectable during easy 
glide and the rate of hardening may vary by nearly an order of magni- 
tude depending on the orientation. 

Morr®) has suggested that during easy glide most of the dislocations 
generated from Frank—Read sources leave the crystal. The first sources 
to act will be those of greatest length on the slip system with the 
highest resolved shear stress. These will generate loops which expand 
on the slip plane forming slip steps when they leave the crystal. The 
suggestion that dislocations leave the crystal during easy glide is in 
agreement with the very low rates of hardening observed in crystals 
oriented in the vicinity of the [110] corner of the standard triangle. 

However, the observations of Witsporr and KvuHLMANN-WILs- 
porF'”, 7) and others, on micro-slip, led Morr'*®” to suggest that there 
are many more sources acting at low strains than was implied in his 
theory of rapid parabolic hardening, and that each source produces 
only a limited amount of slip. He suggests that in easy glide very 
closely spaced micro-slip occurs in addition to slip giving rise to pro- 
minent bands, and the action of Frank—Read sources is “‘“non-dynamic.”’ 
This non-dynamic action is attributed to a frictional force damping 
the movement of dislocations, so that they cannot acquire a speed 
sufficient for the dynamic generation of dislocation loops, i.e. about 
half the speed of sound. With this slow movement of dislocations the 
back stress from a single loop may be sufficient to stop a source working, 
so that all the sources on the most suitably oriented slip system are 
brought into action at an early stage in the plastic strain and none of 
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them create many dislocations. Morr," following Corrre.,” 
considers that the non-dynamic motion of dislocations results from the 
fact that they must cut the forest of dislocations of the Frank net'®, * 
threading the operative slip plane. Using this model he obtains a 
linear relation between stress and strain which gives a rate of hardening 
which increases as the slip distance of the dislocations decreases. If 
the dislocations move distances of the order of the diameter of the 
specimen, the rate of hardening predicted is in agreement with the 
lowest rates observed during easy glide of face-centred cubic metals. 
On this theory the various rates of hardening encountered during easy 
glide can be interpreted in terms of the slip distances of dislocations on 
the primary system. 

The fact that the extent of easy glide increases as the size of the 
crystal decreases is in accord with Mott's suggestion, since there is a 
lower probability of dislocations being stopped within the crystal as the 
size decreases. It would be expected that the rate of hardening would 
also increase as the size increased. However, the experimental results 
are not decisive on this point as some indicate an increase in the rate of 
hardening as the size of the crystal increases, whilst others indicate that 
the rate of hardening is little affected. If surface films do restrict easy 
glide the effect could be explained readily by the increased difficulty 
experienced by dislocations in leaving the crystal. 

The fact that the dislocations on the first operative slip system have 
to cut through the dislocations of the Frank net intersecting the slip 
plane has been considered as a source of hardening in itself by 
Corrre.t,” Morr and Frrepev."*” This process produces jogs on 
the moving dislocations and on the stationary dislocations of the net. 
Since the jogs are pieces of dislocation one atom long, the energy of a 
jog U, is approximately Gb**. If the dislocations intersecting the glide 
plane are a distance / apart then, for the gliding dislocation to cut 
through one of the intersecting dislocations, a length / of the gliding 
dislocation has to move a distance 6 so that the work done by the applied 
stress is olb®. If olb* is greater than U, the gliding dislocation can cut 
through the dislocations of the net without aid from thermal fluctua- 
tions. However, if this is not the case, an energy U = U, — olb* has 
to be provided by thermal fluctuations. Thus, hardening from this 
source should be strongly temperature-dependent and decrease rapidly 
as the temperature increases. It appears'*. that at tempera- 
tures in the vicinity of room temperature the net is practically 
transparent to gliding dislocations, so that the process is not a source of 
hardening at these temperatures. In addition, since the rate of 
hardening in easy glide is practically independent of temperature, the 

* It has been suggested that the energy of a jog may be considerably less than Gb* 
as discussed by Friedel in his book Les Dislocations. 
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Fig. 37. Electron micrographs of fragmented slip bands on the surface of a crystal 


of copper. The crystal was pre-strained to a shear strain of 0-6 at room tempera- 


ture, polished and then given an additional strain of 0-05. The crystal is the same 
as that shown in Fig. 36, (¢) and (f)."’ All micrographs » 9000 
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cutting of the gliding dislocations through those of the Frank net cannot 
be a major cause of hardening. However, during easy glide the density 
of dislocations is increasing on the operative slip plane so that there 
will be an increased resistance to the movement of dislocations on 
secondary systems. This should be more pronounced at low 
temperatures. 

KorHLER®” considers that easy glide is an exhaustion hardening 
process, i.e. the longest Frank—Read sources are the first to operate 
but, when the dislocations from these are held up by obstacles in the 
slip plane, shorter and shorter sources are forced into activity. This 
mechanism is probably operative at small strains. 

Most work shows that the end of easy glide corresponds with con- 
siderable activity of secondary slip systems (cf. section 3.2) and 
GARSTONE et al.) suggest that the resolved shear stress on the primary 
system at which this occurs is a fixed multiple of the critical resolved 
shear stress. The higher the critical resolved shear stress for slip the 
more extensive is the region of easy glide necessary for the resolved 
shear stress to build up to the given multiple, for constant rate of 
hardening. The fact that secondary systems always start operating 
at stresses well below those expected is attributed to an increase in the 
resolved shear stress on the secondary systems because of dislocations 
piled up in the primary system. This theory explains the larger extent 
of easy glide in alloy crystals on the basis that the critical resolved 
shear stress for these crystals is high, so that more easy glide must 
occur before the corresponding high resolved shear stress needed to 
produce activity on the secondary systems is reached. The influence 
of particles of second phase in restricting or completely removing stage I 
is readily explained by the particles acting as strong obstacles to slip 
on the primary system, so that the piled-up groups formed around 
them cause early activity on secondary systems. 

GARSTONE et al.‘ use a similar explanation for the more extensive 
easy glide at low temperatures to that for the more extensive easy glide 
in alloys. They consider that lowering the temperature increases the 
critical resolved shear stress, so that more easy glide occurs before the 
shear stress on the primary system reaches the fixed multiple of the 
critical resolved shear stress corresponding to the end of easy glide. 
However, it is doubtful whether, in pure metals, the critical resolved 
shear stress is influenced by temperature. For crystals of copper, 
Nevuratu and Korner, and ANDRADE and ABoav'® 
found practically no variation in the critical resolved shear stress over 
a wide range of temperature. Similarly, for crystals of aluminium, 
Paxton and Corrre.i™ found no variation and NoGGLe and 
KoErHLER”® consider that the variation found by them for aluminium 
was due to impurities. 
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An alternative explanation advanced by SEEGER et al.,‘® for the 
increase in extent of easy glide with decrease in temperature, overcomes 
this difficulty. They suggest that the end of easy glide corresponds to 
the formation, for the first time, of a considerable number of dislocations 
on secondary systems, which are able to form Lomer—Cottrell sessile 
dislocations with the dislocations on the primary system (cf. section 
4.3). In order to form these sessiles some of the dislocation loops on the 
secondary systems must cut through the dislocations that have been 
building up on the primary system during easy glide. At low tempera- 
tures this cutting is difficult so that higher resolved shear stresses will 
be needed to produce the required activity on the secondary systems. 
Thus, easy glide will continue at low temperatures until the shear 
stress on the secondary systems has built up to a stage where the 
necessary dislocation cutting can occur without the aid of thermal 
activation. 

Mott’s idea that dislocations leave the crystal during easy glide is 
extended by Garstone ef al. in an endeavour to explain the influence 
of orientation on the extent of and rate of hardening during easy glide. 
They attribute the influence of orientation to the increase in the length 
of the slip direction as the orientation goes from [110] to the [111]-{100] 
boundary along the great circle between [110] and [211], thus making 
it more difficult for dislocations to leave the crystal without being 
stopped. This effect is probably responsible for some part of the 
influence of orientation, but cannot be the complete explanation since 
the rate of hardening during easy glide is hardly affected by a change in 
diameter by a factor of 3,7 whereas the length of the glide path can 
only be increased by a factor of 2 by changing the orientation in the 
above manner. In addition, as McKrynon“™* has pointed out, if this 
theory were correct rectangular crystals with the same length of glide 
path, but with different orientations of the specimen axes, should 
harden at the same rate. However, crystals of this type show a distinct 
difference in rate of hardening during easy glide. Jt seems more likely 
that the influence of orientation on the extent of, and the rate of hard- 
ening in, easy glide is related to slip on secondary systems resulting in 
the formation of sessile dislocations with dislocations on the primary 
system. The influence of orientation is then interpreted in terms of the 
ease of forming sessile dislocations as discussed below. 


4.3. Theories of Linear Hardening 

FriepeL"* has proposed that the rapid rate of work hardening in 
stage II may be ascribed to a particular distribution of Lomer—Cottrell 
sessile dislocations. These are formed by interaction of the dislocations 
of the primary system with those of secondary systems. LomEr‘®® 
pointed out the possibility of reaction between dislocations to give a 
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dislocation that would be difficult to move. The reaction is illustrated 
by the following case. One dislocation on (111) with Burgers vector 
ja [101] attracts a second on (111) with vector }a[011]. If they meet 
along a line [110] lying in the intersection of the two slip planes they 
may combine 


ha (101] + $a [011] 4a [110] 


to give a new edge dislocation whose line and Burgers vector lie in 
(001). Thus it cannot move easily, as (001) is not normally a slip plane. 

CoTTRELL™) has pointed out that the dislocation may become 
sessile, in the manner envisaged by Frank,‘ by dissociation 


ha [110] — ja [112] + fa[112] + [110] 


into partial dislocations. Two of these, }a[112] and ja[112], are 
repelled and move away in (111) and (111) respectively, leaving areas 
of stacking fault behind them in these planes. The remaining partial 
dislocation remains at the intersection of the slip planes. 

This array containing areas of stacking fault in two intersecting 
planes is clearly difficult to move, the more so the greater the widths of 
the stacking faults. Thus such a sessile dislocation will be an effective 
barrier to the movement of normal dislocations during slip. The 
conditions under which sessile dislocations may become glissile again 
are considered in section 4.4. 

Friedel considers that such Lomer-—Cottrell sessile dislocations are 
formed around each active source in at least two directions in the 
primary slip plane. The piling up of dislocations against these barriers, 
surrounding each source, then increases the stress necessary to operate 
the source. New sources eommence to operate and are in their turn 
blocked by the formation of sessile dislocations. This is in agreement 
with the experimental observations that more and shorter slip bands 
appear during stage II than stage I and these are short in all direc- 
tions.'®, &) The theory requires the operation of at least two secondary 
systems at the beginning of stage II, but the amount of slip on these 
systems need not be very great. It is observed that the length of the 
bands L is, in general, larger than the distance between bands, x. Thus 
FriepEL® suggests that since the piled-up groups in neighbouring 
slip planes are closer to a particular source than those in its own slip 
plane, it is the neighbouring groups which are responsible for hardening ; 
a loop traversing the slip plane has to overcome the oscillations of 
stress they produce. On this basis the rate of work hardening do/de 
may be calculated as 
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where G is the shear modulus, o the shear stress and « the shear strain. 
If L is 2 to 3 times z, as is usually observed, the rate so calculated is 
about 50 times too large, as the rate of work hardening in the linear 
stage is about G/200, although it depends somewhat on orientation. 
Thus it is necessary to invoke stress relaxation around the piled-up 
groups, by the operation of neighbouring secondary sources, in the 
manner suggested by Mort.’ To produce a linear rate of hardening 
z/L must remain constant during stage II. Friedel suggests that for 
large strains in stage II all possible sources are activated and then the 
same sources remain active, 1 and x being constant, and the average 
number of dislocations per piled-up group steadily increases. 

SEEGER, %, %) has also developed a theory of the linear stage 
based on the experimental observation that the length of slip bands 
decreases linearly during stage II. He approximates to this by the 
equation 

L = Aj(e — e*) 


where e* is a constant chosen slightly smaller than e, the strain at the 
onset of stage II and varying in the same way with crystal orientation. 
A = 4 x 10-* em for the values of Z observed for orientations in the 
middle of the triangle. The rate of hardening due to elastic interaction 
(neglecting the temperature-dependent part of hardening shown earlier 
to be a small contribution) is calculated as 


= «G(b/3.A)t 


where « is a parameter which varies with the geometrical arrangement 
of the dislocations. It is considered that « = }n', where n is the number 
of dislocations per piled-up group and n = 20 — 25. The number of 
dislocations in the groups in stage II is therefore constant on this 
theory in contrast to that of Friedel for large strains in stage II. 

The decrease in L with increasing strain is again attributed to the 
formation of sessile dislocations without considering their detailed 
arrangement. 

In both models the rate of hardening depends on temperature and 
orientation only in so far as these affect the slip pattern. Unfortunately, 
there is little evidence on either topic obtained by the necessary stage 
by stage examination. 

It should be noted that, in both theories, the slip distances of 
dislocations are correlated with the lengths of slip markings on the 
surface, observed by optical microscopy. The implicit assumption is 
that these markings are single slip lines, but there is no evidence on 
this point and usual experience would suggest that they are slip bands. 
In fact, the electron micrographs given by Seeger et al. (Fig. 37), 
corresponding to the optical micrographs in Fig. 36 (e) and (f), show that 
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at a slightly larger strain at the beginning of stage III the markings 
are definitely slip bands. There is so little difference in the prominence 
of the markings in Fig. 36 (c), (d) and (e), that it is difficult to believe 
that a sudden change from slip lines to slip bands has occurred. 
Therefore, for both theories the assumed arrangement of piled-up 
groups will require modification, as they have been considered as 
uniformly dispersed, whereas if the observed markings are slip bands 
there will be clusters of piled-up groups. This would make 2z/Z in 
Friedel’s theory much smaller, as is required for agreement with experi- 
ment if stress relaxation is not invoked. This point will be referred to 
later in section V, 4.3. 


4.4. Theories of Stage III 


The onset of stage III with a decrease in the rate of work hardening 
implies that the barriers to dislocation movement have been broken 
down or circumvented. It is agreed that this stage begins at lower 
strain for higher temperature and that at the same temperature it 
begins at lower strain for aluminium than for metals such as copper, 
silver and gold. Further, Jaovu'*” has shown that stage IIT begins at 
higher stress for higher content of alloying element in aluminium 
containing copper and zinc. 

The breakdown of a barrier formed by a Lomer-—Cottrell sessile 
dislocation requires that the partial dislocations be forced to recombine, 
under the action of the stresses of the piled-up group, either producing 
a dislocation which can glide in {100} or the two dislocations from which 
the sessile was formed. These possibilities have been discussed by 
and Strron®® and are illustrated in Fig. 38. 
The stress for breakdown is markedly dependent on temperature, as 
is the width of the stacking faults. The type of behaviour to be 
expected, as calculated by Stroh for copper and aluminium, is shown 
in Figs. 39 and 40 for the two possible mechanisms. 

However, SEEGER et al.®) have suggested that an easier process for 
relief of stress in the piled-up groups is by dislocations “leaking” out 
of pile-ups by connecting slip on the cross slip plane, the slip direction 
being common with the primary system. It is suggested that the stress 
necessary to cause the screw components of these piled-up dislocations 
to slip on the cross plane is less than that for breaking through the 
barriers. The dependence of this process on temperature is similar to 
that for the break-through mechanism, as both depend to a large extent 
on the stacking-fault energy. In favour of this view is the experimental 
evidence that connecting slip on the cross plane is observed to be most 
marked when stage III begins. Also there is no observed tendency for 
the short slip bands observed at the end of stage II to increase in length 
in stage III, as would be expected if break-through were important. 
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The most direct evidence that extended dislocations cannot readily 
change their slip plane is found in the recent observations of WHELAN, 
Hrrescu, Horne and Botitmann,"® by electron microscopy in trans- 
mission, on stainless steel foils. The extended dislocations in stainless 
steel do not show what we have called connecting slip, whereas this 
was frequently observed for aluminium by Hrrscu, Horne and 
Wueran."" This supports the view that in a particular metal the 
stress necessary to cause leakage from the pile-ups will depend on the 


(c) (d) 
Fig. 38. Schematic illustration of two methods of breakdown of a 
barrier formed by a Lomer—Cottrell sessile dislocation. 


(a) Pile-up of dislocations against the barrier 

(6) Collapse of barrier into a dislocation on (001) 

(c) Collapse of barrier into dislocations on (111) and (1 11) 
(d) Alternative form of barrier, CoTTRELL'*”’ 


stacking fault energy and its temperature-dependence may be explained 
in this way. 

Friepe. suggests that the critical stress at which connecting slip 
begins, for a particular strain rate, will be given by a relation of the 
type 

= Gf(de/dt)T-™" 
where n 1 for the model of Seecer et al.‘® in which an increasing 
number of groups of fixed strength form in stage II. For Friedel’s 
suggested picture of a fixed number of groups of increasing strength 
n = 2, and he has suggested that this is in slightly better agreement 
with experiment. 

The leakage of dislocations by connecting slip results in a relief of 
the stress in the pile-ups, and annihilation of dislocations with those of 


opposite sign from neighbouring pile-ups allows this mechanism to 
proceed. Thus both the reduction in flow stress on work softening and 
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100 200 300 400 500 600 700 


Temperature, °K 


Fig. 39. Stress at which a Lomer—Cottrell sessile dislocation gives way 

by recombination, plotted as a function of temperature, for two different 

values of the dislocation width [{; (a) copper C/a 0-2; (b) copper 

t/a = 0-3, (ec) aluminium {/a = 0-2, (d) aluminium = n is 

the number of dislocations piled up under a resolved shear stress o, and 
G is the rigidity modulus 


0 100 200 300 400 500 600 700° 
Temperature 


Fig. 40. Stress at which a Lomer—Cottrell sessile dislocation gives way 


by dissociation, plotted as a function of temperature, for two different 


values of the dislocation width {; (a) copper ¢/a = 0-2, (b) copper 
t/a 0-3, (c) aluminium = 0-2, (d) aluminium {/a = 0-3. n is the 
number of dislocations piled up under a resolved shear stress o, and 


G is the rigidity modulus 
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the decreased rate of work hardening in stage III may be explained. 
There is still some hardening due to the continued piling up of edge 
dislocations which accompanies further slip. Friedel suggests that one 
might expect linear hardening in stage III with a rate about half that 
in stage II. The experimental evidence on this point is not clear. 
However, the rate of hardening in stage III exhibits some dependence 
on orientation, being small near [100] and large near [111]. This point 
will be taken up later. 

There is also the possibility discussed by Korn ier” and SEecer et 
al.“ that the screw dislocations after moving in the cross slip plane, 
and extending again, recombine their partial dislocations and return 
to the primary plane leaving edge dislocations in the cross plane. In 
this way new Frank—Read sources may be formed and further slip be 


possible. 


4.5. The Role of Sessile Dislocations in the Orientation Dependence of 
Work Hardening 


4.5.1. Jntroduction—In the past little attention appears to have been 
paid to the dependence on the orientation of a crystal of the rate of 
work hardening, except by Haasen and Lerprriep”™® and Haasen.™ 
The conclusion was that sessile dislocations have no special significance 
in work hardening. Seeger ef al. have attempted an explanation of the 
extent of easy glide considering only the formation of sessile dislocations 
in [011] for orientations near the [100]-{111] boundary and in [110] for 
orientations near [110]. However, as sessile dislocations in a single 
direction do not effectively block the slip plane, further consideration 
is necessary. We believe that consideration of the orientation depend- 
ence of work hardening leads to a greater understanding of its nature 
and some qualitative views are therefore put forward. 

We begin with the suggestion by Frrepe.® that to effectively 
block any primary source sessile dislocations in at least two directions 
in the primary plane are required. These directions are considered to 
be any of the three (110) directions in the plane. As before, the 
primary system is considered as (111) [101] for orientations in the 
standard triangle whose corners are [100], [110], [111]. Attention is 
concentrated mainly on sessile dislocations which form barriers to the 
primary system, as observations of the orientation change during 
deformation indicate that this system makes the predominant contri- 
bution to the deformation. Only dislocation reactions of the type 
discussed by Lomer'® and Corrre.i® are considered (cf. section 4.3), 
as, of the possible types considered by FrrepE.,"* these are the only 
ones in which the component dislocations have both long-range and 
short-range attractive forces and they are therefore likely to pre- 
dominate. Sessile dislocations may be formed by reaction of dislocations 
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whose Burgers vector lies in the primary slip direction with dislocations 
of secondary slip systems. However, the formation of sessile dislocations 
in the [101] direction, i.e. parallel to the primary slip direction, requires 
the interaction of dislocations of two secondary systems. It will become 
apparent that for any orientation the resolved shear stress is always 
high on systems capable of forming sessile dislocations in one of the 
three possible directions. The orientation dependence of work hardening 
then, on this picture, attaches to the condition for the formation of 
sessile dislocations in a second direction and this depends on the 
activity of secondary systems. 

The second postulate is that dislocations will move on any secondary 
system for which the resolved shear stress is a reasonable fraction of 
that on the primary system. As emphasized earlier, the metallography 
of deformed structures gives only a minimum indication of the slip 
activity, and movements of dislocations sufficient to produce sessile 
dislocations may not be noted metallographically. Further, there are 
observations of secondary slip on the surface during easy glide and of 
continuous secondary slip in the interior at a very early stage,'*. §» 
when the critical shear stress is only slightly exceeded. Initially, 
stages I and II are considered together, as the experimental evidence 
is that if the rate of hardening in stage I is high it is also high in stage 
II, although the dependence on orientation is not as great. It will be 
suggested that the dependence of work hardening on orientation in 
stages I and II depends on the efficiency of production of sessile 
dislocations in a second direction. Therefore, the best criterion for 
the activity of the secondary systems is, in general, the resolved shear 
stress on the systems, neglecting for the present any latent hardening. 

Use will be made of the calculated curves of resolved shear stress on 
the ten likely secondary systems given by Dreni, Krause, Orren- 
HAUSER and STauBwassER." These are reproduced in Fig. 41 for 
the standard triangle, the resolved shear stress as a fraction of that 
on the primary system being plotted, in contours of relative resolved 
shear stress, for all orientations for the ten systems. It will be noted 
that there exist orientations, at various corners of the triangle and 
along boundaries, for all ten systems where they are equally favoured 
with the primary system, and that as the orientation departs from 
these locations the relative resolved shear stress decreases at various 
rates. The naming of the systems is as in Fig. 1. The eleventh 
secondary system (111) [011] does not have appreciable values of 
relative resolved shear stress for any orientation and is therefore 
omitted by Diehl et al. 

We now consider which combinations of the twelve possible slip 
systems produce dislocations capable of forming sessile dislocations in 
the primary plane, and then which of these are likely to operate for 
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Fig. 41. Curves of constant relative resolved shear stress for the ten 

likely secondary slip systems. The numbering of the systems is as in 

Fig. 1 and the relative resolved shear stress is calculated as a fraction 

of the resolved shear stress on the system B IV, i.e. the primary system, 
for orientations in the standard triangle’! 
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particular orientations. The condition for possible production of 
sessile dislocations is taken to be that the Burgers vectors of the pair 
of dislocations make an angle of 120° with each other. The pairs of 
slip systems capable of producing sessile dislocations in the primary 
plane are listed in Table 1, it being understood that for a given pair of 
stated slip systems the corresponding “half slip systems,” in FRrEDEL’s 
terminology,"*® of two dislocations with Burgers vectors in the same 
directions, but of opposite sense, may produce a sessile dislocation in 
the same direction. The possible systems are classified according to 
the direction along which the sessile dislocation is produced and the 
nomenclature according to Fig. 1 is given also. 


TABLE 1 


Combinations of Slip Systems which may form Lomer-—Cottrell 


Sessile Dislocations in the Primary Plane 


Direction of sessile 


dislocation line Pairs of slip systems 


[011] | (111) [110] 
BIT (111) (110}—C IT (111) 


B IV (111) [101}—A VI (111) [011] 
BV (111) (011}—A III (111) (101) 


BV (111)(011J}—DI_ (111) [110] 
BIL (111) VI (111) 


4.5.2. Orientations near {111]}—For orientations of the tensile axis 
near [111] rapid hardening is observed. From Table 1 and Fig. 41 it 
is clear that sessile dislocations are readily formed in the [011] direction 
by the operation of the systems B IV and C I, the normal primary and 
conjugate systems. The formation of sessiles in the [110] direction is 
unlikely as systems A VI and A IIT both have zero resolved shear stress 
at the [111] corner. Sessile dislocations can be formed in the third 
direction [101] by the operation of systems B V and D I both of which 
have relative resolved shear stress of unity at [111]. However, it should 
be noted that the relative resolved shear stress on system D I decreases 
rapidly as the orientation departs from [111]. Thus we expect sessile 
dislocations in the [011] and [101] directions, for these orientations, 
produced by the operation of the systems B IV, C I, B V and D I, ie. 
by slip on the primary, conjugate and cross slip planes, two directions 
being active in the primary plane. These planes are observed to operate 
in practice. Near the [111]-{110] boundary bands of secondary slip 
which contain a high proportion of traces on the primary plane are 
observed, presumably because of the operation of the system B V, 
namely, slip on the primary plane in a direction different from the normal 
primary direction. These bands would be expected as the rotation 
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produced by this secondary system is almost opposite to that of the 
primary system and we therefore expect a tendency to mutual exclusion 
of the systems as discussed earlier (section 3.3.2). The evidence is then 
consistent with expected behaviour. 

It is also observed experimentally that the rate of hardening falls 
off rapidly near the [111]-{110] boundary as the orientation departs 
from [111]. It will become apparent later that the formation of sessile 
dislocations in directions other than [110] is difficult for orientations 
near [110] and the rapid decrease in rate of hardening observed may be 
ascribed to the rapid fall off in the relative resolved shear stress on 
systems D I and C I, as the orientation departs from [111] down this 
boundary, the likelihood of forming sessile dislocations in two directions 
decreasing rapidly. 

4.5.3. Orientations near |100}—Near [100] high rates of hardening are 
also observed and for this orientation sessile dislocations in the [011] 
direction are once more readily produced by the operation of the normal 
primary and conjugate systems B IV and C I, although the combination 
B II-C III may contribute. For sessile dislocations in other directions a 
perusal of Table 1 and Fig. 41 reveals that the relative resolved shear 
stress is low for one member of each of the possible pairs of systems 
which can produce sessile dislocations in the other directions. There is 
therefore an apparent anomaly for these orientations. However, this is 
resolved if one considers the metallographic observations for crystals of 
these orientations (section 3.3.1). The most favoured secondary system 
is A III in the critical plane for which the relative resolved shear stress 
is very high for a large range of orientations near the [100]-{110] 
boundary. Also, as pointed out earlier, it produces a rotation out of the 
standard triangle and a strong tendency to mutual exclusion of this 
system and the primary system exists. The experimental observation 
is that strong clustering of slip bands producing bands of secondary 
slip is always observed, and even in macroscopic portions of the crystal 
the system to operate first may differ. These inhomogeneities, therefore, 
originate at the very beginning of deformation. 

Thus, we find bands where slip is predominantly on the primary 
system bordering on bands of secondary slip where slip on the critical 
plane, presumably on the most favoured system A III, operates. The 
operation of the primary and conjugate systems together does not give 
rise to these bands as their rotations are such that simultaneous or 
closely alternating operation is possible. At the junction of the bands 
of primary and secondary slip the necessity to maintain coherence 
dictates that considerable internal stress must be created, because the 
slip directions of the two predominant systems make an angle of 90° 
and the planes are inclined at 70°. These stresses will be of exactly the 
right kind to activate the systems A VI and B V necessary for the 
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production of sessile dislocations in the second direction [110]. Perhaps 
some will be produced in the [101] direction by the interaction of B V 
and D I, but except right at [100] the relative resolved shear stress on 
system D I is lower than for A III and we therefore expect the B V- 
A III reaction to predominate. The possibility of hardening by the 
formation of sessile dislocations is therefore intimately connected with 
the inhomogeneities of deformation and the sessile dislocations formed 
will be predominantly in the [011] and [110] directions. Similarly, in 
regions where the system A III is the primary system, sessile disloca- 
tions can be formed on [110] and [011]. It should be noted that the 
situation near [111] described previously is quite different, as the 
predominant systems in the bands of primary and secondary slip lie 
in the same plane with directions 60° apart and will therefore not 
produce high internal stresses. 

For orientations right at [100] similar but rather more complex 
considerations apply. There are numerous pairs of active systems 
capable of giving sessile dislocations in directions lying in the (100) 
plane, but for sessile dislocations in other directions mechanisms of 
the type described above must be invoked. 

4.5.4. Orientations on the [100]-{111] boundary—For orientations on 
the [100]-{111] boundary the main combination producing sessile 
dislocations in the [011] direction is, of course, that of the normal 
primary and conjugate systems. The production of sessile dislocations 
in the [110] direction can occur for orientations departing from [100] by 
the operation of the combination B V—A III for, although the inhomo- 
geneities invoked for orientations near [100] are observed to become 
less pronounced, but not to vanish, the relative resolved shear stress 
on system B V increases at the same time, while that on system A III 
remains high. In the range near [111] where the relative resolved shear 
stress on A III decreases the production of sessiles in the [101] direction 
by the combination B V—D I is favoured. Thus, there should be no 
great variation in the rate of hardening along this boundary, with 
perhaps less rapid hardening near its centre. 

4.5.5. Orientations at {110]—For orientations right at [110] there is 
similar complexity to that found for [100]. Four slip directions in 
two planes are equally favoured, and sessile dislocations in the [110] 
direction are readily formed. The production of sessile dislocations in 
a second direction would depend, as for orientations near [100], on 
inhomogeneities of deformation, but there is insufficient evidence to 
consider this case in detail. It should be noted, however, that apart 
from the systems B V and A III, which give sessile dislocations in the 
above direction, the system A VI is the only one for which the relative 
resolved shear stress is high at [110] and this decreases rapidly away 
from this corner. The higher rates of hardening observed very close to 


69 


b 
“ 
Pigg 
¥ 
. 


METAL PHYSICS 


PROGRESS IN 


[110) do not therefore extend to orientations appreciably removed from 
the corner. 

4.5.6. Easy glide orientations—There remain the so-called easy glide 
orientations contained in the sector beginning slightly away from [110] 
and containing the central portion of the triangle. This is approximately 
the area in which the relative resolved shear stress on the conjugate 
system is small, so that sessile dislocations in the [011] direction are less 
readily formed by reaction of dislocations of the primary and conjugate 
systems. The other pair of systems capable of forming sessile disloca- 
tions in this direction, B II and C III, also have low relative resolved 
shear stress in this area. Sessile dislocations may be formed in the [110] 
direction by the operation of systems A III and B V which are favoured 
in this region, but the pairs of systems capable of producing sessile dis- 
locations in the [101] direction each contain a member which has low 
relative resolved shear stress. The most likely pair is B V-D I and DI 
has zero resolved shear stress along the great circle from [110] to [211). 
Thus it appears that the efficiency of production of sessile dislocations 
in a second direction is low in this region. Further, the metallography 
of crystals of such orientation reveals a uniform distribution of slip 
bands, the most prominent inhomogeneities being kink bands, for 
which the internal stress can be mainly accommodated by accumulation 
of dislocations on the primary system. It is clear that as the orientation 
of the crystal changes during deformation by operation of the primary 
system, the resolved shear stress on the conjugate system increases and 
the efficiency of production of sessile dislocations in a second direction, 
[O11], increases. 


4.6. Unifying Concepts 

4.6.1. Introduction—In the previous section we have discussed the 
dependence of the rate of hardening on orientation considering stages 
I and II together, as the rates of hardening in the two stages are found 
to vary with orientation in a qualitatively similar manner. It is 
apparent that the main features of this variation are explained by con- 
sidering the rate of hardening to be related to the probability of forming 
sessile dislocations in two directions in the primary plane. For stages I 
and II the rate of hardening depends primarily on the orientation and 
is virtually independent of the temperature. The linear hardening in 
stage II is adequately explained by the theories of Friedel and Seeger 
outlined in section 4.3. However, the available experimental evidence 
is not sufficient to decide which is to be preferred. In both theories 
some modification may be required when the nature of the slip markings 
observed in stage II is known more exactly. 

There remain to be explained the greater sensitivity of the rate of 
hardening in stages I and III to orientation, the effects of temperature 
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and composition on the extent of stages I and II, and the effects of 
size and extraneous deformation. 

4.6.2. The sensitivity of hardening to orientation—Since there is a 
relation between the rates of hardening in stages I and II, we ascribe 
them to the same basic cause: the blocking of the primary slip plane 
by sessile dislocations in two directions. However, the extent of and 
rate of hardening in stage I are much more sensitive to orientation 
than are these parameters in stage II. This may be explained by 
invoking Mort’s suggestion” that in stage I a substantial proportion 
of the dislocations can leave the crystal. The orientation profoundly 
affects the efficiency with which sessile dislocations can be created in 
the necessary directions to block the active sources, so that dislocations 
no longer escape at the free surface, and thus the extreme sensitivity 
of both parameters to orientation is explained. 

The long ranges of easy glide are found in crystals of orientation 
such that the efficiency of production of sessile dislocations on a second 
direction is low and considerable strain takes place before the active 
sources are blocked off from the surface. Easy glide is terminated at a 
strain for which the accompanying rotation of the crystal axes has 
sufficiently increased the efficiency of production of sessile dislocations. 
This is clearly in accord with experiment. Further, this view is strongly 
supported by PaTEerson’s observation™ that if the strain is carried 
out in push-pull deformation, so that there is no over-all rotation of the 
axis, the range of easy glide is greatly increased. 

For orientations which harden rapidly from the beginning we have 
seen that sessile dislocations in two directions may be produced readily 
so that relatively few dislocations reach the surface even at the begin- 
ning of deformation. Thus stage I is very short or even virtually 
absent and there is less change in slope of the stress-strain curve on 
passing from stage I to stage LI. 

Of interest in this regard are the results obtained by BucKLEY and 
EntwistLe™ who found that the Bauschinger glide strain in aluminium 
crystals increases rapidly during easy glide, but becomes almost 
constant during stage II (cf. section 2.1.1). This may be explained on 
the suggestions put forward here. As easy glide proceeds an increasing 
number of dislocations are retained in the crystal as the active sources 
are progressively blocked, but the sessile dislocations responsible for 
the blocking may be at relatively large distances from the source. 
Thus slip distances at the end of stage I are approximately 0-1- 
1 mm.‘*, ) As easy glide proceeds, increasing numbers of trapped 
dislocations can run back a considerable distance on reversal of the 
stress. In stage II, as we have seen earlier, increasing numbers of 
dislocations are trapped but their free path continuously decreases and 
the Bauschinger strain tends to a constant value. As pointed out by 
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Seecer ef this supports Mort's view that the increased 
number of sessile dislocations gives greater stability of hardening in 
stage II. 

Once stage I is terminated, the rate of work hardening increases. 
There is less dependence of the rate of work hardening on orientation 
in stage II for two principal reasons. The first is that the strain in easy 
glide, which may be considerable, alters the orientation of the crystal 
towards the [100}-{111] boundary. The second is that most of the 
dislocations are now retained in the crystal. Both of these factors 
increase the efficiency of production of sessile dislocations, on which 
the rate of hardening depends, the second one being a fundamental 
change in the situation. However, some dependence of the rate of 
hardening on orientation remains in stage II and, as for stage I, this is 
related directly to the variation of the efficiency of forming sessile 
dislocations with orientation. Thus the rate of hardening in stage II 
follows the same general trend, as a function of orientation, as that 
found for stage I, although the over-all variation is smaller. 

The dependence of rate of hardening in stage III on orientation may 
also be explained. There is very much more rapid hardening for crystals 
oriented near [111], and this is probably due to the fact that only for 
such orientations is a substantial proportion of the sessile dislocations 
formed in [101] directions. Such sessile dislocations parallel to the 
Burgers vector of the primary dislocations are effective obstacles to the 
operation of connecting slip of screw dislocations in the cross plane, 
which is currently held to be the mechanism of relief of stress in the 
piled-up groups and thus to be responsible for the decreased rates of 
hardening in stage III. As the orientation departs from [111] the rela- 
tive resolved shear stress decreases rapidly on system D I, whose 
operation is necessary for the production of sessile dislocations in [101]. 
For the remaining orientations there is only slight dependence of the 
rate of hardening on orientation and the rates are much lower. This is 
because the sessile dislocations lie mainly in [110] and [011] directions 
and interfere much less with the motion of the screws in the cross plane. 

4.6.3. Influence of temperature—The influence of temperature on the 
extent of easy glide is readily explained by Seeger’s theory outlined 
above. However, it is surprising that the rate of hardening during easy 
glide is not generally observed to decrease with decreasing temperature 
(section 2.1.2). A possible reason for this is that at low temperatures 
there are two opposing factors involved. Following SEEGER et al.,‘* 
the rate of hardening should decrease with temperature because of the 
greater difficulty experienced by dislocations on the secondary systems 
in cutting through the dislocations on the primary system. Thus the 
difficulty of forming sessile dislocations should increase and the rate of 
hardening decrease. On the other hand, as the temperature decreases 
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it becomes increasingly difficult for the dislocations on the primary 
system to cut through the forest of the Frank net and any dislocations 
of secondary systems threading the primary plane. Thus the rate of 
hardening should increase. Apparently these opposing tendencies are 
matched so closely that the rate of hardening is effectively independent 
of temperature during easy glide. 

As pointed out by Seeger et al. and Frrepe.,"*. ® there is virtually 
no temperature-dependence of the rate of hardening in stage II. This 
is to be expected if the rate of hardening is determined primarily by 
the geometrical considerations they have invoked (section 4.3). The 
end of stage II occurs at lower strains the higher the temperature, and 
this is accounted for by the view that the beginning of stage IIT is due 
to marked connecting slip causing leakage of dislocations from piled-up 
groups. The variation in the width of stacking faults in the extended 
dislocations, which must recombine to allow connecting slip, satis- 
factorily explains the temperature-dependence of the transition from 
stage II to stage III and its dependence on alloying. 

4.6.4. Influence of composition—The greater extent of easy glide in 
crystals of solid solutions is probably related to Cottrell locking of 
sources on the primary and secondary systems.‘** 1, 7) Jn a pure 
metal it is likely that the longest sources on the secondary systems 
produce dislocations, which form sessile dislocations with those on the 
primary system at an early stage in the plastic strain. In the case of 
alloys, although the motion of dislocations on the primary system is 
unimpeded by Cottrell locking once the yield stress is exceeded, second- 
ary slip is still hindered due to the locking of the sources on these 
systems. Thus more slip occurs on the primary system before the stress 
on the secondary systems is built up sufficiently to produce enough dis- 
locations to terminate easy glide by the formation of sessile dislocations. 

The more extensive easy glide which Rost”) observes in crystals 
with an alloyed surface may be due to similar reasons. He suggests 
that the additional implication here is that long surface sources are the 
first to operate in a crystal. Strong evidence that this is the case is 
provided by the experiments of Apams."°) He found that alloying 
the surface of a copper crystal with zine to a depth of a few microns 
resulted in the crystal showing yield point phenomena which were not 
shown by unalloyed crystals of copper. The yield phenomena disap- 
peared when the alloyed surface layer was removed. 

4.6.5. Influence of size—The size dependence of the extent of stage I 
and possible size dependence of the rate of hardening follow from con- 
sideration of the probability of forming the necessary sessile dislocations 
in a slip plane of given area. 

Near [100] if, as we have supposed in section 4.5.3, bands of secondary 
slip are important in the mechanism of hardening, it would be expected 
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that some exaggerated size dependence of the rates of hardening would 
be observed for thin crystals whose diameter is comparable with the 
scale of inhomogeneities. Relief of internal stress at the surface should 
then decrease the rate of hardening for smaller size. Suzuxt et al.” 
have shown that such a dependence is most marked for crystals near 
[100], although it is reversed for crystals very close (3°) to [100]; in 
the latter case, as we have seen, the behaviour is very complex. 
Further, McKrxynon™) has noted that for orientations near the 
[100}-[110] boundary the bands of secondary slip have much greater 
than normal tilts with respect to the surface, as would be expected if 
the internal stresses suggested here are relieved at the free surface. 

4.6.6. Influence of extraneous deformation—The experiments on the 
influence of extraneous deformation on the extent of and rate of 
hardening during easy glide do not agree in all details, but they may 
be interpreted in terms of activity on secondary slip systems. All the 
results outlined in section 2.1.7 show that the immediate influence of 
extraneous deformation, whether applied before tensile straining or 
after interrupting the tensile strain, is an increase in the flow stress 
necessary for plastic flow in tension. As suggested by Paxton and 
CoTTRELL,*’ this increase in flow stress is due to slip on secondary 
systems, activated by the extraneous deformation, increasing the 
density of dislocations intersecting the primary plane so that the 
applied stress has to be increased to provide the energy necessary to 
drive the primary dislocations through the denser forest of intersecting 
dislocations. Paxton and Cottrell, and Ressrock'”? find that the rate 
of hardening in stage I is increased by intermediate torsional strain. 
This implies that torsional strain increases the rate at which barriers 
are formed to the movement of dislocations on the primary system. 
It may be that parts of the dislocation loops on the secondary planes, 
generated by the torsion, are suitably arranged to form sessile disloca- 
tions with the dislocations on the primary system during subsequent 
tension. However, PaTrerson’s and McKrinnon’s observations, 
that the rate of hardening is unchanged or even decreased by prior 
deformation, suggest that dislocations on the secondary systems must 
be moving to create the necessary sessile dislocations. The fact that the 
rate of hardening in some of these experiments is lower than that 
obtained in the absence of prior strain can be explained by the exhaus- 
tion of the easy sources in the secondary systems during the prior 
straining. A striking demonstration of this effect is provided by 
McKinnon’s quenching experiment (section 2.1.7) in which activity on 
the four octahedral planes, as a result of quenching, caused an increase 
in the extent of easy glide and a decrease in the rate of hardening. 

As pointed out by Sexcer ef al.,* the results of their twisting 
experiments on crystals strained into stage II suggest that it is the 
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continued operation of secondary systems that is responsible for the 
high rates of hardening in this stage. However, the fact that the rate 
of hardening decreases temporarily immediately after twisting suggests 
that even in stage II the operation of secondary systems by twisting 
delays their re-operation in subsequent tension. 

4.6.7. Conclusions—lIt will be apparent that the argument presented 
here in common with other modern views of work hardening depends 
largely on the supposed formation of Lomer—Cottrell sessile dislocations. 
There is, however, little experimental evidence of a direct nature for 
their existence, although it is clear that barriers of some kind must be 
present in the work hardened metal, and this type of sessile dislocation 
is the most probable form of barrier. Further, it is seen that detailed 
consideration of the likelihood of their formation is in accord with much 
of the experimental evidence. 

Recently Takryama and Kopa,") from electron microscope 
studies of precipitation of 6’ phase in aluminium—4 per cent copper 
alloys, claim to have obtained evidence for the existence of Lomer- 
Cottrell sessile dislocations. Some of their particles of precipitate 
are oriented in a manner which suggests that they are nucleated by 
dislocations whose line and Burgers vector lie in <110) directions at 
right angles to one another. JACQUET’s observations on «-brass‘!®) 
certainly show that barriers may be created at points where two active 
slip planes cross and that dislocations pile up against such barriers. 
However, they also show cases where pile-ups occur without apparent 
reason and without any visible dislocations on a second intersecting 
system. This is the main point on which more evidence is required from 
experiment. Another aspect is the determination in more detail, by 
the stage by stage method, of the character of the slip markings as a 
function of temperature of deformation and orientation of the crystal, 
using the highest available sensitivity, but at the same time not neglect- 
ing the grosser inhomogeneities of deformation which may be present. 
Since there is doubt about the relation of surface indications to 
behaviour in the interior, observations by techniques such as those of 
Jacquet and McKinnon are likely to be of particular value. It is, of 
course, quite clear that metallographic observations should be related 
as closely as possible to stress-strain curves. Progress is therefore 
likely to depend on the integration of as many relevant techniques as 
possible in particular investigations. 


III. HEXAGONAL CRYSTALS 


1. Introduction 


In recent years research on the problem of work hardening has been 
concentrated on the face-centred cubic metals, in which work hardening 
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is very pronounced, whereas little attention has been given to the 
hexagonal metals, where very little work hardening is associated with 
the usual mode of deformation, basal glide. 

Although these metals are customarily considered as a single class, 
there is considerable variation in their structure and this is important 
from the point of view of deformation. The c/a ratio for precise close- 
packing in this structure is 1-633, but in the various metals the ratio 
differs to some extent from this ideal value. Some of the deviations 
are illustrated by the data in Table 2 and it can be seen that deviations 
of both signs from the ideal ratio are observed. Where the c/a ratio is 
greater than 1-633 there is close-packing within the basal planes and 
the common slip system observed for these metals is (0001) <1120). 
This is also the common system in magnesium where the c/a ratio is 
slightly less than the ideal value. However, as the c/a ratio decreases 
there is increasing probability that non-basal slip will take place. It 
is necessary therefore to bear these variations in mind in discussing 
the deformation of the “close-packed” hexagonal metals. 


TABLE 2 
Axial Ratios in Close-packed Hexagonal Metals‘! 


1-856 


2. Stress—Strain Curves 
2.1. Introduction 


Early work". 2) showed that the relation between shear stress and 
shear strain for single crystals of zinc was usually linear up to glide 
strains of approximately 500 per cent. However, such a single stage 
curve was not always obtained, for example, FaAnHRENHORST and 
Scumip" found a three stage curve for zine at 18°C, similar in form 
to the three stage curves currently obtained for crystals of face-centred 
cubic metals. The first stage was linear and characterized by a very 
low rate of hardening. This stage extended to glide strains of approxi- 
mately 140 per cent, irrespective of the orientation of the crystals. 
The second stage, which was also linear, was characterized by a much 
higher rate of hardening and, at a resolved shear stress of approximately 
0-8 kg/mm*, the onset of a third approximately parabolic stage was 
marked by a decrease in the rate of hardening. Somewhat similar 
results were obtained for cadmium by Boas and Scumip“™ and 
ANDRADE and Roscor.") Although hexagonal metals such as zinc 
and cadmium may show a three stage shear-stress versus shear-strain 
curve, the behaviour is totally different from that of face-centred 
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cubic metals, as the first linear stage, for hexagonal metals extends to 
glide strains nearly an order of magnitude greater than the largest 
strains obtained for face-centred cubic metals during easy glide. In 
addition, the rates of hardening obtained in the first linear stage are 
extremely small and, in fact, the rates of hardening in the second linear 
stage of higher rate of hardening are usually less than 0-5 kg/mm®, i.e. 
still less than the rates of hardening shown by face-centred cubic metals 
during easy glide. 


2.2. Influence of Orientation 


The form of the shear-stress versus shear-strain curve for hexagonal 
metals such as zinc, cadmium and magnesium is not nearly as sensitive 
to changes in orientation as is that of face-centred cubic metals. This 
is a direct consequence of the fact that such hexagonal metals usually 
deform by basal slip only. However, complexities arise in tensile tests 
if the angle between the basal plane and the axis of the specimen, 7p, 
is less than approximately 10° or greater than approximately 70°. If 
% is less than 10° the rotation resulting from a small amount of slip 
on the basal planes results in the grips blocking further slip on these 
planes and twinning usually occurs under such conditions. For short 
crystals this grip restraint may be present from the beginning of the 
test. The mechanism of deformation in crystals of zinc with such 
orientations has been studied recently by Brett and Cann.) They 
found that for small values of 7, pyramidal slip always preceded 
twinning at room temperature. If y. is greater than 70° the onset of 
plastic strain is associated with such severe geometrical softening that 
the work hardening is obscured. For values of 7) appreciably greater 
than 45°, geometrical softening arises from the increase in resolved 
shear stress on the basal planes which results from the rotation of the 
slip plane towards the direction of tension. This is discussed in detail 
by Scumip and Boas") and by ANDRADE and Roscor.”") Because 
of these complications stress—strain curves have usually been determined 
for orientations where 70° > 7 > 10°. 

Jrttson™!?) observed differences in the rate of hardening with 
orientation for crystals of zinc, but could not find any systematic 
correlation between orientation and rate of hardening. BuRKE and 
Hresarp"® found that the rate of hardening of crystals of magnesium, 
as indicated by stress-strain curves, varied with orientation. However, 
these differences were not significant when the results were plotted as 
shear stress against amount of shear. They observed pyramidal slip 
at room temperature in magnesium when the basal plane was nearly 
parallel to the axis of tension. 

Licker, Mastne and Scuréper™® have made a detailed investi- 
gation of the plastic behaviour of crystals of zinc in the range of 
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orientation 65° > y% > 10°. The tests were done at room temperature 
with a strain rate of 2 x 10-*sec~'. They found three stages in the 
stress-strain curve and in this respect their results are similar to those 
of Fanrennorst and Scumip.“" Two groups of orientations are dis- 
tinguished by Licke et al. The first group contains all orientations 
where the resolved shear stress is greater in one slip direction than the 
other. The second group contains orientations on the [0001}]-{1010] 
boundary where the resolved shear stress is the same for the two slip 


(0001) (0001) 


(1070) (1010) 


Fig. 43. Rates of hardening (g/mm*) in the first (a) and second (b) 
linear stages of the resolved shear-stress vs. shear-strain curves of 
Fig. 4200 


directions in the basal plane. The orientations of the crystals and the 
shear-stress versus shear-strain curves are shown in Fig. 42. 

For crystals in the first group, i.e. for all crystals except those 
oriented on the [0001]-{1010] boundary, the shear-hardening curves 
agree reasonably well. In all cases the first linear stage ends at a glide 
strain of approximately 130 per cent and the decrease in the rate of 
hardening, corresponding to the end of the second linear stage of higher 
rate of hardening, commences at a resolved shear stress of approxi- 
mately 0-4 kg/mm*. The shear hardening curves of the second group 
of crystals, in which two slip directions are equally favoured, do not 
coincide with those of the first group. This is due to the higher rates of 
hardening in the first linear stage obtained with these crystals. Similar 
behaviour has been observed by Dervuytrerse.”“™ In addition, the 
glide strain at the end of the first linear stage is less than the constant 
value of 130 per cent found for the first group. The rates of hardening 
in the first and second linear stages for both groups of orientations are 
shown in Fig. 43. It is clear that the crystals oriented on the [0001]- 
[1010] boundary harden at a higher rate in the first linear stage than 
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other orientations, but in the second linear stage the rate of hardening 
is practically independent of orientation. No asterism was detected 
during the first linear stage, but was found in crystals strained to near 
the end of the second linear stage. 


2.3. Influence of Strain Rate and Temperature 


In contrast to face-centred cubic metals, considerable recovery occurs 
in hexagonal metals such as zinc and cadmium at room temperature, 


1600 


“105°; 


Resolved shear stress, g/mm’ 
3 


i 
200 400 600 800 1000 1200 %00 
Shear strain, 


Fig. 44. Influence of temperature and strain rate on the resolved shear- 
stress vs. shear-strain curves of crystals of cadmium. The strain rate 
for the dashed curves was approximately 100 times greater than that for 
the full curves. These are average curves for various orientations’ 


so that the form of the stress-strain curve for these metals is sensitive 
to the rate of straining and the temperature of testing. The early work 
on the influence of strain rate and temperature is summarized by 
and Boas" and the results of Boas and shown in 
Fig. 44, illustrate the marked influence of temperature and strain rate 
on the shear-hardening curves for crystals of cadmium, averaged over 
various orientations. At high temperatures practically no hardening 
occurs even for shear strains in excess of 600 per cent and the shear- 
hardening curves consist of a single linear stage. At these temperatures 
recovery is extremely rapid as an alteration in the rate of straining by 
a factor of 100 has very little effect on the form of the curve. At room 
temperature the shear-hardening curve shows two linear stages and, 
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since recovery is less rapid here, the rate of hardening in each stage is 
sensitive to the rate of straining, increasing as the strain rate is increased. 
At low temperatures the shear-hardening curve again shows two linear 
stages, but the rate of hardening is extremely high in both of them. 
Here no recovery occurs and an alteration in the rate of straining by a 
factor of 100 has no effect on the form of the curve. 

Recently Licks et al.“ have investigated the influence of varying 
the strain rate for crystals of zinc. An increase in the rate of straining 
by a factor of four from 2 x 10-* to 8 x 10~* sec! did not alter the 
form of the stress-strain curve, which still showed the three stages 
found at the lower rate of straining. However, the rate of hardening in 
both linear stages increased in agreement with the results of Boas and 
Schmid. A further increase in the rate of straining to 2 x 10-* sec 
increased the rate of hardening in both linear stages still further. 
Some of the results obtained are summarized in Table 3. 


TABLE 3 


Influence of Strain Rate on the Rate of Work Hardening in Zinc 
Crystals. (After LUcxe et al.“ 


Rate of hardening (g/mm*) 


Shear-strain rate 
(sec~*) 


First linear stage | Second linear stage 


53 
79 


153 


It is surprising that, although an increase in the rate of straining 
increased the rate of hardening, no influence of the rate of straining on 
the glide strain corresponding to the end of the first linear stage was 
detected. This stage terminated at a glide strain of 130 per cent for all 
strain rates. This result implies that, although recovery of work 
hardening occurs in both stages at low strain rates, the barriers to the 
movement of dislocations responsible for the termination of the first 
linear stage, and for the higher rates of hardening in the second linear 
stage, are not influenced to any extent by the recovery that can occur 
at the lowest strain rate. Liicke ef al. investigated this matter in more 
detail by interrupting the tensile straining after approximately 70 per 
cent glide strain and re-testing the crystal after various rest periods at 
room temperature. They used the ratio (o, — o3)/(o, —o,) as an 
index of the recovery of work hardening where a, is the original flow 
stress, o, is the stress reached when the straining is interrupted and o, 
is the flow stress on re-straining. The extent of the first linear stage on 
re-testing was taken as the index of the degree to which the recovery 
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of the disturbances, responsible for the rapid increase in work hardening 
at the end of the first linear stage, had occurred. After resting for 
24 hr at room temperature recovery of work hardening was considered 
complete and, in addition, a glide strain of approximately 130 per cent 
was obtained on re-testing, as if no previous plastic strain had occurred, 
i.e. recovery of the disturbances to glide responsible for the termination 
of the first linear stage was also complete. After resting for one hour at 
room temperature considerable recovery of work hardening occurred, 
but only 50 per cent glide strain was obtained in the first linear stage 
on re-testing, indicating that practically no recovery of the disturbances 
responsible for the termination of the first stage had occurred. A rest 
period of 6 hr at room temperature gave a result intermediate between 
those obtained after 1 hr and 24 hr. Similarly Haase and Scumip“* 
found that complete recovery took place in 24 hr after 50 per cent strain 
and that slight recovery occurred in 30—40 sec. 

Interrupting the test after a crystal was strained into the second 
linear stage and resting at room temperature for 24 hr produced some 
recovery of work hardening,“ but on re-testing the crystal hardened 
at the same high rate characteristic of the second stage, i.e. complete 
recovery is not obtained in 24 hr once a crystal has been strained into 
the second linear stage. These results of Liicke ef al. suggest that two 
distinct types of barrier to slip, of vastly different stability, arise during 
the plastic deformation of zinc. 


2.4. Influence of Surface Conditions and Size 


Since very large strains are obtained for crystals of zinc and cadmium 
with very little work hardening, it is likely that most of the dislocations 
leave the crystals as suggested by Mort.’ Thus any surface condition 
which makes it difficult for dislocations to leave a crystal should play 
an important role in the plastic behaviour of these metals. 

The importance of surface condition was first demonstrated by 
Roscog,"*” who found that the critical shear stress for cadmium 
crystals was increased approximately 2-5 times by an oxide film approxi- 
mately 1000 atoms thick. The effect was less with thinner films and 
disappeared when the film was removed completely by etching. These 
results were confirmed for cadmium by CoTTREeLL and GrBBpons 
and similar results were obtained by Harper and Corrreti*) for 
zinc. Harper and Cottrell also showed that the rate of flow of an 
oxidized crystal of zinc in a creep test increased dramatically when the 
oxide film was removed with hydrochloric acid. Similar increases in 
creep rate were obtained by ANDRADE and Ranpa.i"™) for cadmium 
crystals. In this case the rate of flow increased when the oxide film 
on the cadmium was removed by various electrolytes. These effects 
do not occur in polycrystalline specimens of zinc and cadmium.‘!*®, 126) 
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Pickus and ParKER"*’) showed that the creep rate of a zinc crystal 
was sharply reduced when a thin layer of copper was plated on to the 
surface of the crystal and that the creep rate returned to a value 
characteristic of the unplated crystal when the plated film was 
removed. These experiments were done at elevated temperatures so 
that diffusion of copper into the zinc was an additional complication. 
GILMAN and Reap"**) conducted similar experiments in which they 
plated a film of copper on to a zine crystal and found a subsequent 
decrease in creep rate at room temperature. In tensile tests at room 
temperature Gilman and Read found that thin plated films of copper 
or gold increased the critical shear stress for zinc crystals. The increase 
in the critical shear stress was reflected in the stress—strain curves, 
those for the plated crystals lying above those for the clean crystals. 
The increase in critical shear stress due to the plated film varied with 
the orientation of the crystal, increasing as the angle between the basal 
plane and the tensile axis increased. Although the plated films 
increased the rate of hardening at low strains, the effect was not 
maintained, the plated and clean crystals giving the same rate of harden- 
ing after approximately 10 per cent elongation. With crystals oriented 
so that twinning occurred after some glide strain, the glide strain 
corresponding to the onset of twinning was greater in a plated crystal 
than in a clean crystal of identical orientation. In all cases the films 
behaved in a ductile manner and still adhered to the crystals after 
elongations of 200 per cent. 

Recently, Lirserr and Krxe"®) have investigated the influence of 
evaporated films of gold on the plastic behaviour of single crystals of 
cadmium. With films varying in thickness from 1-5 x 10-° to 
2-4 x 10-*cem the critical shear stress was always increased by 
approximately 25 per cent. In addition, in contrast to the results of 
Gilman and Read, this increase in critical resolved shear stress was 
independent of the orientation for values of y, from 13° to 51°. How- 
ever, Gilman and Read used triangular crystals so that their results 
were probably influenced by shape effects. The influence of films of 
gold on the form of the shear-hardening curves varied with the orienta- 
tion of the crystals. For small values of 7. (~ 15°) the shear-hardening 
curve for a gold-coated specimen always lay above that for a clean 
specimen even in the second linear stage, i.e. for the same glide strain 
higher resolved shear stresses were always required for the coated 
specimens. The glide strain corresponding to the end of the first 
linear stage was greater in clean specimens than in coated specimens, 
but the rate of hardening was the same. In the second linear stage 
the rate of hardening was greater in the coated specimens than in the 
clean specimens. For large values of 7) (~ 50°) the initial portions 
of the shear-hardening curves for coated and clean specimens were 
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4g characterized by geometrical softening and this was more pronounced 
3 in the clean specimens than in the coated ones. Initially the shear- 
= hardening curve for the coated specimens lay above that for the clean 
i a specimens, but after 150 per cent glide strain the two curves came to- 
7S gether. Thus, for these orientations the rate of hardening in the first 


linear stage was less in the coated than in the clean specimens. 

Metallographic examination of the coated specimens showed that the 
gold film adhered very well in areas where edge dislocations left the 
crystal, whilst in areas where screw dislocations left the crystal the 
film rumpled very badly and adherence was lost at quite low strains. 
Lipsett and King conclude that the film is not very resistant to shear 
forces normal to it, but is strongly resistant to shear forces in its plane, 
with the result that it breaks away from the surface rather than 
permit the passage of screw dislocations. VOL. 

Few experiments have been done on the influence of size and shape 
on the plastic behaviour of hexagonal crystals and it is difficult to 
separate size and shape effects from the effects of surface films. 
Roscoe» found that the influence of oxide films, in raising the critical 
shear stress for cadmium crystals, increased as the size of the specimen 
decreased for crystals greater than 0-5 mm in diameter. ANDRADE!® 
reports experiments in which Makin found that the critical resolved 
shear stress, for oxide-coated and clean crystals of cadmium, increased 
as the diameter of the crystals decreased for diameters less than 
05mm. However, the increase in critical resolved shear stress with 
decrease in diameter was no more pronounced in the oxide-coated 
specimens than in the clean specimens. These results are in contrast 
to those for face-centred cubic crystals where crystal size has little 
effect on the critical resolved shear stress.‘*7» 

The influence of crystal shape has been studied by Gruman” and 

HILMAN and Reap.“*) In rectangular zine crystals, with identical 
orientation of the specimen axis but with different lengths of glide 
path, Gilman found that the favoured slip direction was that with the 
longest glide path. This result is the opposite of that usually found for 
face-centred cubic metals (cf. section II, 2.1.5). Gmman and 
Barrett have suggested that the effect may be due to the influence 
of a surface film on the crystals. However, if, as suggested by Lipsett 
and King, it is more difficult for screw dislocations than edge disloca- 
tions to break through a surface film, one would expect that the short 
glide path would be favoured in the presence of a surface film in 
contrast to the experimental result. 

It is clear that more detailed experiments are required to elucidate 
the role of surface films, specimen size and shape in the plastic deforma- 
tion of hexagonal metals. However, most work suggests that the 
influence of surface films is such as to prevent the ready egress of 
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dislocations from the crystal. In this connexion, the observations of 
Barrett et al.%3-135) of an abnormal after-effect are of considerable 
interest. In these experiments an oxide-coated crystal was twisted and 
the after-effect which normally consisted of an untwisting was followed. 
When the oxide film was removed by an etchant, the normal after- 
effect was reversed, i.e. twisting occurred in the same sense as the 
original deformation. This abnormal after-effect has been observed by 
BARRETT in single crystals and polycrystals of zine and iron,“*® in 
polycrystals of cadmium") and by Barrett, Aziz and Marxson™*) 
in polycrystals of aluminium. Similar results have been obtained by 
Epetson and for polycrystalline cadmium. These 
results find a ready explanation on the basis of the piling up of dis- 
locations behind the oxide film during twisting and the release of these 
dislocations when the film is removed. 


3. Deformation in Simple Shear 


Perhaps the most informative experiments on hexagonal metals are 
those made by the technique of PARKER and WasHBURN ®, 137) 
which allows deformation of single crystals in simple shear. By this 
method observations of yield stress and rate of work hardening, as 
affected by various factors, have been made with the least ambiguity 
so far achieved. The principal conclusions can be summarized as 
follows. 

Reversal of the direction of shear after a small shear strain (0-08) 
lowers the stress-strain curve but does not affect the rate of work 
hardening. Crystals deformed in simple shear show no asterism and 
recover completely at relatively low temperatures. The introduction 
of sub-structures alters only the level of the stress-strain curve, but the 
rate of work hardening is substantially unchanged (Fig. 45). Changing 
the direction of stress, so that another slip direction operates and the 
first ceases, raises the level of the stress-strain curve without appreciable 
alteration in the rate of work hardening. However, if the crystal is 
oriented for duplex slip (two directions in the basal plane) the rate of 
work hardening is much higher, and this appears to be the only factor 
affecting the rate of work hardening at constant temperature in this 
type of experiment (Fig. 45). At 77°K the rate of work hardening is 
approximately five times greater than that at 298°K. 

Additional information is obtained in experiments of this type by 
observing the movement of low-angle boundaries under stress.“**, 15% 
This technique appears to allow the study of the movement of an array 
of like edge dislocations through the crystal under stress. The stress 
to move a low angle boundary was the same as the yield stress of the 
crystals, and again on reversing the stress a lower stress caused move- 
ment in the opposite direction. Motion proceeded at a constant rate 
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under constant stress at elevated temperatures. The motion was 
smooth and the difference in orientation across the boundary constant. At 
293°K the movement was jerky and an increasing stress was necessary 
for continued movement. At 77°K the motion was smooth, but again 
an increasing stress was required to maintain movement. At 293°K and 
77°K the difference in orientation across the boundary decreased 
during movement and the boundary assumed a complex shape. It 
appears that there are obstacles to the motion of dislocations which 
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Fig. 45. Shear-stress vs. shear-strain curves for crystals of zinc show- 
ing the influence of sub-boundaries and duplex slip. Tests done at 
208°kK" 


strip dislocations from the boundary, but which are more easily 
surmounted as the temperature increases, perhaps by climb. This is 
in agreement with the observed variation of rate of work hardening 
with temperature. 

Wasnpvurn® has shown that a low-angle boundary formed at or 
below room temperature, by local strain, is not an effective barrier for 
dislocations. However, such a boundary becomes effective as a barrier 
if the crystal is annealed at 400°C, presumably because climb of the 
dislocations allows the formation of a more stable array of lower 
energy. Thus, although the work hardening observed in deformation 
in simple shear can be removed by recovery, the increase in flow stress 
caused by the presence of low-angle boundaries cannot, and it may 
even be enhanced. 


86 


| 
| 
160 + - e* 
> 
| 
“07 
mm 
= 
>. 


WORK HARDENING OF METALS 


4. Metallography 


There is very little information for hexagonal metals which allows 
direct comparison of metallographic observations with stress—strain 
curves, and indeed attention is still focused more on the crystallography 
of the slip process than on precise study of the slip markings themselves. 
For zinc, cadmium and magnesium at room temperature, slip takes 
place predominantly on the basal plane in the close-packed directions 
(0001) <1120>. The usual observation is of long straight slip lines 
which continue until interrupted by inhomogeneities such as kinks or 
twins. 

Pyramidal slip during deformation at room temperature has been 
reported by Burke and Hrspparp""® in magnesium (> 99-95 per cent 
Mg) and Bewi and Cann" in zine (> 99-999 per cent Zn). In both, 
the crystals were deformed in tension and 7, was so small that basal 
slip was inhibited by constraints due to the grips. In magnesium the 
critical resolved shear stress for pyramidal slip was 52 g/mm* compared 
to 46 g/mm? for basal slip. The pyramidal slip was on the first order 
planes {1011} in the close-packed directions <1120>. The rate of 
hardening for pyramidal slip did not differ appreciably from that for 
basal slip at the small strains investigated. For zinc crystals the slip 
took place on a second order plane in systems of the type (1122) 
[1123], but there was some departure of the experimental determinations 
from {1122}, which was regarded as possibly significant. Gruman‘) 
has recently been able to reveal traces of this slip plane as lines of etch 
pits in zine containing 0-1 atomic per cent cadmium. He now considers 
the « bands he previously reported“ to be traces of pyramidal slip. 
Bell and Cahn determined the critical resolved shear stress in tension 
for this system as | — 1-5 kg/mm? compared to 0-035 kg/mm? for basal 
slip. 

Thus there is a great difference in the relative ease of operation of 
the different kinds of pyramidal slip in zine and magnesium. It should 
be remembered here that magnesium is almost ideally close-packed. 
Gilman has suggested that the pyramidal slip on {1122} in zinc has the 
peculiar characteristic that it occurs much more readily in compression 
than in tension. As pointed out by Bell and Cahn this is not a plane on 
which one expects slip on the basis of relative packing and the slip 
direction is not close-packed. These authors, in fact, entertain the 
possibility that the slip plane is irrational. Perhaps the behaviour is 
of the type suggested by Gi_man“*®*) for prismatic slip in zine at higher 
temperatures, namely “tongue and groove” slip on a “corrugated” 
slip plane. Under these conditions it can be seen that departure from 
a rational plane could readily take place if the “‘corrugations’’ were not 
strictly regular. The slip traces observed by Gilman, indirectly as 
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cracks in the oxide film, were of a wavy nature and there is some 
indication of this in Bell and Cahn’s micrographs. Also the ~ bands 
now believed to be {1122} slip were somewhat wavy and difficult to see. 

The slip on prismatic and pyramidal {1011} and {1012} planes 
observed in zinc and magnesium at high temperatures‘!?. “5, 46 is not 
relevant here, as work hardening has almost disappeared in the range 
of temperature in which they operate. However, it is interesting to 
note that Masrve and Scuriéper* concluded that the anomalous 
change in shape observed in some of their zine crystals, deformed at 
room temperature, could only be explained on the assumption that 
prismatic and pyramidal slip had occurred, even though this could not 
be observed. Another indirect observation which suggests that non- 
basal slip occurs in cadmium has been made by Brown *) who 
observed connecting slip by electron microscopy. 

In titanium, for which c/a is less than the ideal ratio, various slip 
systems are observed"**. ™ all having the same slip direction <1120); 
prismatic slip on {1010} is most common, but as the orientation is 
varied so that the c-axis approaches the stress direction, pyramidal 
{1011} and then basal slip are observed. There is evidence of connecting 
slip as would be expected where the slip direction is common. Prismatic 
slip has also been observed in beryllium." Thus, there is the expected 
tendency for slip systems other than basal slip to become important in 
hexagonal metals as the c/a ratio decreases. 

X-ray observations of asterism in zinc and cadmium indicate that 
under suitable conditions crystals can be elongated as much as 100 per 
cent without appreciable asterism developing.“*” In zinc Licks et 
al.“ found that no asterism was observed on deformation corres- 
ponding to the first linear portion of the stress-strain curve up to 
approximately 130 per cent shear strain. On straining further, so that 
the second linear portion of more rapid hardening was observed, 
asterism appeared. It may therefore be connected with the non- 
recoverable work hardening mentioned earlier. 


5. The Nature of Work Hardening 


Little is known of the processes responsible for work hardening in 
hexagonal metals. Part of the difficulty here is that the rate of harden- 
ing in hexagonal metals such as zinc and cadmium is very low, so that 
the barriers to the movement of dislocations, whatever their nature, 
are not very strong ones. In addition, recovery occurs during straining 
at room temperature. Thus, there is a tendency to regard hexagonal 
metals as a class characterized by truly “laminar” slip and absence of 
work hardening. 

Since three stages have been observed in the shear-hardening curves 
of the hexagonal metals zinc and cadmium, under suitable conditions 
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of strain rate and temperature, one might be tempted to postulate 
similar hardening mechanisms for hexagonal and face-centred cubic 
metals. However, in most other respects the characteristics of work 
hardening in hexagonal metals are quite different from those in face- 
centred cubic metals, as discussed below. Thus it seems unlikely that 
sessile dislocations are responsible for the hardening. If they are formed 
their characteristics must be very different from those in face-centred 
cubic metals. 

At room temperature the rate of hardening in the first linear stage 
for hexagonal metals is much less than that observed during easy glide 
of face-centred cubic metals and it is likely that most of the dislocations 
are leaving the crystal at this stage. In contrast to face-centred cubic 
metals the rates of hardening in the first and second stages for hexagonal 
metals are practically unaffected by orientation, with the exception of 
crystals on the [0001}-{1010] boundary, but are strongly temperature- 
dependent. This behaviour suggests that the major cause of hardening 
is the cutting of dislocations moving on the basal planes through the 
forest of dislocations intersecting these planes. Morr‘ has suggested 
that in hexagonal metals the screw dislocations pile up whilst the edge 
dislocations leave the crystal. A screw dislocation is considered to 
form a barrier to the movement of other screw dislocations on the basal 
plane when it has acquired sufficient jogs to stop its further movement. 
In this connexion Morr has suggested that in hexagonal metals 
there is a high concentration of immobile dislocations parallel to the 
hexagonal axis. If some of the sources on prismatic and pyramidal 
planes are active during the first linear stage, hardening can be explained 
by an increase in the density of the forest of dislocations and the conse- 
quent increase in the number of piled-up groups of screws. The transi- 
tion from the first to the second linear stage would then correspond to a 
sudden increase in the activity of these secondary systems, due to the 
stress concentration resulting from the piled-up groups. However, this 
type of explanation is inadequate as it would predict an orientation 
dependence of the rate of hardening. In addition, it cannot explain 
the observed recovery experiments since an increase in the density of 
the forest should not be affected by recovery at room temperature. 
As mentioned above, the recovery experiments of Licke ef al.1!% 
suggest that there are two distinct types of barrier which are 
distinguished by different rates of recovery. 

The only systematic dependence of the rate of work hardening on the 
orientation is observed for crystals oriented so that basal slip in two 
directions takes place more or less simultaneously. These show higher 
rates of hardening.'**, ". % The activity of two directions in the one 
plane would not be expected to form stable barriers and, in fact, the 
recovery processes are found experimentally to be similar after single 
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and double slip. It appears then that the higher rates of hardening 
observed must be ascribed to mutual interference of some kind between 
dislocations or groups of dislocations. In favour of this is the observa- 
tion that slip in the different directions tends to take place in discrete 
lamellae as though there is a tendency to mutual exclusion.“ 

From the observations of the movement of low-angle boundaries 
through crystals, it is concluded that there are barriers of some kind 
which strip dislocations from the boundary. These are found to be 
more readily surmounted the higher the temperature, but there is 
little indication of their nature. There is the further observation that 
when crystals are deformed in simple shear on one slip system, reversal 
of the stress produces deformation in the opposite sense at a somewhat 
lower stress. These observations indicate that as well as the hardening 
due to intersection with the forest, there are probably also pile-ups 
against the barriers, which will contribute to hardening and may 
activate neighbouring secondary sources. GrLMaANn"*) has in fact 
observed such pile-ups in dilute alloys of cadmium in zine. 

Apart from these rather indefinite suggestions, there is no clear 
indication from available experimental evidence of the mechanism of 
work hardening in hexagonal crystals. 


1V. Orner CryYSTAL SYSTEMS 


For these metals research has concentrated on the crystallography of 
slip, yield phenomena and fracture. The crystallography of the slip 
process in various metals in this group has been reviewed in detail by 
Mapprin and CHen®” in a recent volume in this series. There is 
insufficient detailed information on the stress-strain curves to enable a 
discussion of their work hardening characteristics. 


V. POLYCRYSTALLINE AGGREGATES 


1. Introduction 


The discussion in this section is confined to face-centred cubic metals, 
as it is apparent from the previous sections that this is the only class 
in which the study of single crystals has been sufficiently detailed to 
enable reasonable discussion of the process of work hardening. 

The rates of work hardening observed for polycrystalline specimens 
are intermediate between the highest and lowest rates observed for 
single crystals of various orientations. Although the yield stress varies 
considerably with the grain size, there is much less variation in the rate 
of work hardening.'*: 45) In general, the larger the grain size the lower 
is the yield point and the more rapid is the hardening, so that at high 
strains the flow stress tends to be independent of initial grain size.“ 

In polycrystals grain boundaries act as effective barriers to the 
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motion of dislocations. No easy glide is observed nor is it to be expected 
on the basis of the concept that it occurs only when a substantial 
proportion of the dislocations responsible for slip can leave a crystal. 
There is evidence from JAcQuet’s micrographs” that slip is quite 
marked before the commencement of measurable elongation in «-brass. 
This activity involves slip on two or three systems and pile-ups both 
at grain boundaries and at points where slip lines on different systems 
intersect. The mechanisms responsible for work hardening are therefore 
active in what is normally considered to be the elastic range. The 
higher yield stress observed for fine-grained aggregates may be due to 
the easiest sources being blocked by grain boundaries at shorter dis- 
tances and the pile-ups observed by Jacquet may extend through most 
of the grain before the yield stress is reached. There is also secondary 
slip with consequent opportunity for the formation of sessile disloca- 
tions. These factors are accentuated by the fact that the strain 
occurring before the yield stress is reached is greater the higher the 
yield stress. 
2. Experiments on Bicrystals 

Because they act as barriers to the motion of dislocations, grain 
boundaries are primary sites of stress concentration and inhomo- 
geneous deformation. As the orientation of a crystal in an aggregate 
is, in general, different from that of its neighbours, each crystal interacts 
with and imposes constraints upon its neighbours. These effects are 
most simply studied on bicrystals of known orientation relationship. 
The classical experiments of CHatmers™) on bicrystals of tin 
illustrate the marked influence of the change in orientation across a 
boundary on the plastic behaviour of the individual crystals. The 
bicrystals were prepared so that each crystal had an identical orienta- 
tion relative to the direction of the applied stress, but the crystals were 
rotated relative to one another about this axis. The flow stress and the 
stress necessary to produce an arbitrary amount of plastic strain 
inereased as the difference in orientation between the crystals increased. 

That the pile-ups at a boundary produce pronounced activity of 
unpredicted secondary systems is further demonstrated by the experi- 
ments of CLARK and CHaLmMers,'® Aust and CHen,"5”?) and Davis, 
FLEISCHER, LivinesTon and CHALMERS") on bicrystals of aluminium. 

Clark and Chalmers used bicrystals in which a {111} slip plane 
was common to both crystals and inclined at 45° to the axis of the 
specimen. The difference in orientation was obtained by varying the 
angle, 0, between the slip directions of the crystals. They showed that 
the extent of easy glide in the bicrystals decreased and the rate of 
hardening increased as the difference in orientation between the crystals 
increased. With this arrangement the maximum difference in orienta- 
tion of the slip directions occurs for 6 = 30° and it was found that the 
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rate of work hardening reached a maximum for this value and then 
decreased for variation in 6 between 30° and 60°. 

Aust and Chen used bicrystals of a different type from those of Clark 
and Chalmers. The two crystals of a pair had the same orientation 
relative to the axis of the specimen which was within 2° of <110> and 
the differences in orientation were obtained by a rotation, 0, about 
<110>. With this arrangement a rotation of the slip planes relative to 
the boundary was obtained. As the difference in orientation increased, 
the extent of easy glide of the bicrystals decreased, and the rate of 
hardening in stages I and II increased (Fig. 46). In contrast to the 


0-50 1.00 
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Fig. 46. Stress—strain curves for two bicrystals of aluminium 
having orientation differences, 9, of 5° and 85°15”) 


results of Clark and Chalmers, the flow stress of the bicrystals increased 
in a linear manner for a variation of 0 from 0 to 85°. 

Davis et al. used bicrystals of aluminium similar to those of Aust 
and Chen in that the two crystals of a pair always had the same 
orientation relative to the specimen axis. However, orientations of the 
specimen axis were selected so that initially one, two, four, six or eight 
slip systems were equally favoured in both crystals. For each orienta- 
tion of the specimen axis a constant difference in orientation between 
the crystals was obtained by rotation of one of the crystals by 45° 
about the specimen axis with respect to the other. For each axial 
orientation, stress-strain curves were obtained for single crystals and 
bicrystals. The single crystals were produced so as to have orientations 
identical with those of their counterparts in the bicrystals. For 
orientations of the specimen axis near the centre of the standard 
triangle, where initially only one slip system was favoured in each of 
the crystals of a bicrystal, the stress-strain curve of the bicrystal 
showed more rapid hardening and less easy glide than the stress—strain 
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curves of the component single crystals. For these orientations 
metallographic examination showed that slip systems other than the 
primary system were operating in the vicinity of the boundary. For 
orientations of the specimen axis where two, four, six or eight slip 
systems were equally favoured, the stress-strain curves for the bi- 
crystals and the component single crystals agreed very well. It appears 
from these experiments that a 45° grain boundary does form an effective 
barrier to slip if the orientations of the crystals on either side of the 
boundary are such that only one slip system is favoured in each. In 
this condition the operation of unpredicted secondary systems occurs 
in the vicinity of the boundary. Where the orientation of the component 
crystals is such that two or more slip systems are equally favoured, 
the rate of hardening due to the operation of secondary systems is such 
that the influence of the boundary is negligible. 


3. Experiments on Aggregates 


The nature of the inhomogeneities of deformation which occur in 
random aggregates has been investigated by Aston, YamaGucur, ‘16 
Boas and Harcreaves,"* Urre and Wary,"®) and 
Boas and Ocrivre"*) and the results have been summarized by 
HaRGREAVES."®) As in the bicrystals, a notable feature is the multi- 
plicity of slip planes observed to operate near grain boundaries, and 
therefore there will be ample opportunity for the formation of sessile 
dislocations probably in many directions, although this process may 
not proceed as rapidly as in some single crystals, for example those 
oriented near [111], where substantially all the slip activity is concen- 
trated on systems capable of forming sessile dislocations in the two 
directions most effective in causing hardening. 

It has been suggested"®) that the effects of interactions between the 
grains extend throughout the grains of a fine-grained aggregate, but 
affect only circumferential portions of larger grains. The interiors of 
such larger grains then deform in a manner approximating to that of 
the corresponding free single crystal. After further strain these interior 
portions are subdivided, because of the necessity for accommodation 
with the circumferential volumes. There is evidence for this type of 
behaviour in the micrographs shown by Boas and Ocarivie"™) of the 
deformation in the interior of «-brass specimens.* 

The stress-strain curves of polycrystalline metals have customarily 
been described as parabolic, but Crussarp,“®) FELTHAM and 

* A further observation by Ocrivie"* must be borne in mind when comparing the 
behaviour of fine-grained and coarse-grained specimens. He found that the proportion 
of boundaries of the special orientation relationship such that slip lines could cross from 
one grain to a neighbour increased with the duration of annealing. Therefore, the thermal 


history of specimens may influence their behaviour during deformation in this way, 
apart from the effects of differences in grain size as such. 
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Meakin" and Jaovu.™ have found that this is not an adequate 
representation of the whole curve. Feltham and Meakin have dis- 
tinguished a short portion of linear hardening at 0-2-1-7 per cent 
strain. The coefficient of work hardening in this stage was intermediate 
between the values obtained for copper crystals by BLewrrr et al.‘ 
The rate of hardening was not systematically related to the grain size. 
The stress at the end of linear hardening in the polycrystals o, varied 
approximately as the yield stress and was similar to that found for the 
end of stage II in single crystals. Further, the temperature-dependence 
appeared to be the same. 

However, the determination of o, cannot be made at all precisely 
in experiments such as this. For example, the straight line drawn by 
Feltham and Meakin in their Fig. 1 can be extended up to 2-6 per cent 
strain, the fit being as good as for the straight line they drew up to 
1-7 per cent strain and better than the parabola suggested, for the 
range 1-7—2-6 per cent strain. The extension of the linear range in this 
way involves an increase of approximately 25 per cent in the value of 
o,. In fact, the value of o, obtained in this type of experiment cannot 
be more than an indication of the deviation from linear hardening in a 
portion of the specimen. For specimens of large grain size an appre- 
ciable fraction of the volume of the specimen (chiefly the interiors of 
the grains) may continue to harden linearly after the macroscopic 
stress-strain curve departs from linearity. This may be the reason for 
the generally higher rates of work hardening at higher strains observed 
for specimens of large grain size. This effect is evident, for example, in 
the curves given by Jaov.'* (his Fig. 7) and in the results of CARREKER 
and Hissarp,") despite the complicating effect of different thermal 
histories which would make it less apparent. 


4. Correlation of Results for Single Crystals and Aggregates 


4.1. Introduction 


It appears that in the early stages of deformation of a polycrystal some 
hardening of a type similar to the linear hardening observed in single 
crystals occurs. With this in mind, a comparison will now be made of 
the behaviour of polycrystalline aggregates in the first 10 per cent of 
strain, with the corresponding behaviour of single crystals in a similar 
range of strain in stage II, i.e. after easy glide is complete. We shall be 
concerned mainly with the density of dislocations and the spacing of 
groups of dislocations, comparing results described in sections II, 
3.3.6 and II, 4.3 for single crystals, with those obtained from measure- 
ments of the stored energy on polycrystals and the evidence from x-ray 
micro-beam experiments already reviewed in this series by Hirscu. 
We consider copper and use the results of Seeger ef al. for a crystal of 
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orientation in the middle of the triangle, and those obtained by M. H. 
Loretto in association with the present authors for polycrystals of 
copper (99-98 per cent Cu). 

Firstly, an estimate is made from the values of the stored energy of 
the density of dislocations in the polycrystal. 

This estimate is then assumed to apply to a single crystal after a 
similar strain in stage II, as the rates of hardening for the polycrystal 
and single crystal are similar. It is pointed out that the slip markings 
observed for single crystals are not consistent with this estimate. 

Finally, the spacing of piled-up groups, as deduced from the disloca- 
tion density and the number per group, is compared with the sub-grain 
size found in the micro-beam experiments for similar strain. 


4.2. Calculation of Dislocation Density 


The results of CLAREBROUGH, HaRGREAVES and Lorerro"*®*) are for 
specimens of average grain diameter 30 microns and 160 microns, pro- 
duced by varying only the prior deformation, the thermal history being 
identical throughout. Stress-strain curves in compression and values 
of stored energy after a strain of ¢, = 0-095 were obtained using 
e, = In (1 + Ah/h). The initial rate of hardening was not investigated 
accurately, but the mean value was approximately 26 kg/mm?*. The 
average stored energy at e, = 0-095 was 0-03 cal/g, which corres- 
ponds to a dislocation density D = 2-9 « 10! em/cm* using values for 
the energy of a single dislocation as given by Corrrey,” namely 
5 x 10~* erg/cm for edges and 3-3 x 10~* erg/cm for screws. Following 
Seeger et al. we assume that there is twice the length of screw dislocation 
compared to edge. The calculation of density of dislocations in this 
way neglects any energy of interaction and if there are large pile-ups 
fewer dislocations will give the same stored energy; as pointed out by 
Srrou,”® the stored energy may even be almost independent of the 
density of dislocations. However, his calculation was made for large 
pile-ups where n = 1000, and Morr‘ has pointed out that the 
formation of such large pile-ups is unlikely. Further, it is now con- 
sidered that sessile dislocations are not sufficiently effective as barriers 
to permit the formation of such large groups. 

Srronu"® calculates that barriers formed by Lomer-—Cottrell sessile 
dislocations may fail by recombination under the stress of a piled-up 
group of 150 dislocations for copper, and 25 dislocations for aluminium, 
at room temperature. Further, Seeger ef al. suggest that at even lower 
stresses connecting slip relieves the stress before the breakdown value 
is reached. For copper they suggest a value of n = 25 dislocations per 
pile-up (cf. section II, 4.4). Thus, the interaction energy is very much 
less than was considered previously and the above procedure will 
serve for calculating orders of magnitude. In fact, for the particular 
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arrangement of groups considered below, substitution in Stron’s Eqn. 
(13)" shows that the energy of interaction is approximately equal to 
the sum of the energies of the corresponding isolated dislocations. 


4.3. Dislocation Density and Slip Markings 


We now make the assumption that single crystals and polycrystals 
may be compared with respect to density of dislocations in the range in 
which they harden at similar rates. The comparison is made for a total 
strain of e, = 0-095 for the polycrystal and an equivalent strain in 
stage II for the single crystal, i.e. neglecting the strain in easy glide. 
For the single crystal we use the results of Seecer et al.,‘* for crystal 
A in their Figs. 6 and 7. This crystal had an orientation in the middle 
of the triangle. Its rate of hardening in stage II was 27 kg/mm, 
relative to ¢,, in the range of e, = 0-048 — 0-144. From their Fig. 6 the 
length of active slip bands is / = 0-0031 cm at e, = 0-144. The essential 
point in the argument given by Seeger ef al. is that this length / can be 
equated to one dimension of the dislocation loops piled up against 
barriers. For simplicity these loops are considered to be rectangular, 
the screw components being twice as long as the edge components. 
The slip distance of the edge components is L, and that of screw com- 
ponents L,, where L, = / and L, = 1/2. The number of loops per unit 
volume is NV and the total concentration of edge and screw dislocations 
of both signs is therefore 2N(L, + L,) = 3Nl. The dislocations are 
considered to be arranged in groups and the experiments suggest a 
value of 25 for n, the number per group. 

We now make use of the value for the density of dislocations in 
the polycrystalline specimen calculated in section 4.2, D = 2-9 x 
10° cm/em*®. Equating this to the expression for the dislocation 
density calculated by Seeger et al., 3Ni = 2-9 x 10 cm/cm® and thus 
N = 3-1 x 10" loops/em*. Taking the number per group n = 25 the 
number of piled-up groups of loops per cubic centimetre, P, is 
1-25 x 10". The number which would be expected to appear on a 
surface perpendicular to L, is then /P = 3-9 cm~*. The numbers 
actually observed by BLewrrr et al.“ and Sexcer et al.‘ by optical 
microscopy are at least two orders of magnitude less than this. Several 
factors probably contribute to this discrepancy. Firstly, as has already 
been suggested, the slip markings observed optically are probably short 
slip bands and therefore consist of several groups of loops rather than 
single groups. Secondly, there may be many active slip lines which 
escape detection optically. Finally, the observations on the surface 
are probably not completely typical of the interior, as discussed in 
section II, 3. 

The first possibility receives some support from the electron micro- 
graphs of Seeger ef al. for copper (Fig. 37), as already discussed in 
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section II, 4.3. Other electron micrographs from the same source, for 
copper after a strain ¢, = 0-144 at room temperature, show that the 
slip markings are very much more closely spaced than are observed 
optically, and of varying step heights. This supports the second 
suggestion. However, as pointed out by Ketiy,' the shorter slip 
markings observed optically are less readily detected and we must 
therefore entertain the possibility that the lengths of active slip bands, 
measured optically, as well as the spacings, are much too large. Thus 
it is clear that much more detailed experimental evidence is required 
before theories of the type discussed in section II, 4.3 can be made 
quantitatively correct. 


4.4. Piled-up Groups and Sub-grain Size 


An alternative approach is to consider the average spacing, d, of the 
pile-ups by considering 1/d* = P. This gives d = 2 x 10~* cm, which 
may be compared to the value of the mean particle size given by Gay, 
Hrrscu and Keiity"” for copper rolled to a slightly lower strain of 7-3 
per cent, namely, ¢ = 2-8 x 10-*cm. Thus it appears that the pile-ups 
considered by Seeger ef al. may be related to the sub-boundaries observed 
by Gay et al., in agreement with the model these latter authors have 
suggested."'7") It is not possible to make an exact comparison because, 
as pointed out by Hrrscu,™ there is insufficient evidence to establish 
a definite model for the sub-boundaries. Further, as pointed out 
above, it is not clear how the piled-up groups are arranged. If, in each 
system of rectangular loops considered by Seeger et al., each side of the 
rectangle where dislocations of like sign are piled up against a sessile 
dislocation gives rise to a sub-boundary, there will be four times as 
many sub-boundaries as there are groups of loops. Their average 
spacing is then somewhat less, 1-25 « 10~* cm for copper at e, = 0-144, 
On the other hand if, as suggested above, the piled-up groups are not 
distributed singly but in clusters, i.e. slip bands and not single slip 
lines occur, then the clusters would presumably form the sub-boundaries 
and the average spacing of the clusters would be greater than that 
calculated for single loops. 

The density of excess dislocations of one sign in the boundaries, 
observed by Gay et al.“ in copper rolled 7-3 per cent, is 8 x 108 
lines/cm?, so that the misorientations can be accounted for with only a 
fraction of the available dislocations. This is to be expected if, as these 
authors point out, the dislocations causing misorientations have 
accumulated by micro-slip against pile-ups which do not contribute 
much to the misorientation.“ 

There is some uncertainty about the exact shape of the particles. 
They are possibly lamellae at small strains, but have probably become 
equiaxed when they have reached their constant (minimum) size. 
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One of the principal differences between single crystals and polycrystals 
may lie in the shape of the particles, as secondary slip systems probably 
make a much larger contribution to the deformation in polycrystals. 
However, if the sub-boundaries originate in pile-ups, then one expects 
the constant particle size to be reached when extensive leakage of 
dislocations from piled-up groups takes place by connecting slip; the 
geometrical arrangement should then be fairly stable. This would 
correspond to some change in the shape of the particles, the tendency 
being towards equiaxed particles. It is interesting to note that, as 
the screw dislocations undergo connecting slip away from piled-up 
groups, they create edge dislocations of one sign distributed in a small 
volume, so that sub-boundaries of exactly the type postulated on the 
basis of the micro-beam experiments are formed directly. One would 
also expect that the thickness of the boundary would be greater the 
larger the pile-up from which leakage occurs. This agrees with the 
experimental observation that sub-boundaries are broader in ‘“‘harder”’ 
metals,(27)) 

Two other experimental results are also in agreement with this 
suggested mechanism. The first is the relatively abrupt transition 
observed by Ketity"” in the curve of particle size as a function of 
strain for aluminium. The decrease of particle size with increasing 
strain is very rapid at low strains and then abruptly becomes very slow. 
The transition would correspond to leakage from pile-ups being 
established throughout the aggregate. The strain at which this transi- 
tion occurs will be lower for aluminium than for copper, as discussed 
earlier, and the constant particle size for aluminium will therefore be 
larger, as is observed. Secondly, the density of dislocations in the sub- 
boundaries, observed by Gay et al. for copper, increases by a factor of 
about 20 for an increase in strain from 7-3 per cent to approximately 
50 per cent. The densities of dislocations in copper, calculated from 
measurements of stored energy, increase only by a factor of approxi- 
mately 4 in the range of strain from 10 per cent to 55 per cent compres- 
sion. This difference can be explained on the basis of the above 
suggestion. In the early stages of deformation many dislocations in 
pile-ups do not contribute to the misorientation and are not detected 
by the x-ray method. After connecting slip begins a larger proportion 
of the new dislocations created give rise to detectable misorientation. 

Thus some progress is apparent towards a general explanation of 
the work hardening of single crystals and polycrystals on the basis of 
the argument discussed in previous sections. For example, in the 
formula given by Seeger et al. the flow stress is proportional to (nD)', 
D being the density of dislocations and n the number per piled-up 
group. On the other hand, Gay et al. have deduced a dependence of the 
flow stress on ¢-*, where ¢ is the dimension of the sub-grains. From their 
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expression for the density of dislocations in sub-boundaries, we have 
D = I/ht, where h is the spacing of dislocations in the boundary. 
Thus, t-* = (Dh)*. There is clearly a discrepancy between the two 
theories with respect to the influence of the arrangement of dislocations, 
but if, as proposed by Seeger ef al., the piled-up groups are of constant 
size, then the dependence of flow stress on dislocation density is the 
same in the two cases. The dependence of flow stress on ¢-* has been 
investigated by Bau," who finds good agreement with experiment 
for aluminium. 

The detailed comparison of the two models must wait on more exact 
experimental evidence, but it is clear that one can distinguish some 
common ground in both theory and experiment concerning the nature 
of work hardening in single crystals and aggregates. Experiments on 
the two classes of specimens are likely to prove to be complementary. 
In particular, a knowledge of the strain at which the particle size 
becomes constant, as a function of the temperature of deformation, 
would be of great interest, particularly if detailed metallography were 
available for comparison, as this would allow a decision as to 
whether a temperature-dependent process such as connecting slip plays 
a significant role in forming sub-boundaries. 


ACKNOWLEDGEMENTS 


We wish to acknowledge the considerable help we have received during 
the preparation of this article. We are indebted to Dr A. H. Cottrell 
for reading the manuscript and giving us his comments on it. Dr W. 
Boas has been a constant source of encouragement and information 
and we have benefited from many discussions with him. We are also 
most grateful to Mr J. F. Nicholas for his careful reading of the manu- 
script and his valuable detailed criticism. We have been privileged to 
have available the recent results of Mr N. A. McKinnon prior to their 
publication and to have had the benefit of several stimulating discussions 
with him. 

We would like to thank Drs J. Friedel, C. J. Ball and M. A. Adams 
for making manuscripts available prior to publication. 

Finally we are grateful to Miss L. Thomson for her intelligent 
interpretation of our handwriting in preparing the manuscript, to 
Mr G. R. Perger for several translations and to Messrs E. Beckhouse 
and J. Currey for their assistance with the figures. 


REFERENCES 
{© Corrre.i, A. H.; Progr. Metal Physics 1 (1949) Chap. 2. 
(2) ; Progr. Metal Physics 4 (1953) Chap. 5. 
‘3) CoTTRELL, A. H.; Dislocations and Plastic Flow in Crystals, Clarendon Press, 
Oxford, 1953. Chap. V. 


99 


: 
= 

} 
: 
| 
. 

7 


(6 
(7 
(8 


a) 
12) 


(13) 


(15) 
(16) 
(17) 
(18) 
(18) 
(20 
(21) 
(22) 


(23) 
(24) 
(25) 


(26 
(27) 
(28 
(29 
(30 


(31) 
(32) 


(33) 
(35) 
(36 
(37) 


(39) 
(ao 


(42) 
(43) 


(a4) 
(45) 


PROGRESS IN METAL PHYSICS 


Hirscu, P. B.; Progr. Metal Physics 6 (1956) Chap. 6. 

FRANK, F. C.; Dise. Faraday Soc. 5 (1949) 67. Advanc. Phys. 1 (1952) 91. 

Forty, A. J.; Advanc. Phys. 3 (1954) 1. 

Hepces, J. M. and MircHey, J. W.; Phil. Mag. 44 (1953) 223. 

AMELINCKX, S.; Phil. Mag. 1 (1956) 269. 

BarBer, D. J., Harvey, K. B. and Mircwety, J. W.; Phil. Mag. 2 (1957) 
704. 

FRANK, F. C.; Defects in Crystalline Solids, Physical Society, London, 1955, 
p. 159. 

Dasu, W. C.; J. Appl. Phys. 27 (1956) 1193. 

Scumip, E. and Boas, W.; Plasticity of Crystals, Hughes, London, 1950. 
(English translation. ) 

Rost, F. D. and Matuewson, C. H.; Trans. Amer. Inst. Min. (Metall.) 
Engrs 188 (1950) 1159. 

Mapp1n, R., MATHEWSON, C. H. and Hrpparp, W. R.; Trans. Amer. Inst. 
Min. ( Metall.) Engrs 185 (1949) 527. 

Boas, W. and Scumip, E.; Z. Phys. 71 (1931) 703. 

Taywor, G. I.; Proc. Roy. Soc. A145 (1934) 362, 388. 

ANDRADE, E. N. pa C. and Henperson, C.; Phil. Trans. 244 (1951) 177. 

FRIEDEL, J.; Phil. Mag. 46 (1955) 1169. 

T. S. and J. J. Appl. Phys. 28 (1957) 53. 

Mort, N. F.; Phil. Mag. 43 (1952) 1151. 

von GOLER, F. and Sacus, G.; Z. Phys. 55 (1929) 581. 

Mapprn, R., MaTHEewson, C. H. and Hrpparp, W. R.; Trans. Amer. Inat. 
Min. ( Metall.) Engrs 175 (1948) 86. 

OsswaLp, E.; Z. Phys. 83 (1933) 55. 

Sacus, G. and WEeERTs, J.; Z. Phys. 62 (1930) 473. 

Mitier, R. F. and Mriuicgan, W. E.; Trans. Amer. Inst. Min. ( Metall.) 
Engrs 124 (1937) 229. 

MasinG, G. and RAFFELSIEPER, J.; Z. Metallk. 41 (1950) 65. 

Ltcke, K. and LANGE, H.; Z. Metallk. 43 (1952) 55. 

LANGE, H. and LUckr, K.; Z. Metallk. 44 (1953) 183 and 514. 

Rost, F. D.; Trans. Amer. Inst. Min. ( Metall.) Engrs 200 (1954) 1009. 

PATERSON, M.S.; Acta Met. 3 (1955) 491. 

SAWKILL, J. and HongeycomsBe, R. W. K.; Acta Met. 2 (1954) 854. 

GARSTONE, J., HONEYCOMBE, R. W. K. and GreeTHaM, G.; Acta Met. 4 
(1956) 485. 

McKinnon, N. A.; to be published. 

Cupp, C. R. and CHALMERS, B.; Acta Met. 2 (1954) 803. 

BiewiTt, T. H.; Phys. Rev. 91 (1953) 1115. 

Dien, J.; Z. Metallk. 47 (1956) 331. 

Suzvuk1, H., Ikepa, S. and Takevucui, 8.; J. Phys. Soc. Japan 11 (1956) 382. 

ANDRADE, E. N. pa C. and ABoav, D. A.; Proc. Roy. Soc. A240 (1957) 304. 

Drea, J.; Z. Metallk. 47 (1956) 411. 

Bauscnu, K.; Z. Phys. 93 (1935) 479. 

Buroers, W. G. and Lespink, W. J.; Rec. Trav. Chim. Pays- Bas 64 (1945) 
321. 

Réum, F. and KOcHENDORFER, A.; Z. Metallk. 41 (1950) 265. 

Reap, W. T.; Symposium, Plastic Deformation of Crystalline Solids, Pitts- 
burgh, 1950, p. 111 (discussion). 

KANZAKI, H.; J. Appl. Phys. 24 (1953) 811. 

PARKER, E. R. and WASHBURN, J.; Modern Research Techniques in Physical 

Metallurgy, American Society of Metals, 1953, p. 186. 


100 


| ele 
(ie 
ae 
3 
ia 
(38 
tie 
i 
> i 
Pa 
3 
4 


WORK HARDENING OF METALS 


EpwWarpbs, E. H., WASHBURN, J. and PARKER, E. R.; Trans. Amer. Inst. 
Min. ( Metall.) Engrs 197 (1953) 1525. 

PATERSON, M.S.; J. Sci. Instrum. 32 (1955) 356. 

BUCKLEY, S. M. and ENTWISTLE, K. M.; Acta Met. 4 (1956) 352. 

ADAMs, M. A. and CoTrrRELi, A. H.; Phil. Mag. 46 (1955) 1187. 

CARLSEN, K. M. and HongrycomsBeg, R. W. K.; J. Inst. Met. 83 (1955) 449. 

Prercy, G. R., CAHN, R. W. and CoTTRELL, A. H.; Acta Met. 3 (1955) 331. 

Resstock, H.; Z. Metallk. 48 (1957) 206. 

Wo rr, H.; Z. Phys. 93 (1934) 147. 

DOMMERICH, 8S.; Z. Phys. 90 (1934) 189. 

SMEKAL, A.; Z. Phys. 93 (1934) 166. 

Wu, T. W. and SMoLucHowskI, R.; Phys. Rev. 78 (1950) 468. 

Rost, F. D.; Acta Met. 5 (1957) 348. 

Paxton, H. W. and CoTrreti, A. H.; Acta Met. 2 (1954) 3. 

MADDIN, R. and CoTTRELL, A. H.; Phil. Mag. 46 (1955) 735. 

BLewiIrTt, T. H., CotTMAN, R. R. and REDMAN, J. K.; Defects in Crystalline 
Solids, Physical Society, London, 1955, p. 369. 

JAOUL, B.; C.R. Acad. Sci., Paris, 240 (1955) 2532. 

SEEGER, A., DIEHL, J., MADER, S. and Resstock, H.; Phil. Mag. 2 (1957) 323. 

COTTRELL, A. H. and Stokgs, R. J.; Proc. Roy. Soc. A233 (1955) 17. 

KaRwnop, R. and Sacus, G.; Z. Phys. 41 (1927) 116. 

SToKes, R. J. and Corrrety, A. H.; Acta Met. 2 (1954) 341. 

KELLy, A.; Phil. Mag. 1 (1956) 835. 

Reference 3, Chap. IV. 

SMALLMAN, R. E., WILLIAMSON, G. K. and ARDLEY, G. W.; Acta Met. 1 
(1953) 126. 

Brown, A. F. and HonrycomsBe, R. W. K.; Phil. Mag. 42 (1951) 1146. 

WItsporr, H. and KUHLMANN-WILSDoRF, D.; Z. Angew. Phys. 4 (1952) 361, 
409, 418. 

——; Naturwissenschaften 38 (1951) 502. 

—; Acta Met. 1 (1953) 394. 

KUHLMANN-WILSDORF, D., VAN DER MERWE, J. H. and WILsporF, H.; 
Phil. Mag. 43 (1952) 632. 

McKInNNoN, N. A.; Phil. Mag. 46 (1955) 1150. 

CHEN, N. K. and Matuewson, C. H.; Trans. Amer. Inst. Min. (Metall.) 
Engrs 191 (1951) 653. 

HONEYCOMBE, R. W. K.; J. Inst. Met. 80 (1951) 49. 

CaHN, R. W.; J. Inst. Met. 79 (1951) 129. 

LALOEUF, A. and CRUSSARD, C.; Rev. Métall. 48 (1951) 462. 

CALNAN, E. A.; Acta Cryst., Camb. 5 (1952) 557. 

CoyLe, R. A., MARSHALL, A. M., AuLD, J. H. and McKinnon, N. A.; 
Brit. J. Appl. Phys. 8 (1957) 79. 

McKINNON, N. A.; private communication. 

FRIEDEL, J.; Discussion on Work Hardening and Fatigue in Metals, Proc. 
Roy. Soc. A242 (1957) 147. 

GUINTIER, A. and TENNEVIN, J.; Acta Cryst., Camb. 2 (1949) 133. 

MULLER, H. and LEIBrRIED, G.; Z. Phys. 142 (1955) 87. 

JAOUL, B.; J. Mech. Phys. Solids 5 (1957) 95. 

CRUSSARD, C.; Rev. Métall. 42 (1945) 286. 

Dien, J., MADER, S. and SEEGER, A.; Z. Metallk. 46 (1955) 650. 

COTTRELL, A. H.; Deformation and Flow of Solids, Springer, Berlin, 1956, p. 33. 

Mort, N. F.; Phil. Mag. 44 (1953) 742. 

CoTTRELL, A. H.; J. Mech. Phys. Solids 1 (1952) 53. 


101 


(46) 
(49) 
(80) 
(51) 
(52) 
(53) 
(84) 
(65) 
(86) 
(57) 
(58) 
(59) 
(60) 
(61) 
(62) 
(63) 
(64) 
(65) 
(66) 
(67) 
(68) 
(69) 
(70) 
(71) 
(72) 
(73) 
(74) 
(75) 
(76) 
(77) 
(78) 
(79) 
(80) 
(81) 
(82) 
(83) 
(84) 
4 (85) 
(86) 
(87) 
(88) 
(89) 7 
(90) 


PROGRESS IN METAL PHYSICS 


J.S.; Phys. Rev. 86 (1952) 52. 

FRANK, F. C.; Symposium, Plastic Deformation of Crystalline Solids, Pitts- 
burg, 1950, p. 100 (discussion). 

SEEGER, A.; Phil. Mag. 46 (1955) 1194. 

NEURATH, P. W. and Koeuter, J. 8.; J. Appl. Phys. 22 (1951) 621. 

LoMEeR, W. M.; Phil. Mag. 42 (1951) 1327. 

COTTRELL, A. H.; Phil. Mag. 43 (1952) 645. 

FRANK, F. C.; Proc. Roy. Soc. A62 (1949) 202. 

Sercer, A.; Z. Naturf. 9A (1954) 870. 

; Deformation and Flow of Solids, Springer, Berlin, 1956, p. 90. 

Srrou, A. N.; Phil. Mag. 1 (1956) 489. 

Hirscn, P. B., Horne, R. W. and WHELAN, M. J.; Phil. Mag. 1 (1956) 67. 

WHELAN, M. J., Hirscn, P. B., Horne, R. W. and BoLtMann, W.; Proc. 
Roy. Soc. A240 (1957) 524. 

HAASEN, P. and Lerprriep, G.; Z. Phys. 131 (1952) 538. 

HAASEN, P.; Z. Phys. 136 (1953) 26. 

Drent, J., Krause, M., OrrennAvuser, W. and STaAUBWASSER, W.; Z. 
Metallk. 45 (1954) 489. 

CoTTReLL, A. H.; Relation of Properties to Microstructure, American 
Society of Metals, 1954, p. 131. 

SMALLMAN, R. E.; J. Znat. Met. 84 (1955) 10. 

Apams, M. A.; Acta Met. 6 (1958) 327. 

Jacquet, P. A.; Acta Met. 2 (1954) 752. 

Boas, W.; Physics of Metals and Alloys, Melbourne University Press, 1947, 
p. 43. 

Mark, H., PoLany!, M. and Scumip, E.; Z. Phys. 12 (1922) 58. 

Scumip, E.; Z. Phys. 40 (1926) 54. 

FAHRENHORST, W. and Scumip, E.; Z. Phys. 64 (1930) 845. 

Boas, W. and Scumip, E.; Z. Phys. 54 (1929) 16; 61 (1930) 767. 

ANDRADE, E. N. pa C. and Roscor, R.; Proc. Phys. Soc. Lond. 49 (1937) 152. 

Bei, R. L. and Cann, R. W.; Proc. Roy. Soc. A239 (1957) 494. 

D. C.; Trans. Amer. Inst. Min. ( Metall.) Engrs 188 (1950) 1129. 

Burke, E. C. and Hreparp, W. R.; Trans. Amer. Inst. Min. ( Metall.) 
Engra 194 (1952) 295. 

Ltckg, K., Mastno, G. and Scuréper, K.; Z. Metallk. 46 (1955) 792. 

DERUYTTERE, A. E.; Trans. Amer. Inst. Min. ( Metall.) Engrs 200 (1954) 
667. Discussion to reference 46. 

Roscor, R; Phil. Mag. 21 (1936) 399. 

CoTTRELL, A. H. and Grepons, D. F.; Nature, Lond. 162 (1948) 488. 

Harper, S. and Corrre.yi, A. H.; Proc. Phys. Soc. Lond. B63 (1950) 331. 

Anprapbe, E. N. pa C. and RANDALL, R. F. Y.; Nature, Lond. 162 (1948) 890. 

——; Proc. Phys. Soc. Lond. B65 (1952) 445. 

Puriups, D. J. and THompson, N.; Proc. Phys. Soc. Lond. B63 (1950) 839. 

Pickus, M. R. and Parker, E. R.; Trans. Amer. Inst. Min. (Meltall.) 
Engre 191 (1951) 792. 

Guan, J. J. and Reap, T. A.; Trans. Amer. Inst. Min. (Metall.) Engrs 
194 (1952) 875. 

LapsettT, F. R. and Kina, R.; Proc. Phys. Soc. Lond. B70 (1957) 608. 

AnpDRADE, E. N. pa C.; Properties of Metallic Surfaces, Institute of Metals, 
London, 1953, p. 133. 

Gruman, J. J.; Trans. Amer. Inst. Min. ( Metall.) Engre 197 (1953) 1217. 

Discussion to reference 131; Trans. Amer. Inst. Min. (Metall.) Engra 200 
(1954) 666. 


102 


= 
(92 
(93 
5 
(98 
(100 
(102 
(103 
(104 
‘ 
(105 
(106) 
(107) 
: 
(208 
au = is 
aa 
aM 
(ie 
| 
(117 
ae 
(120) 
(121) 
(122 
(123 
(125 
(126) 
(127) 
(130) 
(131) 
(132) 
th 
3 


WORK HARDENING OF METALS 


Barrett, C. S.; Acta Met. 1 (1953) 2. 

——; Trans. Amer. Inst. Min. ( Metall.) Engrs 197 (1953) 1652. 

BARRETT, C. S., Aziz, P. M. and Marxkson, I.; Trans. Amer. Inst. Min. 
( Metall.) Engrs 197 (1953) 1655. 

EpELsoN, B. I. and RoBertson, W. D.; Acta Met. 2 (1954) 583. 

DROUARD, R., WASHBURN, J. and PaARKm@R, E. R.; Trans. Amer. Inst. Min. 
( Metall.) Engrs 197 (1953) 1226. 

Li, C. H., Epwarps, E. H., WASHBURN, J. and PARKER, E. R.; Acta Met. 
1 (1953) 223. 

BAINBRIDGE, D. W., Li, C. H. and Epwarps, E. H.; Acta Met. 2 (1954) 322. 

PaRKER, E. R. and WASHBURN, J.; Impurities and Imperfections, American 
Society of Metals, 1955, p. 145. 

HAASE, O. and Scumip, E.; Z. Phys. 33 (1925) 413. 

Brown, A. F.; Advanc. Phys. 1 (1952) 427. 

GILMAN, J. J.; J. Metals, N.Y. 8 (1956) 998. 

; Trans. Amer. Inst. Min. ( Metall.) Engrs 203 (1955) 206. 
; J. Metals, N.Y. 8 (1956) 1326. 

Cann, R. W., Bear, I. J. and BELL, R. L.; J. Inst. Met. 82 (1953) 481. 

MASING, G. and ScHrOpER, K.; Z. Metallk. 46 (1955) 860. 

ANDERSON, E. A., Jrtuson, D. C. and DunBar, S. R.; Trans. Amer. Inst. 
Min. ( Metall.) Engrs 197 (1953) 1191. 

CHURCHMAN, A. T.; Proc. Roy. Soc. A226 (1954) 216. 

Lee, H. T. and Brick, R. M.; J. Metals, N.Y. 5 (1953) 147. 

HONEYCOMBE, R. W. K.; J. Inst. Met. 80 (1951) 45. 

MApDIN, R. and CHen, N. K.; Progr. Metal Physics 5 (1954) Chap. 2. 

FELTHAM, P. and MEAKIN, J. D.; Phil. Mag. 2 (1957) 103. 

CARREKER, R. P. and HrpBarp, W. R.; Acta Met. 1 (1955) 654. 

CHALMERS, B.; Proc. Roy. Soc. A193 (1948) 89. 

CLARK, R. and CHatmers, B.; Acta Met. 2 (1954) 80. 

Aust, K. T. and CuHen, N. K.; Acta Met. 2 (1954) 632. 

Davis, R. S., R. L., Livinaston, J. D. and CHALMERS, B.; 
J. Metals, N.Y. 9 (1957) 136. 

Aston, R. L.; Proc. Camb. Phil. Soc. 23 (1926) 549. 

Yamacucuail, K.; Sci. Pap. Inst. Phys. Chem. Res. Tokyo 6 (1927) 271. 

Boas, W. and HARGREAVES, M. E.; Proc. Roy. Soc. A193 (1948) 89. 

Hreparp, W. R.; Trans. Amer. Inst. Min. ( Metall.) Engrs 180 (1949) 52. 

Uris, V. M. and Warn, H. L.; J. Inst. Met. 81 (1952) 153. 

Boas, W. and Oaiivire, G. J.; Acta Met. 2 (1954) 655. 

HARGREAVES, M. E.; J. Aust. Inst. Met. 1 (1956) 125. 

Oat.vig, G. J.; J. Inst. Met. 81 (1953) 491. 

CRUSSARD, C.; Recent Developments in Rheology, Nelson, London, 1948. 

CLAREBROUGH, L. M., HARGREAVES, M. E. and Loretto, M. H.; Acta 
Met. 6 (1958) 725. 

Srron, A. N.; Proc. Roy. Soc. A218 (1953) 391. 

Gay, P., Hrrscna, P. B. and KELiy, A.; Acta Met. 1 (1953) 315. 

——— ; Acta Cryst., Camb, 7 (1954) 41. 

Kewiy, A.; Acta Cryst., Camb. 7 (1954) 554. 

Batu, C. J.; Phil. Mag. 2 (1957) 1011. 

TAKEYAMA, T. and Kopa, S.; Nature, Lond. 179 (1957) 778. 


(134) 
(135) 
(136) 
(137) 
(138) 
(139) 
(140) 
(142) 
(143) | 
(144) | 
(145) 
(146) 
(147) 
(148) 
(149) 
(150) 
(151) 
(152) 
(153) 
(154) 
(155) 
(156) 
(157) 
(158) 
(159) 
(160) 
(161) 
(163) 
(164) 
(165) 
(166) 
(167) 
(168) 
(169) 
(170) 
(171) 
(172) 
(173) 
(174) 
] 


ae 
ihe 
ite, 
as 


GRAIN BOUNDARIES IN METALS* 


F. Weinbergt 


INTRODUCTION 


THE subject of grain boundaries in metals has been reviewed twice in 
this series, in 1949" and 1952.) The purpose of the present article 
is to bring the subject up to date, with the emphasis, as before, on 
grain-boundary structures. 

When the first article was written in 1949 there was still some specula- 
tion as to whether all grain boundaries consisted of an amorphous 
layer, with properties similar to a supercooled liquid, or whether they 
consisted of a regular transition lattice. The experimental evidence 
and arguments were reviewed in the article, and it was concluded that 
the evidence was strongly in favour of the transition lattice theory. 

The transition lattice theory was clearly established in the second 
review article, at least for small-angle boundaries. This was based 
primarily on grain-boundary energy considerations. The transition 
lattice for a small-angle tilt boundary was considered to consist of an 
array of dislocations. Making this assumption, SHocKLEy and Reap 
derived an expression for the relative energy of a boundary as a function 
of boundary angle. This expression was then compared with the experi- 
mental measurements of relative boundary energies in silicon iron, lead, 
tin and silver. It was found that the agreement was very good, clearly 
substantiating the dislocation model. 

The structure of large-angle boundaries still remained largely specu- 
lative, based primarily on the internal friction measurements of Ké. 
It was suggested that these boundaries might also be made up of dis- 
locations arranged in an array more complicated than that ascribed to 
small-angle boundaries. It was not clear what this arrangement might 
be, nor how and where the transition from the small-angle to large- 
angle structures took place, if indeed a marked transition did occur. 

The boundary energy measurements were considered the most 
direct means of determining relative boundary structures. Other 
experiments not as extensive nor as direct as the energy measurements 
were reviewed and considered in terms of the postulated boundary 
structures. These included measurements of boundary shear, melting, 
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fracture, preferential etching, migration, and, more indirectly, the 
effect of grain boundaries on hardness and yield stress in various 
materials. The absolute determination of boundary energies using 
thin foils and wires was also reviewed, as well as the relative energies 
for twin boundaries and for boundaries between different phases. 

Since the last review article was written, additional direct evidence 
has been obtained for the dislocation model of small-angle boundaries 
by using etching techniques to indicate dislocation positions. Further 
measurements have been made on relative boundary energies to extend 
these observations to additional materials and to clarify the effect that 
the orientation of the boundary plane and the type of tilt boundary 
have on the boundary energy measurements. Also, extensive investiga- 
tions have been reported on boundary melting, diffusion, shear and 
migration, and on several other boundary properties which throw some 
light on large-angle boundary structures. These topics will be reviewed 
in the present article, at the end of which an attempt will be made to 
define the current status of grain-boundary structures. 


Ercuinc EXPERIMENTS 


It has been shown that the distribution of dislocations intersecting a 
polished specimen surface can be revealed by suitably etching the 
surface. This technique has been used to demonstrate directly that 
the structure of small-angle tilt boundaries consists of a dislocation 
array and that the distribution of dislocations in the array is in good 
agreement with the Burgers model.‘ 

The most direct evidence is that presented by VoGeEL, Prann, 
Corey and Tuomas, and Voce.’ They examined small-angle 
boundaries present in single crystals of germanium grown from the 
melt. When a sectioned surface of the crystal was suitably polished, 
etched, and observed under high magnification, they noted that the 
boundary traces on the surface often appeared as a series of discrete 
overlapping pits. Repolishing and re-etching produced the same con- 
figuration of pits. This suggested, following Lacomspe,‘® that each 
etch pit might be associated with a single dislocation in the boundary. 

To verify this, and to compare the boundary with the Burgers model, 
Vogel first accurately measured the orientation difference across a pure 
tilt boundary and from this calculated the dislocation spacing predicted 
by the model. He then measured the etch pit spacing along the same 
boundary trace. This was repeated for a series of boundaries, giving the 
results shown in Fig. 1. The solid line is the calculated dislocation 
spacing, the circles are the measured etch pit spacings. It can be seen 
that the agreement is excellent, confirming that the etch pits do cor- 
respond to dislocations and the dislocation spacing is in good agreement 
with the model. In Fig. 1 it will be noted that the angles of tilt of the 
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boundaries examined were small—of the order of minutes of arc. 
With larger angles it was found that individual etch pits could not be 
resolved along the boundary. 

The same results can be demonstrated in a less direct manner by 
comparing the etch pit spacing of three intersecting small-angle 
boundaries, or by examining polygonized boundaries in an appro- 
priately bent and annealed single crystal. 

For the simplest case of intersecting boundaries, consider three 
intersecting small-angle pure tilt boundaries in equivalent crystallo- 
graphic planes and having a common tilt axis perpendicular to the 
polished surface. Under these conditions, according to the Burgers 
model, the density of dislocations along each boundary trace should 
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Fig. 1. Plot of dislocation spacing calculated from angle of tilt versus 
observed pit spacing. Angles range from 17-5 to 85 sec‘ 


be proportional to the tilt angle of the boundary. Since the sum of the 
tilt angles encountered in a circuit around the point of intersection of 
the three boundaries must be zero, the sum of the dislocation densities, 
and therefore etch pit densities, should also be zero, assuming that each 
dislocation is revealed by an etch pit. In practice this means that the 
sum of the etch pit densities along two boundaries should equal the 
density of the third, as one of the boundary angles must be of negative 
sign. 

Measurements of etch pit densities on intersecting boundaries of the 
type described above have been made by Prann and LoveLu”? in 
germanium. They found that the sum of the etch pit densities along 
two boundaries did agree closely with the etch pit density of the third, 
substantiating the Burgers model. Similar results were obtained for 
intersecting boundaries under more complex conditions than that 
described above in rock salt," in silicon iron,” in silicon®® and in 
antimony.“ 

The application of etch pit techniques to the study of polygonization 
shows qualitatively how small-angle boundaries can form by the aline- 
ment of dislocations. When a single crystal is bent under appropriate 
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conditions, a large number of dislocations is produced along the slip 
planes distributed generally throughout the crystal. On annealing, 
the excess dislocations of like sign in the crystal move into arrays 
perpendicular to the slip planes. These arrays can be considered as 
small-angle boundaries between relatively good crystal, as defined by 
the Burgers model... '*) On a more quantitative basis, it has been 
found that the average dislocation spacing in these boundaries is in 
general agreement with that predicted from the Burgers model for the 
average tilt angle of the boundaries.": 

Direct evidence of the dislocation structure of small-angle boundaries 
has also been obtained by the observation of dislocation lines in thinned 
foils. Examining thinned foils of aluminium in an electron microscope, 
Hirescu, Horne and Wueran® showed that a direct correlation 
existed between the spacing of the dislocation lines they observed in 
tilt boundaries and the calculated spacing determined from the 
measured angle of tilt of the boundary. They also observed more 
complex small-angle boundaries in which the dislocation lines formed 
complex arrays. 

Dislocation arrays have also been directly observed and examined 
in non-metallic crystals, by using a decorating technique to reveal the 
position of the dislocation lines. AMELINCKxX"”) observed tilt bound- 
aries in sodium chloride which conformed qualitatively with the 
Burgers model, as well as more complex dislocation arrays. Similar 
results were reported by Hepces and Mircne..® for silver halide 


crystals. 


GRAIN-BOUNDARY ENERGIES 


Since the last review article was written, further measurements have 
been made of the dependence of grain-boundary energy on boundary 
angle: in silver by Aust,” in silver chloride by McCartuy and 
and in germanium by WaGNeR and CHALMERs.‘?! 
These results will be reviewed in some detail, since boundary energy 
measurements still provide the most direct means of assessing relative 
boundary structures. 

For the boundary energy measurements in silver, the same procedure 
was adopted as that used for lead and tin.® Tricrystal specimens with 
converging boundaries were grown in a horizontal boat and annealed, 
and the dihedral angles formed by the intersecting boundaries were 
measured. Two of the boundaries were large-angle “incoherent” 
boundaries which were considered to have constant boundary energy. 
These served as reference boundaries. The third boundary was formed 
by a rotation of two component crystals about a common <100) 
direction, resulting in a tilt boundary of angle 0, symmetrical about the 
boundary plane. 

The results are shown in Fig. 2, in which the circles indicate the 
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measured relative boundary energy for each of five boundary angles 
investigated. The solid line is the Shockley—Read theoretical curve 
based on the dislocation model of the grain boundary. It can be seen 
that the experimental points are in close agreement with the theoretical 
curve, and are similar to the results for lead and tin. However, the 
maximum in the curve for silver is reached at a considerably higher 
value of # than in the case of lead and tin, with no abrupt changes in 
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Fig. 2. Variation of relative grain-boundary energy with difference 

in orientation for symmetrical tilt boundaries in silver, theoretical 

6(A —1n 6) curve with A 0-55; circles represent experimental 
values") 


the energy curve where the dislocation model might be considered to be 
no longer applicable. 

The boundary energy measurements in silver chloride and germanium 
were made on specimens prepared in a different manner from that used 
for silver. In this case columnar tricrystal specimens were grown by the 
Kyropoulos method in which the crystals are pulled vertically from the 
melt. With this method the seed crystals can be alined more carefully, 
and the boundaries can grow into their equilibrium positions as opposed 
to the previous method of prolonged annealing and considerable 
boundary migration to reach equilibrium. After a sufficient length of 
tricrystal was grown, the specimen was separated cleanly from the melt 
and measurements were made of the dihedral angles formed by the 
intersecting boundary traces on the exposed surface. 
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In the case of silver chloride the component crystals of each tricrystal 
were isoaxial, that is, they had a common crystallographic direction. 
Measurements were made for three isoaxial orientations, <100), <110) 
and <111>, and curves were obtained in each case for the relative 
boundary energy as a function of boundary angle. The results are 
shown in Fig. 3. In Fig. 3 the (110) and <111) curves have been shifted 
vertically in order to show the experimental points on the curves. 
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Fig. 3. Relative boundary energy as a function of orientation difference 
for silver chloride tricrystals of (100), <110> and <111) isoaxial 
orientation” 


The shape of the curves in Fig. 3 for silver chloride are generally 
similar to the boundary energy curves reported previously for metals. 
Note the comparatively large number of measurements made in this 
case, as compared with the previous measurements, and the small 
scatter of the experimental points. As with metals, the results were 
found to fit the Shockley—Read equation for relative boundary energies 
at small boundary angles (less than 13°), in agreement with the dis- 
location model for small-angle boundary structures. Comparing the 
three curves in Fig. 3 with one another, it is seen that all reach a maxi- 
mum at approximately @ = 35°. Superimposing the curves at this 
value of 0, and comparing them at the smaller angles, it is observed that 
the curves do not coincide, the (110) curve being uppermost and the 
<100> curve lowest. This indicates that the boundary energy is a 
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function of the type of boundary being measured, in this case defined 
by the isoaxial orientation. However, the effect appears to be small. 
For large boundary angles, the boundary energy appears to be inde- 
pendent of the isoaxial orientation. Measurements were made in which 
the <110> boundary at 6 = 35° was compared directly to a <100) 
boundary of the same angle, and it was found that the boundary energy 
was the same. A similar comparison with the <111> boundary was 
attempted but was unsuccessful. 

The dependence of boundary energy on the orientation of the bound- 
ary plane was also considered, in light of the fact that the Shockley— 
Read equation is based on a symmetrically oriented boundary. In the 
experimental points shown in Fig. 3, seven of the measurements were 
made on symmetrical boundaries; the remainder were made on bound- 
aries which were non-symmetric by varying amounts. In all cases the 
points fitted the curves equally well, indicating that, at least for silver 
chloride, the boundary energy was independent of the orientation of 
the boundary plane. 

In the theoretical derivation of the boundary energy curve, it was 
pointed out that a drop in energy should occur for boundary angles 
where the fit of the lattices of the component crystals was reasonably 
close, and specifically for twin boundaries. This should result in cusps 
in the boundary energy curve at these angles. In the measurements 
shown in Fig. 3, it can be seen that cusps were not observed in the curves 
with the possible exception of one associated with the drop in the 
<100> curve at large angles. This suggests that if cusps do occur 
generally, they do so over a relatively narrow range of boundary angle 
and therefore were not detected in these measurements. Attempts 
were made to grow twin boundaries to ascertain their relative boundary 
energies but these attempts were unsuccessful. 

Measurements of grain-boundary energies in germanium were made 
on specimens similar to those used for silver chloride, namely, isoaxial 
tricrystals pulled from the melt. After the tricrystals were grown, they 
were sectioned perpendicular to the growth direction and the exposed 
surfaces polished and etched. Measurements were then made, at 
approximately 1000 magnification, of the dihedral angles formed by 
the intersecting boundary traces on these surfaces. The orientation of 
the component crystals was maintained to within 5 min of are of the 
orientations specified. 

It was found that small-angle boundaries (less than 15°) had a strong 
tendency to lie along specific planes in the tricrystal. This clearly 
indicated that the interfacial energy of these boundaries was dependent 
on both the boundary angle 6, and the orientation of the boundary 
plane ¢. As a result, the simple relationship used in the previous 
investigation to determine the relative energy from the dihedral angles 
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could not be used. However, by relating the small-angle boundary to 
two large-angle boundaries, which have energies independent of ¢, the 
energy of the small-angle boundary could be determined using an 
expression developed by Herring.‘ 

The boundary energy curve for (100) tilt boundaries is shown in 
Fig. 4. The curve is similar to those obtained for other materials, in 
that at small angles the boundary energy increases rapidly with in- 
creasing angle and at large angles it remains essentially constant. The 
curve was found to be in reasonable agreement with the Shockley—Read 


ORIENTATION DIFFERENCE @ ( DEGREES) 
Fig. 4. Relative boundary energy of (100) tilt boundaries in 
germanium, as a function of boundary angle 6" 


equation. Completed curves for (111) tilt and (100) twist boundaries 
were not available at the time of writing. However, the incomplete 
results indicated that the (111) tilt boundaries reached a maximum at 
approximately $= 8° as compared to the <100)> case of 6 = 15 
(shown in Fig. 4), indicating a significant difference in boundary struc- 
ture in these two cases. The (100) twist boundary also appeared to 
have a higher energy than a (100) tilt boundary of the same boundary 
angle. 

Two preferential orientations of the boundary plane were observed 
for small-angle boundaries. Close to the line of intersection of the 
boundaries in the tricrystal, the boundary plane was symmetrically 
disposed between the (110) planes of the adjacent crystals for both the 
(100) and <111> tilt experiments. Away from the line of intersection 
of the boundaries the boundary plane was found to be oriented sym- 
metrically between the (100) planes for the (100) tilt experiments and 
between the (211) planes for the (111) tilt experiments, as well as 
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between the (110) planes. The <100) twist boundaries were found to 
take up a pure tilt position perpendicular to the common (100) twist 
plane. 

If it is assumed that the small-angle (100) tilt boundaries are made 
up of dislocations in which the dislocation lines are in a (100) direction 
and the Burgers vector (110), then the boundary oriented between 
(110) planes would correspond to a simple tilt boundary with ¢ = 0. 
For the boundary oriented between (100) planes, two sets of disloca- 
tions would be present, corresponding to ¢ = 45°. 

Summarizing the boundary energy results: 

(1) The boundary energy curves for silver, silver chloride and 
germanium, are in agreement with the Shockley—-Read equation 
based on a dislocation model of the grain boundary. 

(2) The maximum in the boundary energy curve is reached at 
relatively large boundary angles in silver and silver chloride. 

(3) Boundary energy is dependent on the orientation of the crystals 
adjacent to the boundary; to a minor extent in silver chloride, and 
to a significant extent in germanium. 

(4) Boundary energy is independent of the orientation of the 
boundary plane in silver and silver chloride, but is dependent on the 
orientation for small-angle boundaries in germanium. 

(5) Prominent energy cusps were not observed in the boundary 
energy curves for silver chloride or germanium. 


GRAIN-BOUNDARY MELTING 


It has been observed that metals separate at their grain boundaries at 
temperatures approaching the melting point of the material. Accord- 
ingly, this appears to be a suitable property to investigate for further 
information on grain boundary structures. 

In the first article on grain boundaries in this series,’ the experi- 
ments on grain-boundary melting of tin by Chalmers and of aluminium 
by Chaudron, Lacombe and Yannaquis were reviewed. Their results 
indicated that grain boundaries melted at temperatures below the 
melting point of the crystalline material. In the case of tin the melting 
point depression was found to be 0-14°C. This value was independent 
of (a) boundary angle in the range 14° < 6 < 85°, (6) small amounts 
of impurity, (c) stress and (d) heating rate. In the case of aluminium 
the melting point depression was estimated to be 0-25°C. 

From these results it was concluded that the lower melting point of 
the boundary was directly attributable to the boundary structure. 
The results could then be accounted for by both the amorphous cement 
theory and the transition lattice theory, assuming in the latter case 
that an atom in the transition lattice had a maximum strain energy 
independent of its position in the lattice. 
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Subsequent measurements by Pumpnurey and Lyon in high- 
temperature tensile tests of aluminium suggested that grain boundaries 
melted at temperatures approximately 4°C below that of the bulk 
material. On the other hand BovuLancer,™ using internal friction 
techniques, concluded that the melting temperature of a grain boundary 
in aluminium was the same as that of the bulk material, if the stress 
applied to the boundary was small and the material was sufficiently 
pure. 

More recent observations of grain boundary melting also differ from 
the earlier results summarized above. WEINBERG and TEGHTSOONIAN®®) 
and Wernserc’® examined the melting behaviour of boundaries in 
controlled orientation bicrystals of tin, aluminium and zinc. The 
method they used was similar to that used by Chalmers, in which a 
bicrystal under a small stress was slowly heated to the melting point. 
They found that bicrystals having large boundary angles separated 
nicely at the boundary with little melting of the component crystals. 
However, the temperature at which separation occurred in high-purity 
materials was the same as the melting temperature of the component 
crystals, within an experimental uncertainty of 0-02°C for tin and zine 
and 0-05°C for aluminium. 

Using a different procedure, BoLLinc and Wrxecarp"”) also found 
no apparent difference in the melting temperature of grain boundaries 
and the neighbouring crystals. They heated polycrystalline plates of 
zone-refined lead in a furnace, having a small temperature gradient, 
such that part of the specimen melted. Some advanced melting would 
be expected to occur at a boundary if its melting temperature was 
lower than that of the adjacent crystal. However, a close examination 
of the melting interface did not indicate that any advance melting had 
occurred at grain boundaries. Advanced melting was only observed 
when impurities were added to the material. 

Further, Sazewmon'*) has suggested, on the basis of a thermodynamic 
argument, that grain boundaries theoretically should have the same 
melting temperature as the component crystals. 

Considering these results from a grain boundary structure point of 
view, the significant observation is that bicrystals separate at their 
grain boundaries without appreciable melting of the component 
crystals, even though separation occurs at essentially the melting 
temperature of the crystals. 

It seems reasonably clear that boundary separation is a result of a 
melting process and is not due to fracturing. However, it is not clearly 
understood why boundaries melt preferentially. This could equally 
well be due to the boundary structure, or to a concentration of trace 
impurities at the boundary related to the boundary structure. In either 
event, keeping experimental conditions the same, the boundary melting 
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behaviour should be indicative of relative boundary structures, and 
therefore be dependent on boundary angle. 

Boundary melting has been examined as a function of boundary 
angle for tin,’ aluminium’) and zinc. In the case of tin, 
CHALMERS"™®) reported that all the boundaries he investigated (6 
greater than 14°) melted preferentially, with the exception of coherent 
twin boundaries. Similar results were reported by WEINBERG and 
TEGHTSOONIAN ) in their more recent investigation. However, extend- 
ing the observations to smaller values of 0, they found that a relatively 
sharp transition took place at 6 = 12°, below which boundaries did 
not melt preferentially. 

A similar transition from melting to non-melting was observed in 
aluminium at a boundary angle of approximately 6 = 14°. In both 
tin and aluminium the transition angle appeared to be independent of 
the type of boundary examined, as defined by the orientation of the 
component crystals and the orientation of the boundary plane. 

In the case of zinc it was found that the transition angle between 
melting and non-melting of the boundaries was dependent on both the 
boundary angle and orientation of the boundary plane. The results 
are shown in Fig. 5(a) in which the percentage of specimens which 
separated at the boundary is plotted as a function of boundary angle. 
The orientation of the component crystals is shown in Fig. 5(b). The 
Figure shows that boundary melting occurred in the range 27° < 6 
< 108°. The dependence of melting on the orientation of the boundary 
plane can be demonstrated from the figure by considering a bicrystal 
having 27° < §@ < 72°. In this case preferential melting would occur 
if the boundary plane was in position 1 of Fig. 5(b), but would not 
take place if the boundary plane was in position 2 of the same bi- 
crystal. 

The transition from non-melting to preferential melting of the grain 
boundaries as the boundary angle increases suggests that a correspond- 
ing change in the boundary structure takes place. Non-melting could 
be associated with a regular transition lattice as defined by the Burgers 
dislocation model for small-angle boundaries, and preferential melting 
with an irregular transition lattice for large-angle boundaries. 

This would be in reasonable agreement with the boundary structures 
derived from boundary energy considerations. In the case of tin the 
theoretical maximum of the boundary energy curve is calculated to be 
at approximately # = 12°, which compares favourably with the 
melting transition angle of 9 = 12°. Experimentally the energy max- 
imum was observed to be at about 6 = 7°. At angles smaller than the 
maximum, the boundary energy conforms with the Burgers model; at 
larger angles the boundary energy is constant, indicating an irregular 
transition lattice. The energy associated with twin boundaries was 
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observed to be small, which would agree with the observation that these 
boundaries do not melt preferentially. 

A similar comparison cannot be made directly for the case of alu- 
minium and zinc, since boundary energy measurements are not 
available for these materials. Comparing the transition angle for 
aluminium with other face-centred cubic materials, the melting 
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Fig. 5. The percentage of the number of specimens which melted 
preferentially at the grain boundary, in zinc, as a function of boundary 
angle'**) 


transition angle for aluminium of 6 = 14° is not unreasonable when 
compared with the energy maximum of = 18° observed for lead, but 
is considerably lower than the corresponding value of approximately 
6 = 30° for silver. The melting transition angle of 6 = 27° for zine 
for a boundary in position | of Fig. 5(5) is also not unreasonable when 
compared with the energy maximum observed in other materials. 
However, the value of 6 = 72° for the boundary in position 2 of Fig. 
5(6) is excessively high, if the boundary structure is considered to 
consist of a dislocation array up to this value of boundary angle. 
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To account for this large transition angle it was suggested that the 
boundary might effectively consist of a number of smaller angle bound- 
aries. The transition angle for melting would then depend on the 
largest boundary angle present in the group. This was considered 
possible in this case [position 2 in Fig. 5(6)] since the dislocations in the 
boundary could move readily along the basal planes. Examination of 
the surface of the specimen at the boundary by normal back reflection 
techniques did not indicate the presence of smaller angle boundaries, 
but this could be due to insufficient resolving power. 

In considering the relatively sharp transition from melting to non- 
melting, reported above, it was suggested that the boundary structure 
changed from a Burgers dislocation structure to an irregular transition 
lattice at the transition angles. This is contrary to the conclusions 
reached from grain-boundary diffusion measurements as well as others. 

To summarize the melting behaviour of grain boundaries: 


(1) Large-angle grain boundaries melt preferentially, at essentially 
the same melting temperature as crystalline material. 

(2) Small-angle boundaries and coherent twin boundaries do not 
melt preferentially. 

(3) The transition between melting and non-melting takes place 
relatively sharply at 6 = 12° for tin and 6 = 14° for aluminium, 
independent of the type of boundary. 

(4) In zinc, boundaries melt preferentially in the range 27° < 6 
< 108°. The melting transition angle depends on the orientation of 
the boundary plane. 

(5) The melting transition is assumed to delineate small-angle 
boundary structures conforming with the Burgers model, and large- 
angle structures which are irregular. 

(6) For tin, the results are in reasonable agreement with boundary 
energy considerations. 


GRAIN-BOUNDARY DIFFUSION 


Following the general point of view in this article, no attempt will be 
made to review comprehensively the literature on grain-boundary 
diffusion. This has been done by Le CLarre™® in his article on diffusion 
in this series, and more recently by McLean.“ Nor will the mathe- 
matical basis for the analysis of the measurements be reviewed, other 
than the assumptions entering into the interpretation of the results. 
Instead, the relatively few experiments which provide information 
relating to grain-boundary structures on the basis of diffusion measure- 
ments, will be considered in some detail. 

These experiments generally fall into two categories, those dealing 
with self-diffusion and those in which one material is diffused into a 
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second. In the earlier measurements by SMOLUCHOWSKI and co- 
workers, *) specimens having simply related columnar crystals 
were used and the boundary diffusion was measured by an etching 
technique. In the more recent experiments, controlled orientation 
bicrystal specimens have been used. The procedure was to polish a 
flat surface on the specimen perpendicular to the boundary plane, 
deposit a layer of radioactive material on this surface, and measure the 
penetration of this material after the appropriate annealing treatment. 

The penetration of the active material was determined in two ways. 
In the case of self-diffusion in Ag“ and Pb, thin layers of material 
were progressively machined from the specimen, starting with the 
deposited radioactive layer, and the activity of the turnings from each 
layer was measured as well as the layer thickness. From these data the 
grain-boundary diffusion coefficient Dz, was calculated in terms of the 
lattice diffusion coefficient D, and the effective boundary width, using 
the equations developed by Fisner®® and Wuipp.e."?) The activation 
energy describing the temperature dependence of the diffusion coeffi- 
cient was also determined. 

In the case of solute diffusion, autoradiographic techniques were 
used to measure the depth of penetration of the radioactive materials. 
For the case of silver diffusing into copper, examined by Yukawa and 
Srxnortt,"** the specimens were sectioned perpendicular to both the 
boundary plane and the plane on which the active material was de- 
posited. The depth of penetration could then be measured directly 
along the exposed boundary trace, using high-resolution contact 
autoradiography. In the experiments by SMOLUCHOWSKI and co- 
workers'**. # successive layers of material of a given thickness were 
removed by mechanical polishing, starting with the deposited layer. 
After each layer was removed, an autoradiograph was taken of the 
exposed surface to ascertain whether the active material had penetrated 
to this depth. From these measurements they could then determine the 
depth of penetration of the active material through the lattice and along 
the grain boundary. 

In both the self-diffusion and solute diffusion measurements it was 
clearly shown that, in general, diffusion takes place much more readily 
along grain boundaries than through the crystal lattice for low an- 
nealing temperatures. This is attributed to the difference in structure 
of the grain boundary as compared with that of the crystal. Exactly 
why this occurs is not clearly understood, since the diffusion mech- 
anism along the boundary has not been clearly defined. Because of this, 
comparison of grain-boundary diffusion coefficients with lattice diffusion 
coefficients in polycrystalline materials does not contribute materially 
to our knowledge of grain boundary structures at the present time. 
However, diffusion measurements can provide considerable information 
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on relative boundary structures. To this end, experiments have been 
conducted with controlled orientation bicrystal specimens in which 
boundary diffusion was measured as a function of boundary angle and 
the orientation of the boundary plane. These experiments are described 
below. 

TURNBULL and HorrmMan” have measured grain-boundary diffusion 
for self-diffusion in silver as a function of boundary angle. The 
boundaries were of the tilt type, produced by symmetrical rotations 
of each crystal about a common <¢100) direction in the boundary plane, 
covering the range 9° < 6 < 28°. Applying the theory of Fisnzr®, 
they calculated D,,, and found that it increased by a factor of 500 as 6 
increased from 9° to 28°. 

Among other assumptions in the Fisher analysis, it was assumed 
that the boundary was equivalent to a uniform slab of material of 
thickness 6, which was independent of the boundary angle. This 
appeared reasonable for large-angle boundaries but not for small-angle 
boundaries, since the latter consist of dislocation arrays which change 
with boundary angle. Turnbull and Hoffman then assumed that 
Fisher’s analysis could still be applied to small-angle boundaries if the 
slab thickness 6 was made a function of the boundary angle 6. They 
further assumed that preferential diffusion along a grain boundary 
took place by diffusion along dislocation pipes; that is, through narrow 
cylinders of material whose axes were along dislocation lines. Diffusion 
rates along a boundary would then depend on the number and direction 
of these dislocation pipes. The boundary could still be considered as a 
slab of material, since the lateral diffusion from the dislocation pipes 
would be much greater than the dislocation spacing. 

With the above assumptions they determined an expression for the 
diffusion coefficient D, associated with a single dislocation pipe in the 
following way. 

From the Fisher-Whipple analysis of the diffusion data for a large 
angle boundary, a parameter P is determined which is equal to Dg,pé. 
For small-angle boundaries the effective thickness of the boundary is 


taken to be 5 = = Pn = 2 sin (40)/A 


where /? is the cross-sectional area of a dislocation pipe, n is the number 
of dislocations in the boundary given by the Burgers model, 6 the 
boundary angle, and 4 the Burgers vector. Assuming / = /, and 
replacing Dg, by Dp, one obtains 


P = 2 sin (40)/A 


With the above expression a value of D, can be determined for a 
number of small-angle boundaries of different 6, and if the theory is 
correct D, should be constant. 
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Values of D, were determined by Turnbull and Hoffman from the 
data, and it was found that D, was essentially independent of 6 for 
6 = 30°, in complete agreement with the dislocation pipe theory and 
the Burgers model for a small-angle boundary. The activation energy 
describing the temperature dependence of D, was found to be inde- 
pendent of 6 and comparable to the value determined from poly- 
crystalline specimens. 

Further confirmation was obtained by Horrman,'*” who measured 
the diffusion penetration parallel (/?,) and perpendicular (P,) to the 
dislocation lines as a function of boundary angle. The results are shown 


BOUNDARY ANGLE @ 


Fig. 6. The dependence of grain-boundary diffusion anisotropy in 
silver on boundary angle. T 50°C") 


in Fig. 6 in which the ratio of the two coefficients is plotted as a function 
of 6. It is seen that P,/P, has a large value when @ is small, decreasing 
progressively as @ becomes larger. For small @ the dislocations are 
spaced widely apart; therefore, for the P, measurements most of the 
diffusion path consists of the normal lattice. In this case P, should be 
small, approaching the lattice diffusion coefficient. As 6 becomes larger 
the dislocation spacing becomes smaller and P, increases, with no 
change in P,; therefore the ratio P,/P, decreases, as is observed. 

Turnbull and Hoffman also noted that boundary diffusion was 
dependent on the orientation of the boundary plane as well as on the 
boundary angle. For a 9° boundary they observed enhanced diffusion 
along segments of the boundary parallel to (100) planes in one of the 
component crystals. 

The results of self-diffusion measurements on lead bicrystals by 
Oxxerse, TrepeMa and Burcers™ are essentially in agreement with 
the above results on silver. They observed appreciable grain-boundary 
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diffusion along 18° tilt boundaries parallel to the dislocation lines and 
no preferential diffusion in a direction perpendicular to the dislocation 
lines. This was for boundaries formed by symmetrical rotations of 
{111} planes about a common <110) direction, starting at the boundary 
plane. In the case of a common ¢211) axis of rotation for the same 
boundary angle, they observed some preferential diffusion, but less 
than that observed when the diffusion direction was parallel to the 
dislocation lines. This appears reasonable, since in this case the dis- 
location lines are not clearly defined to be parallel to the diffusion 
direction. 

Consider now the case of solute diffusion, the diffusion of one metal 
through the grain boundaries of a second metal. Yukawa and 
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Fig. 7. Grain-boundary penetration of nickel into copper as a function 
of boundary angle. Samples were diffused for 41-3 hr at 750°C®® 


Srxynotr have investigated the diffusion of Ni® in Cu bi-crystals over 
a wide range of boundary angle. They used bicrystal specimens in 
which symmetrical rotations of the component crystals were made 
about a common (100) direction in the boundary plane, starting at the 
boundary plane. This produced tilt-type boundaries similar to those 
described above for silver. As mentioned previously, they sectioned 
their specimens after annealing and measured the depth of penetration 
of the Ni® directly from their autoradiographs. An example of their 
results is shown in Fig. 7 in which the depth of penetration is plotted 
as a function of boundary angle. Repeat autoradiographs (Ist and 2nd 
ARG) and repeat cuts were made (cut | and 2) for the same specimen, 
to check the reproducibility. As can be seen in the Figure, there is 
considerable scatter in their measurements; nevertheless, the results 
do clearly indicate a progressive increase in penetration from small 
boundary angles to the maximum angle @ = 45°. Some of the bound- 
aries measured were not perpendicular to the polished specimen 
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surface. In this case Yukawa and Sinnott found that the penetration 
measurements were inconsistent with the data for boundaries per- 
pendicular to the surface, accounting for much of the scatter in the 
results. 

From their data Yukawa and Sinnott calculated the grain-boundary 
diffusion coefficient and activation energy as a function of boundary 
angle, using the equations developed by Fisner.“® They assumed the 
effective boundary thickness 4 to be constant and equal to 5 A. The 
results are shown in Fig. 8 and Fig. 9. In the former the ratio D,,/D, 
is plotted as a function of 0, in the latter the activation energy is plotted 


} 


BOUNDARY ANGLE BOUNDARY ANGLE 
Fig. 8. Curves illustrating the Fig. 9. Activation energy for grain- 
influence of boundary angle on boundary diffusion of nickel into 
the ratio of grain-boundary copper is given as a function of 
diffusion coefficient to lattice boundary angle‘** 
diffusion coefficient at various 
temperatures'**) 


against 6. The curves indicate that the diffusion coefficient ratio and 
the activation energy are markedly dependent on boundary angle. It 
was noted that the shape of the activation energy curve in Fig. 9 was 
similar to that observed in measurements of boundary energies as a 
function of boundary angle. 

As pointed out previously, Turnbull and Hoffman found that Dg, 
increased with 6, but D,, the coefficient associated with dislocation 
pipes, was independent of 6. Accordingly, the values of 6Dg, given 
by Yukawa and Sinnott were divided by sin 44 by this writer, following 
the procedure used by Turnbull and Hoffman to determine Dp. The 
values of D, from Yukawa’s and Sinnott’s data were not found to be 
independent of 6, differing, for example, by a factor of approximately 
20 for 6 = 10° and 6 = 30° at 7 = 650°C. It should be pointed out 
that Yukawa and Sinnott did not find that the Fisher equation fitted 
their data very well for small-angle boundaries, in that the time de- 
pendence of penetration predicted by the Fisher equation did not agree 
with their observations. 
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DEPTH OF PENETRATION (mm) 


BOUNDARY ANGLE (degrees) 


Fig. 10. Depth of penetration of silver along grain boundaries of 
columnar copper as a function of boundary angle. Annealed for 141 hr 
at 725°C'32) 


(mm) 


DEPTH OF PENETRATION 


20 


BOUNDARY ANGLE © (degrees) 


Fig. 11. Depth of penetration of zinc along grain boundaries of 
columnar copper as a function of boundary angle‘** 
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SMOLUCHOWSKI has made quantitative measurements of grain- 
boundary diffusion with Acurrer™ for Ag in Cu, with Franacan® 
for Zn in Cu, with Coutryne™® for Ag™® in Cu, and with Haynes“ for 
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Fig. 12. Depth of penetration of silver along grain boundaries in copper 
as a function of boundary angle @. The results for three different direc- 
tions of diffusion in the boundary plane are shown‘ 


Fe® in Si Fe. They examined tilt-type boundaries formed by sym- 
metrically rotating (100) planes about the boundary plane, measuring 
the boundary penetration as a function of boundary angle. In one 
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Fig. 13. Depth of penetration of iron along grain boundaries in 3 per 
cent silicon iron as a function of boundary angle 6° 


case“) the direction of diffusion in the boundary was also examined by 
varying ¢, the angle between the common <100) direction in the com- 
ponent crystals and the polished specimen surface. The results are 
shown in Figs. 10, 11, 12 and 13. The anisotropy of diffusion for 
Ag™® in Cu is shown more clearly in Fig. 14. 
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The results clearly show, as in the experiments discussed previously, 
that the penetration is strongly dependent on boundary angle as well as 
on the direction of diffusion in the boundary plane. Several different 
features, however, should be noted in these curves. Small-angle 
boundaries do not show any preferential diffusion. Also the curves 
are not symmetrical about the median angle 6 = 45°, and in the case of 
Fig. 13 an appreciable drop in penetration is observed in the vicinity 
of 6 = 50°. 

The observation that grain-boundary diffusion does not take place 
along small-angle boundaries is contrary to the results reported by 
Turnbull and Hoffman and by Yukawa and Sinnott, and suggests that 


@ (DEGREES) 


Fig. 14. Relative grain-boundary diffusion anisotropy of silver in 
copper as a function of boundary angle 6. Diffusion directions taken 
parallel and perpendicular to the tilt axis 


enhanced diffusion does not take place along dislocation pipes. The 
explanation suggested by Turnbull and Hoffman for the results of 
Smoluchowski et al. is that the resolving power of the technique they 
used was not sufficiently sensitive to detect the enhanced diffusion 
along small-angle boundaries. This point concerning diffusion along 
dislocation pipes was examined in more detail by HENDRICKSON and 
Macuuin.“) They measured the diffusivity along a large number of 
edge dislocations which were introduced in a single crystal of silver by 
bending and polygonization. They found enhanced diffusion in a 
direction parallel to the dislocation lines, clearly substantiating the 
dislocation pipe model proposed by Turnbull and Hoffman. 

The lack of symmetry of the penetration curves of Smoluchowski 
et al. is not clearly understood. They attributed it initially to the 
boundary energy cusps, described by Reap and SHockiey,“) which 
are expected at specific values of 6. However, this explanation was 
not adequate to explain the depression in the curve of Fig. 13 at 

= 50°. In this case attempts were made to account for the results 
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by relating the diffusion to the density of misfit atoms in the boundary 
region. 

On the basis of their observations, Smoluchowski et al. proposed the 
following model of grain-boundary structures. Small-angle boundaries 
(less than about 15°) consist of dislocation arrays which have the same 
diffusion coefficient as the crystal lattice. As the boundary angle 
becomes larger some of the dislocations interact with one another, 
forming regions of relatively disordered material through which diffu- 
sion takes place more readily than through the lattice. The regions 
would be long and narrow initially, accounting for the observed aniso- 
tropy of diffusion in the boundary plane. As the boundary angle 
increased the regions would grow in size, until they joined together at a 
number of points in the boundary. During this time boundary diffusion 
would increase and anisotropy would decrease until the maximum 
boundary angle was reached. In the later stages the model is similar 
to that proposed by Mott to explain boundary shear; namely, that the 
boundary consists of islands of relatively good fit surrounded by 
randomly positioned atoms. 

The major objection to this model derives from the observation that 
dislocation pipes do provide a good path for diffusion. Relatively 
disordered regions, therefore, are not necessary to account for boundary 
diffusion. However, the model may still be applicable for large-angle 
boundaries, since it does account for a continuous change in diffusion 
and anisotropy after the dislocation model for the boundary is no 
longer considered to be applicable. 

To summarize the results of the grain-boundary diffusion measure- 
ments, the following points may be made: 


(1) Most of the results are in good qualitative agreement with the 
dislocation model for small-angle boundaries. This is shown by the 
dependence of boundary diffusion on boundary angle and, in particu- 
lar, the anisotropy of diffusion in the boundary plane. 

(2) Good quantitative agreement with the dislocation model is 
shown in the results of Turnbull and Hoffman, in which the change in 
boundary diffusion with boundary angle is directly related to the 
dislocation spacing. However, a similar relationship is not obtained 
from the results of Yukawa and Sinnott. Also, the adequacy of the 
mathematical analysis on which these results are based has been 
questioned both by Yukawa and Sinnott and by Okkerse, Tiedema 
and Burgers. 

(3) Structure in the boundary appears to persist up to the largest 
boundary angle investigated (6 45°), on the basis of both the 
penetration curves and anisotropy measurements. The structure 
appears to change, uniformly and continuously, well past the 
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boundary angles at which the dislocation model is no longer con- 
sidered applicable. 

(4) Enhanced diffusion along grain boundaries probably results 
from enhanced diffusion along dislocation pipes, and not because of 
the presence of areas of highly disordered structure in the boundary 
as postulated by Smoluchowski. 

(5) The last two points suggest that large-angle boundaries have 
some kind of dislocation structure based on the same type of dis- 
locations present in the small-angle boundary for a given bicrystal 
configuration. 


GRAIN-BOUNDARY SEGREGATION 


It has been postulated that segregation of solute atoms should occur 
at grain boundaries under equilibrium conditions. Because of the 
lattice distortions in the boundary region, large solute atoms should fit 
more readily in the expanded portions of the lattice in the boundary, 
while small solute atoms should fit best in the compressed regions of 
the boundary. Expressions for the segregation can be obtained on the 
basis of the elastic strains in the lattice associated with the solute atoms 
and from thermodynamic arguments. These have been reviewed by 
McLean,” along with the experimental results in which segregation 
has been reported. 

Since the boundary segregation is attributed to the presence of 
expanded or compressed regions in the boundary, the amount of 
segregation should be related to the boundary structure. Some indica- 
tion of relative boundary structures might then be obtained by measur- 
ing the segregation as a function of boundary angle. 

This has been done by Tuomas and Cuatmers.'*) They measured 
the segregation of polonium?!” in controlled orientation bicrystal 
specimens of lead — 5 per cent bismuth alloys, using autoradiographic 
techniques to measure the segregation of the polonium at the boundary. 
The procedure they adopted was to add the radioactive material to the 
melt, grow the bicrystal, anneal for 48 hours at 270°C to homogenize 
the specimen, then anneal further at 100°C until the boundary segrega- 
tion appeared to be at equilibrium. Tilt-type boundaries were used, 
produced by rotations about a common <100) direction. 

They observed that the equilibrium concentration of the polonium 
at a grain boundary was markedly dependent on the boundary angle. 
The dependence is shown in Fig. 15. Relatively little segregation is 
observed until # = 16°, following which the segregation increases 
abruptly and rapidly, tending towards a constant value at the large 
angles. Annealing at temperatures higher than 100°C resulted in a 
corresponding decrease in the observed concentration for 0 = 25°; for 
the smaller angles the concentration disappeared. 
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The rapid increase in concentration at @ = 16° suggests that a 
marked change in the boundary structure occurs in the vicinity of this 
angle. This would be in conformity with the boundary melting be- 
haviour reported in an earlier section, in which a relatively sharp 
melting transition was observed, as well as with the relative boundary 
energy measurements in pure lead‘®*) where the energy remained con- 
stant after 6 = 16°. However, it does not agree with the boundary 
diffusion measurements described previously, in which no marked 
transitions were observed. The suggestion from the diffusion experi- 
ments, that large-angle boundaries do have structure, agrees with the 
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Fig. 15. Relative grain-boundary concentration of polonium, as a 
function of boundary angle in a lead—5 per cent bismuth alloy'*’ 


results in Fig. 15 where the concentration is observed to be dependent 
on the boundary angle for @ greater than 16°. 

At the present time, it is not clear how much emphasis can be given 
to the results of Thomas and Chalmers, since it has been suggested that 
they did not, in fact, measure equilibrium boundary segregation, but, 
rather, some other effect associated with the oxidation of polonium. 
Warp has pointed out that the thickness of the radioactive layer 
that they observed at the boundary could only be accounted for by 
assuming an excessively thick boundary. Maroun, SHermr and 
RosEensero”’) reported that the concentration at the boundary was 
not observed when a thin surface layer was microtomed from the surface 
of the specimen, although Tuomas and CuaLmers did observe a con- 
centration below the surface.’ Finally, Suermr has shown that 
the concentration at the boundary could be completely eliminated by 
annealing in a hydrogen atmosphere to prevent oxidation. 

Segregation of solute atoms has been observed at grain boundaries, 
using autoradiographic techniques’: * and more indirectly, by the 
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Fig. 16. Appearance of a boundary trace during shear of an aluminium 


tricrystal, at the times indicated (min) from the application of the load. 


Tested at 600 C at a shear stress of 300 g/cm? (59) 
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preferential etching of grain boundaries‘. 5 and by internal friction 
measurements.‘ 5, 5 Jn some of the experiments observations were 
made of the dependence of the segregation on boundary angle, but no 
systematic investigation of this dependence appears to have been made. 


GRAIN-BOUNDARY SHEAR 


When polycrystalline materials are deformed in creep, it has been 
observed that the component crystals often appear to move with 
respect to their neighbouring crystals by sliding along their grain 
boundaries. This sliding, termed grain-boundary shear, was used by 
Rosenhain in his arguments to show that grain boundaries had an 
amorphous structure. He noted that grain boundaries were relatively 
weak at high temperatures, when compared with crystalline material, 
since boundaries sheared and fractured before the component crystals 
deformed appreciably. On the other hand, at low temperatures they 
were strong, since they did not shear or fracture. He found that this 
behaviour was similar to that observed with amorphous materials, 
from which he concluded that the boundary structure was amorphous. 

As discussed previously, it has been demonstrated that grain 
boundaries do not have an amorphous structure, at least for small 
boundary angles, so that Rosenhain’s argument is not correct. How- 
ever, it does suggest that a more detailed investigation of grain- 
boundary shear and fracture might provide information on grain- 
boundary structures, particularly for large-angle boundaries. 

Grain-boundary shear has been studied in two ways. Bicrystal and 
polycrystalline specimens have been tested in creep, and the relative 
displacements of the crystals at the grain boundaries have been 
measured as a function of the test and boundary parameters; this 
involves relatively gross displacements of the crystals, as determined 
by the measuring techniques used. Alternatively, internal friction 
techniques have been used to detect stress relaxation across grain 
boundaries, which in turn is considered to be a measure of grain- 
boundary shear on a very fine scale. In this section, the direct measure- 
ment of boundary shear on bicrystal specimens will be considered. 

Measurements are generally made of the boundary shear as a 
function of time, over a range of stresses, temperatures, boundary 
angle, orientation and contained impurities. The results are then 
analysed to obtain an activation energy for the boundary shear process. 
In attempting to relate these data to grain-boundary structures a 
number of points should be considered. 

1. Are the measured boundary shears indicative primarily of a 
boundary property ? 

2. Do the activation energies reported describe a simple shear 
process and can they be related to the boundary structure ? 
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3. Finally, is the boundary shear dependent on boundary angle and 
does this dependence agree with the dislocation model for small-angle 
boundaries 

(1) Are boundary shear measurements a measure primarily of a 
boundary property? This depends on the extent to which other effects 
accompany and influence the shear process. An estimate can be made 
of this by examining the boundary trace during shear, and considering 
the shape and reproducibility of the relation between boundary shear 
and time. 

The most direct evaluation can be made on the basis of the bicrystal 
type of experiments in which the shear stress is applied parallel to the 
boundary. Experiments of this type have been reported by PuTtick 
and Kine for Tune and Mapprn for aluminium” and Wer- 
BERG for aluminium. In all cases they used controlled orientation 
bi- or tricrystal specimens grown from the melt. Experiments in 
which the stress was applied at 45° to the boundary plane are reported 
by Rutves, Bonp and using bicrystal specimens prepared 
by strain annealing. 

It was observed in the above investigations that boundary shear 
could occur without overall deformation of the component crystals. 
However, shear was generally accompanied by boundary migration and 
local deformation in the boundary region. This is illustrated in Fig. 
16) in which the appearance of a boundary trace of an aluminium 
tricrystal is shown during shear. The initial boundary trace is the 
vertical dark line in the first photograph (20 min); the horizontal line 
in the same photograph is the reference scratch inscribed on the speci- 
men surface before the test was started. Alternate shear and migration 
have occurred, since the reference scratch has been sheared at a number 
of discrete positions during the test and the boundary has moved to 
position P in the final photograph. The thickening of the boundary 
trace, and the appearance of a large number of lines on the surface 
inclined to the boundary trace, both indicate local deformation during 
shear. 

It was also reported that the rate of boundary shear often cycled in 
an unpredictable fashion during shear, and that repeat tests on similar 
specimens did not give very reproducible results. Further, work- 
hardening accompanied shear, and the work-hardening was only 
partially recoverable on annealing at high temperatures. 

From these results it is reasonably clear that the shear displacement 
measured in the above experiments results from the combined effects 
of shear, boundary migration and local deformation. This would 
suggest that the mechanisms proposed to account for boundary shear 
are largely speculative, since the relative contribution of each of 
these factors is not known. Accordingly, proposing a model for 
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grain-boundary structures on the basis of a shear mechanism is also 
largely speculative. 

If only the measurements at the beginning of shear are considered, 
it is possible that the results can be related to the boundary structure, 
provided that the effect of local deformation is small and boundary 
migration does not occur. Tung and Maddin suggest this might be the 
case in their experiments, since they observed a constant initial shear 
rate with no migration or apparent deformation, during the initial part 
of a test. However, they did observe an incubation period at the start 
of a test, before shearing commenced, which is difficult to account for 
if simple shear was taking place. 

Puttick and King also observed that shear proceeded at a constant 
rate during the initial part of a shear test. However, the shear rate was 
much lower than that observed in internal friction measurements, 
suggesting that some deformation and work-hardening had already 
occurred before the measurements were started. 

Weinberg, and Rhines, Bond and Kissel reported that the initial 
shear rate did not remain constant, but decreased continuously as the 
test progressed, indicating significant local deformation. 

In order to determine clearly whether initial shear measurements 
do reflect a simple boundary property related to the boundary structure, 
it would be necessary to test, in shear, boundaries which are crystallo- 
graphically plane and which do not migrate. There is no apparent way 
of conducting such a test at the present time. 

(2) In the cases reported above where the initial shear rate was found 
to be constant, activation energies were determined for the boundary 
shear process using the expression 


S = A exp (— Q/RT) 


where S is the initial shear rate, A is a constant independent of temper- 
ature but dependent upon the stress and boundary angle, Q is the 
activation energy for boundary shear, R is the gas constant, and 7’ is 
the absolute temperature. For large-angle boundaries it was found that 
the above expression fitted the experimental results, giving @ = 19,000 
cal/mole for tin,’ 40,000 cal/mole for copper,“*” and approximately 
35,000 cal/mole for aluminium. 

Rurves et al. determined an activation energy for a relatively 
prolonged period of boundary shear in aluminium. They found that 
their boundary shear-time curves fitted the expression 


where S is the measured shear, K is a constant, and ¢ is the time from 
the beginning of shear. To determine the activation energy they used 


the expression S = Kt exp (— Q/RT) 
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in which S was taken as the amount of shear which occurred in 50 hours. 
Their data fitted the above equation, giving a value of Q@ = 11,000 
cal/mole. Subsequently, McLean‘) suggested that their equation be 


modified to S = K{[t exp (— Q/RT)}* 


which results in Q@ = 33,000 cal/mole. The same data were also analysed 
by Fazan, Suersy and Dory,‘® using a temperature-compensated 
time procedure to give Q@ = 40,000 cal/mole. 

Werxserc™? did not report an activation energy for shear. He 
found that the procedures used in the other investigations did not give 
an unambiguous value for the activation energy when applied to his 
data. 

In considering the above results from a grain-boundary structure 
point of view, it seems reasonably clear that the results are significant 
only to the extent that the boundary shear measurements on which 
they are based are significant. The activation energies derived from 
the data of Rhines ef al. are based on shear measurements taken over 
prolonged periods of time. As pointed out previously, these measure- 
ments cannot be related directly to the boundary structure since they 
are a result of boundary migration and local deformation as well as 
shear. 

The activation energies determined from the initial shear rate might 
describe a primary boundary behaviour. Puttick and King noted that 
the value they obtained for the activation energy for shear agreed 
closely with the corresponding value determined from internal friction 
measurements. However, the rate constant A for shear was less than 
that determined for internal friction by a factor of 10°. This led them to 
suggest that the controlling mechanism operative in boundary shear 
was different than that which was operative in internal friction, 
postulating in the former case that the controlling mechanism was local 
boundary migration. 

(3) Although the mechanism of the overall boundary shear be- 
haviour has not been defined, some idea of relative grain-boundary 
structures can be obtained by measuring the shear behaviour of a 
series of boundaries in which a boundary parameter is varied. To this 
end, measurements have been made of shear as a function of boundary 
angle in aluminium by Tune and Mapprin“*) and WernBerG, using 
controlled orientation specimens, and by Ruatyes et al.“ using ran- 
domly oriented bicrystals. 

In the bicrystal specimens examined by Tung and Maddin, each of 
the component crystals had a common <110) direction in the boundary 
plane, arranged parallel to the stress axis. To produce a boundary of 
angle 6, each of the crystals were rotated 44 symmetrically about the 
boundary plane, with the common direction as the axis of rotation. 
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They measured the initial shear rates of a number of specimens of 
constant 6 over a range of temperatures, and from these they determined 
the temperature dependence of the shear rate, as expressed by the 
activation energy. This was repeated for specimens of different 6, 
resulting in the curve shown in Fig. 17 in which the activation energy 
is plotted as a function of boundary angle. The curve shows that the 
activation energy increases as @ increases, with the maximum change 
occurring at the largest values of 6. 

The change in activation energy with boundary angle shown in 
Fig. 17 was considered in terms of the grain-boundary model proposed 
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Fig. 17. Variation of activation energy with boundary angle for 
grain-boundary shear in aluminium‘*® 


by Morr.'* In this model the boundary structure is described as 
consisting of atoms of good fit surrounded by regions of poor fit. Tung 
and Maddin proposed that changing the boundary angle changed the 
average number of atoms in the islands of good fit. Substituting the 
values they obtained for the activation energy in the shear equation 
developed by Mott, they found that the number of atoms per island 
changed from 3-4 atoms at # = 20° to 15-5 atoms at 6 = 88°. 
Weinberg examined specimens having orientations similar to that 
described above. His results are shown in Fig. 18, in which the average 
boundary shear-time curves are plotted for a series of specimens having 
different boundary angles. He observed that small-angle boundaries 
(less than 6 = 5°) did not shear. Intermediate and large-angle bound- 
aries did shear, the extent of the shear depending on the boundary 
angle, as shown in Fig. 18. Similar results were obtained for specimens 
in which the common crystallographic direction was <100) instead of 
<110), indicating that the extent of the shear was not influenced by the 
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orientation of the component crystals. For small-angle boundaries, 
similar results were also obtained at lower test temperatures. For 
larger-angle boundaries (9 = 45°) tested below approximately 450°C, 
the extent of the shear depended on the orientation of the component 
crystals. Specimens having a common <110) direction sheared much 
more readily than those with a common <100) direction. 

The dependence of boundary shear on boundary angle was also 
examined by Rhines et al. Their experiments were not as direct as 
those described previously, since the bicrystals they used were not of 


TIME 


Fig. 18. Curves relating average boundary shear to time for the 
boundary angles indicated. Aluminium tricrystals, tested at 600°C 
with a shear stress of 500 g/cm? ‘*” 


similar orientations, and deformed unsymmetrically during a test. 
Similar to the previous results, they noted that large-angle boundaries 
sheared extensively whereas small-angle boundaries exhibited little 
shear. For larger boundary angles they found that the overall rate of 
gliding could be associated with the angular difference between the 
active slip systems in the conjugate crystals. In general the shear rate 
was observed to vary linearly with the angular difference, defined as 
the sum of the angles between the two active slip planes and the two 
slip directions. 

All of the above results indicate a dependence of shear on boundary 
angle. How, then, does this dependence relate to the dislocation model 
of the boundary structure? Consider the simplest case first, as shown 
in Fig. 18, in which the stress and temperature were maintained 
constant as # was varied. Without attempting to describe the shearing 
mechanism, the results appear to be in reasonable agreement with the 
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dislocation model. Small-angle boundaries do not shear, in conformity 
with the dislocation model of a tightly bound atomic array. Inter- 
mediate angles (4° to 17° approximately) shear a progressively in- 
creasing amount as the boundary angle increases. Between 17° and 
30° the increase in shear is relatively small. From one point of view this 
behaviour is quite reasonable. As the boundary angle becomes larger 
the boundary energy increases and therefore the bonding between 
atoms, on the average, decreases. This allows more shear to take place, 
until a boundary angle of approximately 15° is reached, at which point 
the model breaks down and the shear becomes essentially constant. 
On the other hand, if there were a marked change in the structure at 
the angle where the dislocation array breaks down, then one might 
expect very little shear associated with boundaries below this critical 
angle and a high constant shear above this critical angle; this is not 
the case. 

Attempts to relate the change in activation energy shown in Fig. 17 
to boundary structures are considered to be largely speculative. Within 
these limitations, the results appear to be quite contrary to what might 
be expected. Large-angle boundaries, which are relatively disordered, 
should have a lower activation energy than smaller-angle boundaries 
and be relatively insensitive to boundary angle. From Fig. 17 it is 
seen that large-angle boundaries have the highest activation energy 
and are most sensitive to small changes in boundary angle. 

The initial shear rates (on which Fig. 17 is based) were examined as a 
function of boundary angle and were found to vary in an anomalous 
manner. For example, at 500°C and at a stress of 45 g/mm* the shear 
rate is a minimum at @ 55°, and is higher by a factor of 10 at both 
§ = 20° and 85°. At 400°C and the same stress, the shear rate decreases 
continuously as the boundary angle is changed from @ = 20° to 85°. 
These results suggest that the initial shear rate might not be a suitable 
parameter to use in considering relative boundary structures. 

The results of Rhines ef al. are in general agreement with Fig. 18 in 
that small-angle boundaries do not shear as extensively as do large- 
angle boundaries. The explanation they advance for boundary shear 
is based on the assumption that shear is due to normal slip in the 
boundary region. This is not considered likely, on the basis of the other 
investigations. 


To summarize: 


(1) Large-angle grain boundaries shear at high temperatures with- 
out overall deformation of the component crystals. They do not 
shear at low temperatures. 

(2) In general, measurements of shear displacements include the 
combined effects of shear, boundary migration, and local deformation. 
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Because of this, specific large-angle boundary structures derived from 
these measurements are largely speculative. 

(3) In some cases activation energies were determined for shear, 
based on a constant initial shear rate. It is not clear whether they 
can be related to a simple shear mechanism. 

(4) Boundary shear was found to depend on boundary angle. 
Small-angle boundaries did not shear; intermediate angles sheared a 
progressively increasing amount in general conformity with the 
Burgers model. Some dependence of shear on boundary angle wae 
also observed for large-angle boundaries. 


INTERNAL FRICTION 


In the internal friction measurements of Ké it was reported that the 
curves relating internal friction and temperature for polycrystalline 
materials exhibited a peak that was not present in similar curves for 
single crystals of the same material. Ké ascribed the peak to stress 
relaxation across the grain boundaries present in the polycrystalline 
material and postulated that the mechanism of stress relaxation was 
simple shear along the boundaries. His work has been reviewed in 
some detail in this series". © and elsewhere.'* 

From a grain-boundary structure point of view, the significance of 
the internal friction measurements is that they can be attributed 
directly to the boundary behaviour prior to the advent of plastic 
deformation in the boundary region. Any strains associated with stress 
relaxation can be compared to the theoretical behaviour of a grain 
boundary, based on a postulated large-angle boundary structure. 

Both K&‘® and Morr'™ postulated grain-boundary structures on 
the basis of the internal friction measurements. It has been observed 
by Ké that grain boundaries behaved in a viscous manner at higher 
temperatures. He pointed out’ that this behaviour could be attri- 
buted both to a layer of disturbed crystallinity and to an amorphous 
layer, so that the viscous behaviour in itself is not indicative of the 
boundary structure. 

However, Ké’s consideration of the activation energy for the stress- 
relaxation process suggested that the boundary structure—in this case 
the average structure in a polycrystalline material—is very similar to 
the structure of the grains themselves. Briefly, this was arrived at 
in the following way. He assumed that stress relaxation occurred by 
the squeezing of individual atoms past neighbouring atoms, following the 
mechanism proposed by Orowan for creep.’ He then compared the 
activation energy for stress relaxation with that determined for volume 
diffusion and for steady state creep in several materials, and found that 
the activation energy in all three cases was the same for each material. 
From this he concluded that the operative mechanism was the same in 
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the three cases. Since volume diffusion takes place in the grain and 
stress relaxation at the grain boundary, this would require the structure 
of the grains and grain boundaries to be essentially similar. 

Mott proposed a grain boundary model in which the boundary could 
be considered as a monatomic layer of atoms in which atoms were 
arranged in islands of relatively good fit separated by regions of re- 
latively poor fit. He assumed that stress relaxation was a boundary 
shear process resulting from the disordering of atoms around each of 
the islands of good fit. On this basis he developed an expression for the 
rate of boundary slip which was in reasonable agreement with the 
experimental results of Ké. 

In considering the grain-boundary structures described above by 
Ké and Mott it becomes apparent that both models are based on a 
postulated mechanism for the stress-relaxation process. It has not 
been clearly demonstrated that this process is, in fact, simple boundary 
shear. The shear in this case would be too small (3 x 10-7 cm max) to 
be observed directly on the specimen surface. For the same reason the 
results on boundary shear reported in the previous section cannot be 
applied in this case without extensive extrapolation of the data to 
values of shear much smaller than that observed. 

Assuming that stress relaxation does take place by boundary shear, 
it is still not clear that the mechanism postulated above accounts 
satisfactorily for some of the experimental results.“ 7 Finally, a 
closer examination of the activation energies quoted by Ké in his 
comparison of stress relaxation, volume diffusion and steady state 
creep, suggested that the activation energies were not the same. 
Recent experiments on copper and silver by PEarson and RoTHER- 
HAM) clearly indicated that in both materials the activation energy 
for volume diffusion was markedly different than that for stress 
relaxation. Earlier experiments on tin'’» also showed a marked differ- 
ence in these two activation energies. 

Accordingly, until the stress-relaxation process is defined a little more 
clearly than it is now, relatively little emphasis can be placed in grain- 
boundary structures determined from internal friction measurements. 


GRAIN-BOUNDARY MIGRATION 

Three groups of experiments dealing with grain-boundary migration 
will be reviewed in this section. One group deals with the stress- 
induced movement of small-angle grain boundaries in zinc, which 
have provided very clear evidence for the dislocation structure of these 
boundaries. The second deals with the movement of large-angle 
boundaries in single and bicrystal specimens, and the third with grain 
growth in polycrystalline materials. 

The stress-induced movement of grain boundaries was initially 
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reported by WasHBURN and ParKeEr.'”) Subsequently, it was in- 
vestigated in more detail by L1, Epwarps, WASHBURN and PARKER, 
and BarInBRipGE, Li and Epwarps.' The procedure they used con- 
sisted of introducing a small-angle tilt boundary of the order of 1° in a 
single crystal of zinc, perpendicular to the basal plane of the crystal. 
The crystal was then stressed as a cantilever, with one end clamped, 
and a stress applied to the other end perpendicular to the basal plane. 
This produced a shear stress component, acting on the dislocations in 
the boundary in a direction parallel to the Burgers vector. Application 
of the stress resulted in movement of the boundary. 

Using this system, measurements were made of the movement of 
single boundaries under different test conditions. Also, a number of 
boundaries were tested simultaneously in a crystal and their relative 
behaviour determined. The observations are summarized below. 

(1) When the direction of the applied stress was reversed, the 
direction of boundary movement was reversed. 

(2) At high temperatures, boundaries moved at a uniform rate under 
constant stress. The boundary angle remained constant. 

(3) At room temperatures, boundaries were observed to move in 
jumps, with a progressively increasing stress being required to main- 
tain movement. In some cases the boundary angle decreased when the 
boundary jumped. 

(4) At low temperatures the boundary movement was relatively 
steady. Other than that it was essentially similar to the room temper- 
ature behaviour. 

(5) The rate of movement of a boundary decreased as the boundary 
angle increased. 

(6) The stress required to produce boundary migration was the same 
as that required to produce normal slip on the basal planes. 

(7) Small-angle boundaries were observed to act as effective barriers 
to the movement of dislocations. They also were observed to trap 
dislocations in which case the boundary angle increased appreciably. 

(8) Boundaries of both like and unlike sign were observed to unite, 
with the final boundary angle being the algebraic sum of the initial 
boundary angles. On reversing the stress, boundaries of like sign which 
had partially united could be separated; boundaries of unlike sign 
could not be separated. 

The above observations can clearly be accounted for by assuming that 
the structure of a small-angle tilt boundary is defined by the Burgers 
dislocation model, with the dislocations, in this case, being similar to 
those normally operative during slip. When a shear stress is applied 
to the boundary, each of the dislocations in the boundary glides along 
its respective slip plane. This, in effect, results in boundary movement, 
since there is some coupling between the dislocations in the array to 
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keep the dislocations alined. Reversing the direction of the applied 
stress reverses the direction of glide, and therefore the direction of 
boundary movement. 

The different behaviour of boundaries tested at different tempera- 
tures can be accounted for by the presence of barriers in the crystal 
preventing dislocations from moving. These barriers can be other 
dislocations present in the crystal, impurity atoms, or other irregu- 
larities in the lattice. At high temperatures boundary movement is 
thermally activated. Barriers in the path of dislocations can be by- 
passed by a dislocation climb mechanism; the boundary therefore 
moves uniformly and maintains its angle. At lower temperatures 
barriers blocking dislocation movement are overcome by additional 
stress. Thus the movement occurs by jumps, and the boundary angle 
decreases if dislocations are left behind. 

The manner in which boundaries were observed to have apparently 
trapped dislocations and thereby increased their boundary angle is 
entirely in accord with the dislocation model. Also in agreement with 
the model is the observation that several boundaries can be united, 
which, in the case of boundaries of unlike sign, results in annihilation 
of dislocations. 

One of the more interesting observations, from a grain-boundary 
structure point of view, is that partially united boundaries of like sign 
can be separated to their initial condition whereas those of unlike sign 
can not. This suggests the possibility that some boundaries might 
consist of several dislocation arrays adjacent to one another instead of 
the single array described by the Burgers model. 

Measurements of grain-boundary migration in bicrystals of aluminium 
have been reported by Aust, HARRISON and Mapprn.‘5) The bicrystals 
they used were grown from the melt with the boundary plane parallel 
to the growth direction. By suitably cutting and annealing the speci- 
men, one end of the boundary was made to curve round so that it 
terminated on the side of the specimen instead of the end. As a result, 
when the specimen was annealed, one crystal grew at the expense of 
the other by the movement of the curved portion of the boundary. It 
was found that this portion of the boundary moved uniformly during 
annealing and that the radius of curvature remained constant. 

The orientation of the bicrystals was such that each crystal had a 
common <110) direction parallel to the direction of growth. Sym- 
metrical rotations of the crystals about this direction produced the 
boundary of required angle. 

Measurements were made on boundaries of angle § = 55° and 
6 = 85°. It was found that the migration rate of the 85° boundary was 
considerably greater than that of the 55° boundary under similar 
annealing conditions. At 560°C the rates differed by a factor of 6, at 
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600°C by 5, and at 640°C by 2. An activation energy for migration was 
determined giving a value of 13,000 cal/mole for 6 = 85° and 15,000 
cal/mole for 6 = 55°. 

The significant factor in these results, from a structure point of view, 
is that a marked difference was observed in the behaviour of two large- 
angle boundaries. 

Aust and Rutter‘ have recently reported on the migration of 
grain boundaries in single crystals of zone-refined lead and lead with 
small additions of tin. They observed that extensive and rapid 
boundary movement could occur in these materials at normal annealing 
temperatures if a lineage structure was present in the material to 
provide the driving force. By maintaining the lineage structure con- 
stant, they were able to measure the relative mobilities of a series of 
boundaries under constant conditions. 

Experimentally, they grew long single crystals of zone-refined lead 
from the melt, maintaining fixed growing conditions to ensure that the 
lineage structure remained constant. They then pinched one corner 
of the specimen to cause local nucleation. On annealing, some of the 
nucleated crystals grew, and, generally, one of the grain boundaries 
continued growing until it grew across the entire cross-section of the 
specimen. It then proceeded to move down the crystal at a uniform 
rate. During this time measurements of the rate were made by inter- 
rupting the anneal, cooling and lightly etching. 

It was observed that boundary mobilities were markedly influenced 
by both the amount of tin added to the zone-refined lead, and the 
orientation difference across the grain boundary. The dependence is 
shown in Fig. 19 in which the rate of migration is plotted against the 
concentration of added tin. Two curves have been plotted, one for what 
is referred to as ‘‘special” large-angle boundaries, and the other for 
“random” boundaries. Both boundaries are the general large-angle 
grain boundaries which result from the nucleation process described 
previously. The special boundaries refer to those boundaries which 
join crystals which can be superimposed by a rotation of 23° or 36°-42° 
about a <111) direction, or of 26°-28° about a <100) direction. The 
remainder are the “random” boundaries. It was observed, as shown in 
Fig. 19, that special boundaries migrated much more rapidly than the 
random boundaries over most of the alloy range investigated. In the 
zone-refined material the rates were the same. It was pointed out by 
the authors that the orientation of the boundary plane might also 
affect the migration rate. However, this effect could not be determined, 
since the boundaries were curved and irregular. 

The significant point in considering these results in terms of grain- 
boundary structures is that, as before, some large-angle boundaries 
behave markedly differently from others. It is not clear, however, in 
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what specific way the boundary structures differ. The results could 
equally well be accounted for, at the present time, by attributing either 
a highly regular or irregular transition lattice to the “special” 
boundaries. 

It has also been reported’? that certain large-angle grain boundaries 
exhibit an enhanced migration rate similar to that above in strain- 
annealed single crystals of commercially pure aluminium. However, 
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Fig. 19. The rate of grain-boundary migration of zone-refined lead as a 
function of the weight per cent of added tin for “‘random”’ and “‘special’’ 
grain boundaries. Annealing temperature 300°C"® 


there is some uncertainty about these results, since enhanced migration 
was not observed in another investigation using similar materials.‘”® 

Measurements of grain growth in recrystallized materials have led 
to the suggestion that large-angle boundaries have a highly disordered 
structure similar to that of a liquid. 

and Wrvecarp’® and Hotmes and have 
determined the rate of grain growth in zone-refined lead and tin. From 
their measurements they determined the activation energy for grain 
growth in these materials, and calculated the free energy of activation 
using an expression derived by TURNBULL." These values were then 
compared by Holmes and Winegard to the corresponding values for 
self-diffusion in liquid lead and tin. 
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The experimental activation energy for grain growth was found to be 
similar to that for liquid diffusion (6,000 cal/mole as compared to 
4,000 cal/mole for tin). The free energy of activation for grain growth 
was calculated for a temperature near the melting point, assuming a 
boundary layer two atoms thick. The result was found to be very 
similar to that for liquid self-diffusion (3,400 cal/mole as compared to 
3,300 cal/mole). Because of the agreement between the free energies of 
activation for grain growth and liquid self-diffusion for both lead and 
tin, it was suggested that the boundary structure was similar to that 
of a liquid. 

A comparison was also made between the free energies of activation 
for grain growth and grain-boundary diffusion, using diffusion data 
extrapolated to near the melting point. The activation energies were 
found to differ, but the free energies of activation were of the same 
order of magnitude, suggesting a similar mechanism might be operative. 


To summarize: 


(1) The stress-induced movement of small-angle boundaries (of 
the order of 1°) in zine clearly demonstrates that these boundaries 
consist of dislocation arrays. For small-angle tilt boundaries per- 
pendicular to the basal plane, the dislocations present in the boundary 
are those normally associated with slip. 

(2) The movement of small-angle boundaries is impeded by 
impurity atoms and dislocations in the lattice. 

(3) These boundaries can impede or capture dislocations. In the 
latter case the boundary angle can increase appreciably. 

(4) Small-angle boundaries of both like and unlike sign can unite. 
When this occurs the final boundary angle equals the algebraic 
sum of the initial angles. Partially combined boundaries of like sign 
can be separated; those of unlike sign can not. 

(5) In aluminium, boundaries having a boundary angle of 85° 
migrate at a more rapid rate than those of 55° angle. 

(6) In high-purity lead-tin alloys, the rate of migration of “special” 
large-angle grain boundaries can be much more rapid than that of 
random boundaries when subjected to the same driving force and 
testing conditions. 

(7) It has been suggested that large-angle boundaries have a liquid- 
like structure. This is based on the similarity of activation energies 
and free energies of activation between grain growth in lead and 
tin, and liquid self-diffusion. 


CONCLUSIONS 


The present status of grain-boundary structures will be briefly sum- 


marized. 
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(1) The structure of simple tilt boundaries, with 6 of the order of 
minutes of arc, has been clearly demonstrated to consist of dislocation 
arrays in conformity with the Burgers model. This has been shown by 
the direct observation of dislocation sites in a boundary, both as 
revealed by etching techniques and as seen in thinned foils with an 
electron microscope. Non-tilt boundaries have also been observed in 
thinned foils, and in decorated transparent crystals, and shown to 
have a dislocation structure more complex than that in the simple tilt 
boundary. 

There appears to be no basic difference between boundaries formed 
by polygonization and those resulting from growth and recrystalliza- 
tion. 

(2) The simple tilt boundaries of approximately 6 = 1°, examined 
in the boundary migration experiments in zinc, also conform with the 
Burgers model. It was shown, in this case, that the dislocations in the 
boundary were the same as those acting during slip. It was also shown 
that dislocations could be added to a grain-boundary dislocation array, 
and that this results in an increase in boundary angle, if all the dis- 
locations are of like sign. If the added dislocations are of different sign 
from those in the boundary, then dislocations in the boundary are 
annihilated and the boundary angle becomes smaller. 

(3) The structure of boundaries in the range of 1° < 6 < 10° has not 
been observed directly, but there is very clear evidence that it consists 
of dislocation arrays in conformity with the Burgers model. This has 
been demonstrated quantitatively by the excellent agreement between 
theory and experiment in the grain-boundary energy measurements, for 
all of the materials investigated. The grain-boundary melting and shear 
results are in qualitative agreement with the model. Boundaries do not 
melt preferentially in this range, and shear to a progressively increasing 
extent as the boundary angle is increased. 

(4) Theoretically, the Burgers model for the grain boundary is 
considered to break down somewhere in the general range 10° < 6 
< 20°. Most of the evidence suggests that there is no abrupt transition 
in the boundary structure in this range. Boundary energies have been 
observed to increase continuously with increasing boundary angle to 
values as large as § = 30° (for silver). Similarly, diffusion along grain 
boundaries and the anisotropy of diffusion do not indicate any abrupt 
transition in the boundary structure in this range. 

On the other hand, the boundary melting results, in which there is a 
relatively sharp transition from non-melting to preferential melting of 
the boundary, do suggest an abrupt transition in the structure. The 
transition could be one separating boundaries having a Burgers dis- 
location structure from those having a relatively disordered structure. 
In the case of tin and aluminium this might be considered possible, 
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since the transition angles in both cases are within the boundary-angle 
range specified above. With zinc, however, the transition angles are 
outside this range, and are too large for the boundaries to have a 
Burgers dislocation structure up to the transition angle. 

In general, it appears most likely that there is a gradual change in 
boundary structure with increasing boundary angle, and therefore, 
that abrupt transition angles are not significant. 

(5) There is still no adequate model for large-angle grain-boundary 
structures (9 > 20°) which will satisfactorily account for the observed 
grain-boundary properties. It has been suggested that large-angle 
boundaries have a relatively disordered structure which is independent 
of boundary angle. This suggestion is based primarily on the observa- 
tion that boundary energies at large angles remain constant. However, 
there is clear experimental evidence that the properties of large-angle 
boundaries are dependent upon boundary angle. Different large-angle 
boundaries have significantly different rates of migration, shear, and 
diffusion as well as exhibiting marked anisotropy of diffusion. It is 
possible that large-angle boundaries might have a structure made up of 
dislocation arrays, as suggested by the diffusion measurements, but no 


specific structure has been defined. 
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X-RAY STUDIES OF DEFORMED METALS* 


B. E. Warren 


I. INTRODUCTION 


A REVIEW of the early x-ray diffraction studies of cold worked metals 
has been given by GREENOUGH™ in an earlier volume in this series. 
An excellent treatment of some of the newer developments in theory 
and a presentation of experimental results is given in the recent book by 
Guinier.” The last five years have seen a rapid development in this 
subject, and since most of this material is to be found only in journal 
articles scattered through the literature, there is need for bringing the 
present state of affairs together in one unified presentation. As is 
usually the case, it turns out that much of the original work can be 
considerably simplified and generalized. 

The earlier x-ray studies of cold work were usually content to use 
simple quantities such as peak breadths. It now appears that the really 
important and interesting features of the diffraction patterns are 
second-order features, such as the precise peak shape, small peak dis- 
placements and slight asymmetries, which were completely missed by 
working only with peak breadths. 

We will consider first the simplest picture, one in which cold work has 
produced small coherent domains within which there may be strains. 
We will then consider the present-day experimental techniques and the 
Fourier series methods for evaluating the data. The most recent interest 
is in the production of faulting by cold work, and we next consider the 
effects of faulting in the FCC, HCP and BCC metals. Finally, we will 
consider some of the recent experimental results. No attempt is made 
to present a complete review of the work which has appeared in this 
field in the last few years, but rather to give a unified presentation of 
those phases with which the author has been most closely associated. 


Il. Errect or SMALL CoHERENT DOMAINS AND STRAINS 


We consider first the powder pattern of a material in which cold work 
may have produced small domains diffracting incoherently with respect 
to one another, and strains within the domains. Using the formulation 
introduced by Stokes and Wison,) we consider a 00/ powder pattern 
reflection from a material having orthorhombic axes. For each reflec- 
tion Akl from a cubic crystal, it is possible to adopt orthorhombic axes 


* Review of a research programme sponsored by the U.S. Atomic Energy Commission. 
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so as to make the reflection 00/. The generality of the treatment is not 
limited to cubic crystals, however, because it has been shown by 
Stokes and Wizson™ and by Warren that a general treatment of 
the problem leads to exactly the same results as those obtained by 
considering a 00l reflection in terms of orthorhombic axes. We shall 
use this representation because it simplifies greatly the mathematical 
derivations. 

Following the treatment of WARREN and AVERBACH™ the position 
of any cell m,mym, is given by the vector 
R,, = Ma, + My, + Mya, + O(mymyms) 
where é,, is an arbitrary displacement, in general different for every 
cell. Expressed in electron units, the intensity from one crystal is 


I= FFX SS > exp((2mi/a) — %) . (Ry — Rw] 
where F is the structure factor, and s, and s are unit vectors giving the 


directions of the primary and diffracted beams. Represent the diffrac- 
tion vector by its terminal point in reciprocal space 


where b, by bs are the reciprocal vectors, and h,h,h, are continuous 
variables. The intensity per crystal can be written 


= F? > exp — mi) + — my) + 


+ hg(m, — m3) + (2) 


For a powder pattern, the total diffracted power in a reflection is 
given by an integration throughout a sufficient volume in reciprocal 
space to include everything contributing to the reflection. The dif- 
fracted power theorem for powder patterns is so important to many of 
the problems involving imperfect structures that a derivation is given 
in the appendix. The theorem is stated 


P= — | | dhydhydhs (3) 


where M is the number of crystals in the powder sample, RF is the 
distance between sample and receiver, v, is the volume of the unit cell, 
and /(h,h,h,) is the intensity per crystal. The distribution of power with 
angle is expressed by P,, where 


P =| 
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In carrying out the integration about the point 001, it is assumed that 
the spreading out of the intensity is small compared to the distance of 
the point from the origin, so that a spherical layer can be approximated 
by a tangential layer 


__ cos 6d(26) 
A\bs| 


The integration with respect to dh, in Eqn. (3) can be expressed in 
terms of d(20), and from Eqn. (4) we get P,, by leaving out the inte- 
gration with respect to d(26). 
M R*?? 
P. (Ayhghs) dh,dh, 
4v,|b,|tan 0 


dhs 


Experimentally we measure the distribution of power per unit length 
of diffraction line P’(20), where 
Pro 
20 sin 26 
Let 
272 
6 


where in the vicinity of each reflection K(@) is a slowly varying function 
of # due to the slow variation of F? and sin* 6. The observable distribu- 


tion of power is then: 


Ps, = K(6) | Sexp — mi) + — mi) + 


mm 


+ — mg) + (6,, dh,dh, 


Represent the displacement 3, by its components 
= X,,a, + = M,, Me, ms) 
and for computing the scalar product (¢ — 8) (in — é,,) use the average 


position of the diffraction vector for the 00/ reflection <(s - 89)/4> AV 


fi 
' 
. 
3 
m m m m 
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It is only the component of displacement perpendicular to the reflecting 
planes that is involved. To include everything belonging to the point 
001 we carry out the integration with respect to dh, and dh, from 


to +}. 


sin — mj) sin — mg) 


My My 7(m, — ™,) Mg) 


exp [27il(Z,, — . . (6) 


The sine functions are zero except for m, = mj and m, = mj. This 
means that we should think of the crystal in terms of columns of unit 


cells, the columns being parallel to a, or perpendicular to the reflecting 
planes 00/. The summation with respect to m, and mj is carried out 
for all pairs of cells in a given column, and the summation with respect 
to m, and m, means summation of the contributions from each column. 
The possibility of formulating a problem such as this in terms of an 
independent summation over columns of cells was pointed out by 
Bertavt."? 
Let 
Z(m;) — Z(m3) 


n= Mm, Z 


and let V,(m,m,) be the number of cells with an nth neighbour in the 
same column. The double sum over mgm; can then be replaced by a 
single sum over n, and Eqn. (6) becomes: 

Py, = K(0) N,<exp [27ilZ,}> (7) 

The summation over m, and m, gives the number of columns N,N,. If 
N, is the average number of cells per column, N,N,N, = N is the 
number of cells in the coherently diffracting domain. Let M in Eqn. (5) 
be the number of coherently diffracting domains in the powder sample, 
and let V, V, and N, be averages over all the domains in the sample. 
Since Z Z,,, Eqn. (7) can be written in the form of a Fourier 
series 


= K(O)N {A, cos 2rnh, + B,sin2rnh,} . . (8) 


where 


cos 27lZ,» 


sin 
The averages (cos 27/Z,) and (sin 27lZ,> represent averages over pairs 
of nth neighbours in all columns in the sample, hence an average per 
column weighted by the N,(m,m,) of the column. If, for a given n, 
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there is equal probability for finding positive and negative values of 
Z,,, the sine coefficients B, = 0. If this is not the case, the sine co- 
efficients will produce a peak displacement or a peak asymmetry. In 
some examples of radiation damage there are peak displacements large 
enough to be readily measured. In the cold working of metals, however, 
if we exclude for the present the possibility of stacking faults, positive 
and negative strains occur with nearly equal probability such that the 
sine coefficients B, are often small enough to be negligible. 

We now consider in detail the cosine coefficient A,. Represent A,, as 
the product of a particle size coefficient and a distortion coefficient 


A, = ASA” 
where 
AP = <cos2nlZ,> . . (10) 


Since NV, = N, for n = 0, and Z, = 0 for n = 0, both coefficients are 
normalized to unity for n = 0, and hence the experimentally deter- 
mined value of A, must be normalized to unity for n = 0. 

By methods discussed later, it is possible to separate the two co- 
efficients AS and A”. Consider first the particle size coefficient A%. 
Following a treatment first given by Berraut, let p, be the fraction 
of columns of length i cells. The number of cells having nth neighbours 
in the same column is then 


N S — n)p, 


n 


n 


In terms of a continuous distribution function such that p,di is the 
fraction of columns between lengths i and i + di cells, A® is repre- 
sented by the integral 


Ay Ns | n)p di | n| pail 
N, | | pai + n(p,); N, par 


Assuming that we have a graph of the coefficients A’ plotted against n, 

the negative initial slope gives directly the average column length N, 
1A* 

(=) 


dn N, 


Forming the second derivative 


P, ( 13) 
dn*® 
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A graph relating the second derivative to n gives directly the column 
length distribution function p,. This result is of great importance to 
the present discussion. Since the distribution function p, cannot be 
negative, a curve relating the particle size coefficients AS to n can 
never be concave downward. When a concave downward part appears, 
as it often does near n = 0, it is a sure sign of an incorrect handling of 
the data and the corrections. 

The next problem is that of separating the particle size and distortion 
coefficients. Suppose that we have measurements for several orders of 
(002) such as 001, 002, 003, ete. From Egn. (10) it follows that A‘ is 
independent of the order, but that A? is a function of the order / and 
equal to unity for / = 0. Hence writing Eqn. (9) in the form 


In A,(l) = In AS + In AP(l) 


if, for a fixed value of n, we plot In A,(l) against some function of l, the 
intercept at 1 = 0 gives directly In AS. Although this result is quite 
independent of the function of / which is used, nevertheless to determine 
an intercept by extrapolation to / = 0, it is necessary that the graph 
be a straight line in the vicinity of 1 = 0. For small values of / and also 
for small values of n so that Z, is small, 27/Z, is small enough for 
(cos 2nlZ,,> to be expanded. Hence, for small / and n, we can write 


In AP(l) = In (1 — Z2>) = — (14) 
In A,(l) = In AS — « 


Equation (15) states that in order to obtain a straight line in the 
important small / region where the extrapolation to / = 0 is to be made, 
it is essential to plot In A,(/) against /*. 

This result is perfectly general. It is independent of any assumption 
concerning the strain distribution function except that the strain 
function be a physically realistic one in which <Z=) is finite. However, 
it is important to consider the effect of special strain distributions. 
Since a,Z, is the change in length of a column of length a,n, an 
average component of strain in the direction of the column is given 
by «, = (Z,)/n. If the distribution of strains happens to be Gaussian 


p(Z,) = —= exp [— a*Z3] 
Va 


= =| exp [— a®Z2}4Z, = 
7 


l 
2a? 


<cos 2nlZ,,> = “cos 2nlZ,, exp [— a*Z2)dZ, = exp [— 
Va 


= exp [— 
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This result shows that if the strain function is Gaussian, Eqn. (15) is 
exact and the graph of In A,(l) against /? will give lines which are not 
merely straight near / = 0, but straight over all values of 1. 

If the strain distribution function were of the Cauchy type 


a l 
= 


a im cos 2nlZ,, 


9 
<cos = (14 dZ,, = exp[— 2zl/a) 


7 
For this case Eqn. (15) would be changed to 
In A,(l) = In AS — 2al/a 


Hence if the strain distribution function were of the Cauchy type, one 
should plot In A,(/) against / rather than against /? in order to obtain a 
straight line relation. Wr.iamMson and SmaLuman have suggested 
that the strain distribution functions are more nearly Cauchy than 
Gaussian and that accordingly the plot should be made against /. It is 
perhaps worthwhile to examine the fallacy in this argument. For a 
Cauchy type strain distribution the mean square strain is infinite: 


Z 
(4) = i> = 

It is of course physically unrealistic to consider such a state of strain 
in a metal. Williamson and Smallman realized that this difficulty 
existed, and suggested a Cauchy strain distribution between limits 
Z,, = +4, thus effectively cutting off the long tails which produced 
the infinite mean square strain. But the only reason why Eqns. (14) 
and (15) were not applicable to a Cauchy distribution was that <Z?)> 
is infinite, and the expansion of <cos 27/Z,) and In (1 — 2n°/?<Z?)) 
cannot be made. It is only for the complete Cauchy distribution with 
infinite <Z2) that a plot of In A,(l) against / extrapolates linearly to 
l= 0. With the tails cut off so that <Z*» is finite, Eqns. (14) and (15) 
again apply to the small / region where the extrapolation is to be made. 
A plot against /* will give a linear extrapolation to 1 = 0, whereas a 
plot against / will produce a sharp curvature near / = 0, thus preventing 
the extrapolation to 1 = 0. 

Since the literature indicates considerable confusion and misunder- 
standing of this point, it is worthwhile illustrating by a simple example. 
Consider a Cauchy strain distribution p(e) = A/(1 + a*e*) with 
«a = 480. Cut off the distribution at e,, = + 0-025, giving a root mean 
square strain <e*>t = 0-0055. To simplify the numerical calculations, 
consider the strains to be uniform over distance, such that Z, = ne. 
The distortion coefficient A?(l) = <cos 27nle> can than be evaluated 
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as a function of nl. In Fig. 1 curve A isa plot of In A2(1) against (In)?. 
The curve approaches a straight line for small values of (/n) and for 
(In) < 8 extrapolates linearly to In A?(l) = 0. The broken line is 
drawn with a slope corresponding to <e?># = 0-0055. Curve B shows 
In AP(l) plotted against (/n). The curve has a pronounced curvature 
for small values of (In), the very region where it must be straight to 
make an extrapolation to 1 = 0. Quite independent of the type of 


(4n)? 
64 256 576 


| | 
8 16 24 32 

(tn) 
Fig. 1. Logarithmic plot of the distortion coefficient A2(l) for a 
Cauchy strain distribution cut off at ey + 0-025. A plotted against 
(In. B plotted against (ln). Broken line, slope corresponding to 
<e®>t = 0-0055 


strain distribution, so long as the mean square strain is finite and of 
reasonable magnitude, it is only by plotting In A,(/) against /* that the 
curves are linear for small values of / and n, and it is this linear extra- 
polation to / = 0 that is important. Whether the curves remain linear 
for large values of / will depend on how nearly the strain function is 
Gaussian. 

From powder pattern measurements it is not easy to test the shape 
of the curves relating In A,(/) and /?. It is necessary to have measure- 
ments for at least three orders to know whether there is curvature in 
the plot. For cubic crystals the third order is always masked by an- 
other stronger reflection as, for example, 100, 200, (300-221); 110, 
220, (330-411); 111, 222, (333-511). The fourth order usually occurs 
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at such large values of (sin #)/A that the measurement is difficult. The 
shape of the plot can, however, be determined for two special cases: 
(a) the particle sizes and strains are isotropic so that all reflections can 
be used instead of just orders of a particular set of planes; (b) the 
sample has a drastic preferred orientation such that the third order 
can be measured. 

For cubic crystals with isotropic particle sizes and strains it is 
convenient to express the strain coefficients as follows: 


(l) = <cos = (cos 


L=25A 
1=50A 


i-75A 


4 


hie 
Fig. 2. Plot of In A, against h? = h? + k* +f for cold-worked 


tungsten filings. For each L = nay, the different hkl reflections fall 
upon a single curve 


where = h? + 72, AL=a,Z,, a,/l=d=alh. It is also 
convenient to replace the index n by the corresponding length L = nas. 
For small values of h, and L, Eqn. (15) becomes 


In A,(h) = In AS — 


Figure 2 shows the relation between In A, and hj for tungsten filings. 
Each curve corresponds to a fixed value of LZ = na, and contains 
points from all the reflections between (110) and (400). Figure 3 is a 
corresponding set of curves for aluminium,” filed under liquid nitrogen 
and measured at —160°C. For these two metals the isotropy makes 
the points for the different hkl reflections fall upon a single curve, and 
there are enough points to define the shape of the curve. Figure 4 
shows In A, plotted against A5 for the first five orders of 111 for a 
single crystal of Cu—Si (2 per cent Si) rolled to 50 per cent reduction.“ 
Figure 5 shows a corresponding plot for 70-30 «-brass rolled to 2 per 
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200 160 140 120 
| | Li 
4 


3 8 


44? 
Fig. 3. Plot of In A, against h? = h* + k* + / for aluminium filed 


under liquid nitrogen and measured at —160°C. For each L = nay, 
the different Aki reflections fall upon a single curve 


| 
L=I0A 


L=25A 


L= 100A L*75A 


| | | | 
(222) (333 (444) 
| | | | | = 
7) 20 40 60 100 
+ 


Fig. 4. Plot of In A, against h} = h* + k* + [ for first five orders of 
(111), using a single crystal of Cu-Si (2 per cent Si) rolled to 50 per cent 
reduction 
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cent of the original thickness, and the resulting preferred orientation 
used to measure the three orders 111, 222, 333. In this case there is a 
slight complication. It is now known that cold work in «-brass pro- 
duces a high density of stacking faults. These contribute to the particle 
size broadening for 111 and 222 but not for 333. When proper allowance 


1:0 | 
0-8 


0-6 


0 10 


20 
hg + 2? 


Fig. 5. Plot of In A; against h? = h* + k* + 2 for 70-30 «-brass rolled 
to 2 per cent of original thickness. Resulting preferred orientation 
utilized to measure 111, 222 and 333. 


is made for this difference, the 333 points of Fig. 5 move down and fall 
approximately on the straight lines through 111 and 222. 

From the measurements represented by Figs. 2, 3, 4 and 5 we can 
draw the conclusion that a plot of In A,(l) against /? will give straight 
lines to fairly high values of /. In every case where departures from a 
straight line can be observed, the curvature is in the opposite direction 
to that of curve A of Fig. 1. Hence the strain distribution is closely 
Gaussian and the small departure from Gaussian is not toward a 
Cauchy distribution but in the opposite direction. 

It was pointed out by McKgEeHan and Warren" that in principle 
one could determine the strain distribution function directly from 
experiment. The component of strain along the column direction 
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averaged over the distance L along the column is called ¢,, where 
= (a,Z,,)/(ayn). Introduce a normalized strain distribution function 


such that | ple,de, = 1. In terms of L = an, 
and a the edge of the unit cube, this distortion coefficient is given by 
AP (ho) = <cos = (cos 


The average can be expressed in terms of the distribution function 


AP(h) = | cos . . (17) 


For a given value of L, if A?(h,) can be determined for enough values 
of h, to consider it as a known function of hy, the strain distribution 
function can be obtained from Eqn. (17) by a Fourier transform 


2L 
plez) = | A cos (18) 


The special conditions which exist in the case of tungsten made it 
possible to carry out this evaluation and obtain a strain distribution 
function. In general, however, it is too difficult to obtain sufficiently 
extensive data for this method to be useful. 

When Egn. (16) is used in the form of a plot of In A,(h,) against Aj, 
the intercept at h, = 0 gives the particle size coefficient AZ, and the 
initial slope gives 27°((AL)*>/a® = 2n*L*<e%)/a*, from which a mean 
squared strain <e;)> is obtained. This mean squared strain is a com- 
ponent normal to the reflecting planes, averaged over the length L, 
squared, and averaged over all regions in the sample. To use this value 
in computing a mean strain energy, it is often multiplied by 3 as an 
approximate correction for the fact that it is only a component which 
is measured. Plots of <e%>! against L usually rise sharply with de- 
creasing L, such that an extrapolation to L = 0 is very uncertain. 
The decrease in <¢%,>! with increasing L can be due to the inhomogeneity 
in the strains, and also to the fact that with increasing L there is no 
longer a contribution from the smaller domains where the strains are 
probably the larger. 

Although experiment clearly indicates that strain distributions and, 
accordingly, strain broadenings are very closely Gaussian, the particle 
size broadening has the long tails of a Cauchy distribution. For small 
crystals of size N cells normal to the reflecting planes, the particle size 
broadening function is of the form 

sin? Nz 
sin*® xz 
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where z is proportional to a distance in reciprocal space. The variable 
x is zero at the centre of the reflection, and reaches the value 7/2 half- 
way to the next reflection. Except for very small values of z, the 
numerator can be replaced by its average value 0-5 and up to x = 7/4 
the denominator can be replaced by x*. Hence, excluding the region 
where z is small, the particle size broadening function has tails closely 
similar to those of a Cauchy function y = A/(«® + 2*). Experimentally 
one observes long tails on the reflections from a cold-worked metal, 
and all workers in this field are aware of the troubles which these tails 
present. However, it does not seem to have been generally understood 
that it is the particle size broadening which is of a Cauchy type, and 
not the strain broadening which approximates closely to a Gaussian 


Ban 


Fig. 6. Schematic representation of a crystal cut in halves by a small 
angle boundary formed by a series of edge dislocations such as those 


shown at A, B and C. There are N, cells in each column, N,/2 above 
and below the boundary 


form. The importance of the long tails obtained from cold-worked 
metals has been emphasized by EastaBprook and Wixson."*) 

The particle size values obtained from cold-worked filings are often 
surprisingly small, of the order of 200 A. Obviously the material has 
not been fragmented into separate small particles of this size. Instead, 
cold work has produced some sort of a domain structure within the 
filing, such that the different domains diffract essentially incoherently 
with respect to one another. In some materials stacking faults are 
responsible for a large part of the particle size broadening, but there 
are other materials which show very small particle sizes and for which 
there is no evidence of stacking faults. For these materials there must 
be other types of effective domain boundaries. One type of boundary 
which may be important in a cold-worked metal is the small angle 
boundary. 

An idealized small angle boundary is represented by Fig. 6. The 
boundary is produced by a series of edge dislocations such as those 


shown at A, B and C. The ay axis is vertical, and there are N, cells in 
each vertical column, NV,/2 above and below the small angle boundary. 
In this oversimplified treatment, we neglect any rearrangement or 
accommodation of the atoms in the vicinity of the boundary. 
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Rewriting Eqn. (7) 
= K(0) S, N,<exp [2milZ,]> exp 
where 5 5 is a sum over the columns, and N, is the number of cells 


with an nth neighbour in the same column. For all pairs of cells in a 
column both below or both above the small angle boundary, Z, = 0. 
For all pairs one below and the other above the boundary, Z, = Z(m,) 
where Z(m,) varies from zero to unity in going along the boundary 
from one edge dislocation to the next, as for example from A to B. 
For different values of n the values of N,< exp[27ilZ(m,)]> are as 
follows : 

N, — 2 + exp [27ilZ(m,)] 

: 2 N, — 4 + 2 exp [27ilZ(m,)] 
> N,/2 (N, — n) exp [27ilZ(m,)] 


Letting (+) correspond to n positive or negative, the summation over 
a single column can be represented by 


+WN,/2 +N, 
(Ns — 2\n|)(1 — exp [+ 2ilZ(m,)}) + (Ns — |n|) 


-3, 
exp [+ 27ilZ(m,)] 


In summing over m, since Z(m,) varies uniformly from zero to unity, 


<exp [+ 27ilZ(m,)]> = 0 
vo = K(6) & (Ny — 2\n|) cos 
m, m, —N,/2 


If N, and N, are the numbers of columns in the m, and m, directions, 


3 


-N /2 


+N,/2 2 
Pi, = K(0)N,N,N; cos 


N, 


The Fourier coefficient is independent of /, and hence it is a particle 
size coefficient AS = 1 — 2|n|/N, 


(= N,/2 
The initial slope of the graph relating A‘ to n gives the dimension of 
the half crystals of Fig. 6. Generalizing, we can say that if cold work 
produces a set of small angle boundaries in the crystal, the Fourier 
analysis will give an average dimension of the regions between bound- 
aries. In this oversimplified treatment the effect of small angle 
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boundaries is one of particle size broadening and not of strain broaden- 
ing. In the real case there will be some additional strain broadening 
due to rearrangement of the atoms in the vicinity of the dislocations. 
Even if the dislocations are not arranged to form small angle grain 
boundaries, the above argument probably applies approximately to 
the regions between dislocations, and the small domain sizes obtained 
experimentally can be interpreted as some sort of an average separa- 
tion between dislocations. 

A much more detailed treatment of the effect of a single screw 
dislocation has been given by Wixtson.) In reciprocal space the reflec- 
tions become discs perpendicular to the dislocation axis. An approx- 
imate treatment” following the method of Stokes and 
predicts curiously shaped line profiles with a low intensity at the centre 
of the peak. 

We have considered a general method for separating particle size and 
distortion broadening. By plotting In A;(h,) against A? for several 
orders hy, the intercept on the axis of ordinates gives a particle size 
coefficient, and the initial slope gives a mean square strain. As we shall 
see later, deformation stacking faults and twin faults produce a broad- 
ening which is similar to that resulting from the size of the coherently 
diffracting domains. Hence the terms particle size broadening and 
strain broadening are being used in a very general sense. Strain broad- 
ening includes any broadening which in reciprocal space varies con- 
tinuously with the order of the reflection, and particle size broadening 


includes any broadening which in reciprocal space is independent of 
the order of the reflection except that the part due to faulting may be 
zero for certain hkl combinations. 


Ill. PROCEDURES 


To utilize the present-day methods for analysing the measurements 
from cold-worked metals, it is essential to have extremely accurate 
measurements of peak shapes. Present-day Geiger counter or propor- 
tional counter diffractometer measurements are capable of giving far 
better results than the older photographic methods, and practically all 
work of this sort is done today with counter diffractometers. For high 
degrees of cold work, the sample is usually a briquet of pressed filings. 
With the continuously recording commercial diffractometers it is 
important to have adequate stabilization and to run at a low speed 
such as } or 4 degree 20 per minute, so that a long time constant can be 
safely used. Although crystal monochromated radiation is to be pre- 
ferred, many of the studies of cold work can be handled adequately by 
commercial diffractometers using filtered radiation. However in this 
case it is very important to choose a radiation such that fluorescence 
radiation from the sample is stopped by the filter. For example, if we 
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study cold worked «-brass using CuK« radiation and a Ni filter between 
the sample and the counter, the filter will pass both the diffracted and 
the fluorescence CuK radiation, and an inconveniently high back- 
ground results. Using CoK« radiation and an Fe filter between the 
sample and the counter, the filter passes the diffracted CoK« and stops 
the fluorescence Cu and Zn radiation from the sample. 

Since the long tails are extremely important in connexion with the 
choice of background level, it is important that the recordings be carried 
a considerable distance on either side of the peak. When two peaks 
occur very close together, as for example 311 and 222 from a face 
centred cubic metal, it is likely that the recording between 311 and 222 
does not come down to the true background level, due to overlapping 
of the tails from the two reflections. The background level between 
the peaks must be determined from the recording to the left of 311 and 
to the right of 222. 

There is always a tendency to take the background level too high, 
due to overlapping of the long tails from neighbouring reflections, and 
also due to the fact that for small particles the tails never reach zero. 
As we have seen, particle size broadening produced a peak shape which 
in the tails approximates 


== (sin? Nx)/(sin® 2) 0-5/sin® 


Halfway from the peak to the next one in reciprocal space, x = 7/2 and 
hence y(min) = 0-5. The peak profile never comes down to the true 
background level. For large crystals this effect is of no importance, but 
for the small particle sizes measured in cold-worked metals it is not 
completely negligible. The smaller the particle size, the greater is the 
difference between the true background level and the lowest value 
which would be observed even if there were no overlapping. 

On the peak recording for the cold-worked sample, it is extremely 
useful to record the tails from an annealed sample maintaining exactly 
the same conditions. The annealed sample used for this purpose should 
be annealed well enough to sharpen up the reflections, but not to ex- 
cessive temperatures which could produce drastic grain growth and 
reduction in intensity by extinction. If there is no preferred orientation 
in either sample (and this can be checked by comparing several different 
reflections), the background level from the annealed pattern serves to 
determine the true background level for the cold-worked pattern. 
The scheme is illustrated by Fig. 7 which shows the (111) and (200) 
reflections from cold-worked and annealed 70-30 «-brass, using crystal 
monochromated CuK radiation. The two curves approach one an- 
other closely at the extreme left of (111) and at the extreme right of 
(200), but between the two reflections the cold-worked curve is much 
above the annealed curve due to the overlapping of the two tails. 
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Without the annealed pattern as a guide, it would be easy to make the 
mistake of assuming much too high a background level for the cold- 
worked curve. 

Hai and WiLiiaMson™® have reported that cold work reduces the 
integrated intensity of all reflections, this decrease being exactly com- 
pensated by a rise in the diffuse background scatter, so that the total 
reflected intensity is unchanged. The conclusion is in disagreement 
with accurate measurements such as those of Fig. 7 when adequate 
allowance is made for the overlapping of tails. The overlapping in 
Fig. 7 is particularly severe due to an asymmetry in the (111) and (200) 
reflections produced by twin faulting. Due to the effect of small particle 
size mentioned above, the cold-worked recording will never come quite 
down to that of the annealed curve, but as seen from Fig. 7 the differ- 
ence is small, and the correct background level is that of the annealed 
curve. 

If the cold-worked peak is extremely broad it is necessary to correct 
for the polarization factor and the 6-dependent part of the K(@) given 
by Eqn. (5). This amounts to dividing by f?(1 + cos* 26)/sin? 6. In 
all the subsequent calculations performed on the peak, one should use 
ordinates measured at equal intervals in sin 6. 

To correct for instrumental broadening by the method of Stoxgs,"”) 
it is necessary to have a recording of the corresponding peak from a 
sample so well annealed that cold-work broadening can be considered 
negligible. The annealed peak is run under identical conditions, except 
that being higher and narrower, a lower intensity is used. The Fourier 
coefficients for the cold-worked and the annealed peaks are then 
conveniently evaluated with the new edition of the Beevers and Lipson 
strips.“* In terms of H,(n) and H,(n) the cosine and sine coefficients 
of the cold-worked peak, and G,(n) and Gn) the corresponding co- 
efficients for the annealed peak, Stokes has shown that the coefficients 
of Eqn. (8) corrected for instrumental broadening are given by: 


__ + H 


A, G?(n) + G?(n) 
(19) 
_ An)G(n) — H(n)G{n) 


G2(n) + G3(n) 


B, 


Since we are considering a 00] peak it is convenient to express 
Eqn. (8) as: 
= K(O)N {A, cos 2an(h, — 1) + B, sin 2rn(h, — (20) 


» 


where A, — 1 = = (sin 6 — sin 9.) and 6, corresponds to the origin 
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used for the cold-worked and annealed peaks. Equation (20) expresses 
P, in terms of the variable h, —/ in the interval from —} to +}. 
However, to utilize the Beevers and Lipson strips efficiently, it is 
convenient to introduce a set of fictitious quantities a3, l’, n’, and hj. 
On either side of the cold-worked peak we take equal intervals in 
sin #, more than large enough to include all that part of the profile in 
which there is observable variation in the ordinate. Let sin 6, cor- 
respond to the origin near the peak centre and sin 6,, sin 0, correspond 
to the outer extremes of the two intervals such that sin 6, — sin 6, 


Fig. 8. Choice of Fourier interval and its subdivision for evaluation of 
the Fourier coefficients. (a) Cold-worked peak. (b) Annealed peak 
with interval half as large 


= sin 6, — sin 6,. By considering the reflection as 00/’ in terms of an 
axial length a; we can make the new variable h; — Il’ equal +4 at the 
positions sin 6, and sin 6,. This requires that 


on! 
(sin 6, — sin 0.) = 4 - 
Using this interval, the harmonic numbers of the Fourier coefficients 
are n’. Each n’ is multiplied by the value of a; obtained from Eqn. (21) 
and the coefficients designated by a length L = n’a3. This is a true 
length normal to the reflecting planes. The fictitious quantities were 
introduced to facilitate the Fourier analysis but the final designation 
is in terms of a real length L. 

For the cold-worked peak the two intervals sin 6, to sin 6, and 
sin 6, to sin 0, are each divided into 30 sub-intervals in equal steps of 
sin 6 as illustrated in Fig. 8. To evaluate the cosine coefficients the 61 
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ordinates Y, are tabulated in the form Y,, Y, + Y_,,... Y¥,+ Y_, 
After multiplying by a factor to make the largest of these fall in the 
range 150-250, these numbers are the amplitudes of the cosine strips. 
Suppose that we use only the “cosine even” side of the strips, the 
numbers tabulated on the strips are then 


A cos 2rh(t/60) 


where strips are available for all values of / from 0 to 30, and the 
numbers are tabulated for integral values of ¢ from 0 to 15. To use the 
strips in evaluating the cosine coefficient we imagine the 60 shifted so 
that the tabulated numbers are represented by: 


A cos 2n(h/60)t 


We now identify the (4/60) with the (j/60) intervals for the ordinates of 
the cold-worked peak, and the ¢ with the harmonic number n’. The 
strips are arranged in the sequence 

CE 

CE 

CE 

» CE 

The sums of the 16 columns are then numbers proportional to A, 
where n’ has the values 0 to 15. Multiplying n’ by the value of a; 
obtained from Eqn. (21) converts to the designation A,. Intermediate 
values of A, can be obtained if needed by using the opposite side of the 
strips ‘cosine odd” giving values of n’ for }, }, etc. 

To evaluate the coefficients for the annealed peak, Eqn. (19) requires 
the same Fourier interval sin 6, to sin #, as used for the cold-worked 
peak. However, the annealed peak is usually so much sharper that 
with the same interval divided into 60 parts there will seldom be 
enough measured ordinates on the annealed peak to give a fair repre- 
sentation. It is better to use a smaller interval—say one-half or one- 
third that used for the cold-worked peak. This smaller interval is then 
divided into 60 sub-intervals and Fourier coefficients evaluated as 
before. The coefficients obtained are for values n’ = 0, 2, 4, 6 or 
n’ = 0, 3, 6, 9, ete., depending on whether the interval used was one- 
half or one-third of the correct interval. Since the coefficients for the 
annealed peak vary slowly with n’, it is a simple matter to interpolate 
the missing values. The evaluation of the sine coefficients for the cold- 
worked and annealed peaks follows along similar lines. 

It is often advantageous to correct the cold-worked and annealed 
peaks for the effect of the unresolved a,x, doublet by the method of 
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RacHINGER™®) before applying the Stokes correction. For cases where 
the cold-work broadening is symmetrical, the application of the 
Rachinger correction makes both the cold-worked and the annealed 
peaks so nearly symmetrical that the Stokes correction can then be 
handled in terms of cosine coefficients only. Since the Rachinger cor- 
rection is quick and easy to apply, there is a considerable saving of time. 
The Rachinger correction is particularly reliable on the small angle side 
of the peak, and less reliable on the high angle side. When the interest 
is in an essentially symmetrical cold-work broadening, the Rachinger 
correction is to be recommended, but when the interest is in a small 
peak shift or a small peak asymmetry it is probably safer to operate 
only with the Stokes correction. 

In principle it is not important for the Fourier analysis what point is 
taken as the origin so long as it is the same value in sin 6 for the cold- 
worked and the annealed peaks. In practice one prefers to take the 
origin close to the centre of gravity of the annealed peak, to keep the 
sine coefficients small. In some special cases there is a large displace- 
ment of the cold-worked peak due to an overall expansion of the lattice, 
or to the presence of stacking faults, and it is advantageous to use 
separate origins at the centres of gravity of the annealed and the 
cold-worked peaks. 

During the evaluation of the Fourier coefficients for the cold-worked 
and the annealed peaks, no attention is paid to multiplicative factors 
since the final coefficients A,, B,, representing the cold-work broadening 
function are normalized to A, = 1. However, A, is proportional to 
the area under the peak, and since the long tails are seldom adequately 
included, the measured value of A, is usually too small relative to the 
other A, values which depend very little upon the long tails. If two or 
more orders (00/) are available, the particle size and the distortion 
parts of the coefficients are separated by plotting In A,(/) against /* as 
indicated by Eqn. (15). The intercepts at 1 = 0 give the particle size 
coefficients A‘, and these are then plotted against ». Following 
Eqn. (13), the second derivative of this curve gives the particle size 
distribution function. Hence at this stage we have a self-consistency 
check—the curve relating AS to n can never be concave downward. 
In terms of the more convenient variable L = na,, the experimentally 
determined values of AZ when plotted against LZ usually give the kind 
of curve illustrated by Fig. 9. There is a concave downward part near 
L = 0, which is in principle impossible. Because of the shape, this has 
come to be called the “hook effect.”” It arises from the fact that the A, 
value is too small relative to the other A, values due to the Ay value 
depending on the total area under the peak. A correction for the “hook 
effect,” which is not exact but much better than no correction at all, is 
obtained by recognizing that the experimental A§ value is too uncertain 
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to be used. Instead the small Z values are extrapolated to L = 0 as 
indicated by the broken line in Fig. 9, and all values renormalized to 
make the new intercept equal to unity. If the curve relating A‘, to L 


1-0 


L na, 


Fig. 9. Usual appearance of the experimental particle size coefficients 
Af plotted against L. Correction for the hook effect by extrapolating 
the small L values to L = 0. The average particle size is given by the 
intercept on the axis of abscissae 


shows a “hook effect,’’ and no correction is made, an average particle 
size obtained from the initial slope of the curve has no significance. 


IV. Errecr or Favuitine Face Centrep Cusic 
In the face centred cubic (FCC) metals, the (111) planes are close- 
packed hexagonal layers, and the three-dimensional structure is pro- 
duced by a proper stacking of these layers. The atoms of each layer fit 


m+2 A 8 


m A A A 
m-2 8 8 8 8 

A A A A 

(e) (>) (6) 


Fig. 10. Faulting on the 111 planes of a FCC metal; (a) Normal FCC 
sequence, (b) single deformation fault, (c) double deformation fault, 
(d) growth or twin fault 


into the triangular holes in the preceding layer. Viewed in a direction 
normal to the layers, there are three sets of atomic positions which are 
usually designated as ABC. The sequence ABCABC produces the FCC 
structure, while a sequence such as ABABAB produces the hexagonal 
close-packed structure. 


The normal FCC sequence is illustrated by Fig. 10(a). If the mth layer 
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is A and the (m +- 1)th layer is B, slip on the 111 planes might shift 
everything above the mth layer as indicated by Fig. 10(b) so that the 
(m + 1)th layer becomes C. We say that a deformation stacking fault 
has been introduced between the mth and the (m + 1)th layers. As a 
result of the deformation stacking fault, four layers are arranged in the 
hexagonal close-packed sequence. The arrangement illustrated by 
Fig. 10(c) will be called a double deformation fault. With the (m + 1)th 
layer shifted from B to C, if the subsequent layers follow the new 
sequence set up by the mth and (m +- 1)th layers, we have a growth or 
twin fault as illustrated by Fig. 10(d). A deformation fault represents a 
jog in the sequence, while a twin fault represents a reversal of the 
sequence. 

It was first suggested by Barrerr’” that cold work in a FCC metal 
might produce stacking faults on the (111) planes, and that these 
faults might be of considerable importance in determining the x-ray 
pattern of a cold-worked metal. The present-day wave of interest in 
the importance of stacking faults in the interpretation of the patterns 
of cold-worked metals has followed the important contribution by 
Paterson." In this contribution, it was shown that for a FCC metal, 
deformation faults should produce a symmetrical broadening and peak 
shift, while twin or growth faults should produce an asymmetric 
broadening. This paper predicted effects which could be experimentally 
measured and tested, and hence opened up a new chapter in the inter- 
pretation of cold-work patterns. 

There are several methods for handling stacking fault problems. A 
method introduced by Merrne) was used by WARREN and WaRE- 
Ko1s"*) for deformation faults only. Another method involves setting 
up difference equations which lead to expressions for the probability 
that the mth neighbour layer is the same or different from the origin 
layer. This was the method used originally by Wrtson™) in his study 
of the effect of faults in cobalt, and by Paterson” in his study of 
faults in the FCC metals. Difference equations for the combined effect 
of deformation faults and growth faults have been given by Gevers.‘?5) 
We shall use a simplification of the Gevers treatment for the FCC case, 
in which we consider both deformation and twin faults, but restrict 
the probabilities to values sufficiently small that only linear terms need 
be considered. 

We assume that deformation faults with probability «, and twin 
faults with probability 8, occur independently on the 111 planes. Each 
111 layer is perfect, and « and f are both small. The average number of 
layers between deformation faults is 1/x and the average number of 
layers between twin faults is 1/8. The possible sequences leading from 
the (m — 2)th to the mth layer are shown by Fig. 11. Whatever the 
correct sequence may be at the (m — 2)th layer, it is called ABC, and 
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« and # are restricted to small quantities. From the sequences of Fig. 11, 
the probability of finding an A atom in the mth layer is given by 


Po = Pa-d(l — aa + + a(1 + 
+ PR-2(1 — a)(1 — — B) + 


With the additional relations 


Fig. 11. Sequences between the (m — 2)th and the mth layers in a 
FCC metal in which both deformation faults and twin faults occur 
independently at random on the 111 planes. The two probabilities 
a and # are assumed to be small 


it is possible to eliminate P®_, and P©_, and obtain a difference 
equation correct to first order in « and £ 


PS + (1 — A PS-1 + (1 — 3a — 28)Pr-2=1—a— 6. (22) 


For positive m, a solution can be obtained in the form PA = a + bz™, 
where a, b, and z are independent of m. With the abbreviation s 

(3 — 68 — 12a), we find a = } and x =[— (1 — #) + is]/2. Using 
both solutions, P4 is given by 


Introduce the quantities P°?, P;, P as the probabilities that relative 

to the zero layer, the layer m is the same, or one ahead, or one behind in 

the ABC sequence. Since the zero layer can be called A, the constants 

b, and b, of Eqn. (23) are then fixed by the two boundary conditions 


— 8) + is}/2 + bf — (1 — —is}/2 
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and P® is given by 


Since the problem involves a summation over the 111] planes, it is 


convenient to use hexagonal axes. Let a, Gy dy be the cubic axes and 
hkl the corresponding indices. In terms of one set of 111 planes, 


introduce hexagonal axes A,A,4, with A, , and A, in the 111 plane and 


A; normal to the plane. Let HK L, be the indices corresponding to the 
hexagonal axes. We shall designate the third index as L, to differ- 
entiate it from L as used for a distance. The transformation equations 


are: 
—a,/2 + a,/2 + 0 H = —h/2+k/2+ 0 


0 —a,/2 + a,/2 K =0—k/2 + 1/2 . (25) 
=a, +a, +4, Lg=h+k+l 


To perform a summation over layers, we let R,, be the position of 
atom m,mz, in layer m, 


where A,/3 is the distance between layers, and 3(ms) is a displacement 
of layer m, in the plane of the layer. The intensity is given by 


I=I1,f? > > exp E- (8 — 8) .(Ry — 


where & and 8 are unit vectors in the directions of the primary and 
diffracted beams. Let N, and N, be the number of repetitions in the 


A, and A, directions, and introduce the abbreviation 


sin? (s — 9) N,A, sin? (s — N,A, 
v=1,f? 


sin? (¢ — A sin? — A 


The intensity is then given by the double sum over the layers 


I= y > exp — (mg — mg]Ag/3 + — 


(27) 
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Represent the diffraction vector in terms of the continuous variables 


h,hh, and the vectors B, BB, reciprocal to the A,A,4; 


(28) 


Let m, — m, = m and = dm). Introduce the abbrevia- 


tion ¢,, = 2n(h, B, hy Bs) -O(m). If N,, is the number of 
layers having an mth neighbour, and <exp [i¢,,]> is an average over all 
mth neighbour pairs of layers, the double sum of Eqn. (27) can be 
replaced by a single sum over m: 
The three possible values of d(m), the three corresponding values of 
¢,, Which are of interest in view of the fact that y* differs from zero only 
in the vicinity of h, = H and h, = K, and the three corresponding 
probabilities are given by 


dm 


0 0 Pp 


(A, — A,)/3 2n(H — K)/3 P+ or P= 
— (A, — A,)/3 — 2n(H — K)/3 P= or Pt 


In a powder sample, for every crystal with the sequence ABC, there 
will be another with the same orientation of 111 planes but with the 
sequence CBA, since the second is obtained from the first by rotation 
of 180° about the normal to the 111 planes. Equation (24) applies to 
both sequences ABC and CBA, and since both sequences are equally 


probable in a powder sample 


Po = Pe 


Py = Pz = (1 — 


(30) 


With these simplifications, the averaged exponential of Eqn. (29) is 


given by 
<exp [id,,]}> = Pe. + (1 — P®) cos 2a(H — K)/3. . (31) 


There are two cases to consider 
(a) H — K = 3M, <exp [id,,}> = 1 Independent of faulting 
(6) H — K = 3M + 1, <exp[i¢,,]> = (— 1+ 3P))/2. (32) 
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It is more convenient to express the two conditions in terms of the 
third index Ly. From Egn. (25), L, = 3k — 2(H — K) and hence if 
H — K = 3M + 1, it follows that L, = 3N +1. If L, = 3N there 
is no effect by faulting. We consider now the case L, = 3N + 1 
where faulting plays a role. Combining Eqns. (24) and (32) we can 
write 


2 exp [igal> = (1 — j=" 


E —b)+is 
2 


| = Zexp 


where to first order in « and # 
Z=1—15a—8 
tan y = V3(1 — 2a) y = 7/3 — V3a/2 


With these substitutions Eqn. (33) becomes 
<exp [id,,]> = (— {cos my + sin 
and combining with Eqn. (29) we obtain 
+@ B h l 
— y? 2 3) 
{cos my + cos nm +3 


With the value of y from Eqn. (34), and the relations for cos A cos B 
and sin A cos B, this can be expressed as 


+1 3 
N,,2'™"' {cos 2am ker 
3 4a 


9 
= sin 27|m!| | 


Correct to first order in « and #, Eqn. (35) is equivalent to the cor- 
responding Eqn. (6) deduced by Wacner.*® 
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For any value of h, which produces a peak in the upper cosine series, 
the lower cosine series will show a peak for —h,. The reflection re- 
presented by the lower expression is the twin of that represented by 
the upper expression. In each of these two expressions there is a peak 
shift due to V3a/47, and an asymmetry due to the sine terms. For 
purposes of a powder pattern, the peak shift and the asymmetry are 
the same for the two reflections, and we can use twice the value of 
either expression if proper signs are ensured. The upper expression 
has a peak near h, = L, where L, = 3N + 1; hence letting (+) 


Fig. 12. Relation between the diffraction vector and the hexagonal axes. 


correspond to L, = 3N + 1, for purposes of a powder pattern, Eqn. 
(35) is equivalent to 


(" ™ ‘ 


I=y > NZ" leos 2am 


+ sin {— 36 
th sin | (+-) ) (36) 


We now convert to the observable P}, using the powder pattern 
power theorem in much the same way as it was used between Eqns. 
(3) and (6). As shown in Fig. 12, d(20) = (A! B,| sin ¢ dh,)/cos 6, where 
sing = L,| B,\d, if d is the planar spacing. Let 

LN, 


sin*® 6 


(37) 


where V, = MN,N,N, is the number of atoms in the sample, and 
v, is the volume per atom. For the single reflection HKL, where 
L, = 3N + 1, the distribution with respect to (26) is expressed by 
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P{HKL,) {cos 2m (4) 


== sin 2 — 8 
+ sin 2n|m| — (4) ]} 
This expresses P;, (HK L,) in terms of a position in reciprocal space 
using hexagonal axes. To analyse the peak shape in terms of Fourier 
coefficients, it is convenient to consider each reflection as 00/' in terms 


of orthorhombic axes aja,a; and corresponding reciprocal axes bj bj 
The connecting relations are 


(hs — L,)|B,| sing = (hy — 


With the abbreviations 
3|B,| sind 
Equation (38) can be written 
G +o N 
= Zim = 2amq(h, —l' — (+)e) 


Ly) = — 
3|B,||sin "=~ 


sin — — +e)} (40) 


Since the coefficients A(m) and B(m) of Eqn. (40) vary slowly and 
continuously with m, we can use the two relations 


A(n/|q|) cos 


S A(m) cos 
(41) 


> sin 2rmqx > B(n/\q\|) sin 


where the sums are over all integral values of m and n, and A(n/|q|) 
means A(m) with m replaced by (n/|q|). With these relations Eqn. (40) 
becomes 

G +2 Nin 


Ly) 2 


Zina [cos —(+)e) + 
Ns 


Ly 
j sin 2n|n|(hg —(+)e)) (42) 


\ 
2 sin 6 — 
= 
~ 
‘ 
| 
+ = 
+ 3 | 
-- 
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Each powder pattern reflection contains several H K L, components. 
Some of the components are broadened by faulting and the others are 
unbroadened by faulting. We will designate by 6 the components 
L, = 3N + 1 which are broadened by faulting, and by u the com- 
ponents L, = 3. which are not broadened by faulting. The contribu- 
tion by the broadened components is given by Eqn. (42), and that of the 
unbroadened components by Eqn. (42) with Z = 1, e = 0 and fp = 0. 
The total contribution to a powder pattern reflection Pj,(h,), where 
hi, = h® + k*° + P, is then given by a sum over the broadened and 
unbroadened components : 

< q)) cos 2an(hy —(+)e) + 


Ns 


N(n/\q)) ziniel Le 


‘as | Lol 


sin — (+)e) (43) 
V3 


We now make the approximation that the two cosine terms can be 
replaced by a single cosine term having an average coefficient and an 
average displacement. Since the coefficient of the sine terms is small 
and proportional to #, it is a good enough approximation to use the 
same displacement for the sine terms as for the cosine terms. 

y 


B,, sin 2an(hy —U' — d)} (44) 
d= (3(+)e)/(u + 5) 


The coefficients A, are needed only for small values of n and can 
be approximated accordingly. With the relations 3| B,| = I/d,,, and 
3|B,| sind = L,/ahy, and restricted to small values of n 

\n| |n| 


(1l-5a 


+ B) | 
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where 1/D = <sin ¢/N,d,,,> is an averaged reciprocal domain dimension 
in a direction normal to the reflecting planes, a is the edge of the cubic 
cell, and hj = h*® + k* + 2. The sine coefficients are given by 


L, N(\n/q\) 
B.= — (+) « (46 
V3(u + b) Ns 


Three kinds of information can be obtained from measurements 
represented by Eqn. (44). 

(1) The initial slope of the cosine coefficients gives a combination of 
an average domain size D and the faulting probability (1-5« + £). 

(2) The peak displacement 6 gives the deformation fault probability «. 

(3) The magnitude of the sine coefficients B, gives the twin fault 
probability £. 

In discussing Fourier coefficients it is always more convenient to use 
a distance L rather than a harmonic number n. In terms of the fictitious 


orthorhombic axes, L = n|a;| n/|b5|. Assuming that the cosine 
coefficients have been corrected for strain by the method of multiple 
orders, the part which we call a size coefficient is given by 


l (1-5a + | 
4 l — L T 4 
At ah + b) 


and from the initial slope of the curve relating A} to L curve 


AS (15a 4 
0 b 


dL ah + 


Values of (5|L,|)/ho(u + 6) for FCC powder pattern reflections are 


given in Table 1. 
TABLE 1 


Constants for Powder Patterns of Faulted Face-centred Cubic Metals 


|Leol X (+) Ly 
b b 
+ b) Ad(u + b) 


3/4 1/4 
1/2 
v2 1/4 
3/2V 11 
3/4 1/8 
1/4 


i 
: 
hkl X(t) 
b ol 
| 
6 
200 —6 
220 6 
311 0 
222 — 6 
a 400 6 
~ 
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The cosine series has a peak at h; —l' — 6 = 0, and the peak is 
accordingly shifted by an amount Ah; = 6, which corresponds to 


= cos O(u + b) 


Replacing A by A = 2(a/h,) sin 6, and expressing A(26°) in degrees, we 
obtain 


90° 3a tan 6 
A(26°) = Ae - (48) 


Values of (5(+)L,)/h3(u + 6) for FCC powder pattern reflections are 


given in Table 1. As seen from Table 1, the effect of deformation faults 
is to shift (111) towards larger angle, and (200) towards smaller angle. 
Instead of trying to measure the displacement of one reflection, it is 
better to combine a neighbouring pair such as (111) and (200) which 
have opposite displacements, and express the change in the separation 
of the two reflections due to faulting: 


45V3 
A(26 — = — * (tan Ooo + }tan6,,,) . (49) 


There are several advantages in determining « from a neighbouring 
combination such as that represented by Eqn. (49). 

(1) The two displacements being opposite in direction, the two 
effects add in taking the difference. 

(2) There is partial compensation for a small error in positioning the 
sample in the diffractometer. 

(3) There is partial compensation for a small change in lattice con- 
stant due to the cold work. 

A direct determination of the twin fault probability 8 can be obtained 
from the value of the sine coefficients given by Eqn. (46). WaGner"!,2© 
determined £ for several FCC metals by measuring the sine coefficients 
for the (200) reflection. At first sight it would appear that this could be 
done in a very simple way by finding the limit of B, as n approaches 
zero: 


Ly 

ab) (+) [Lol 

There are serious difficulties in evaluating the sine coefficients, however. 
Since the values of B, are small, they are extremely sensitive to the 
exact origin which is chosen. Furthermore, there is serious overlapping 
of peaks such as (111) and (200) and a determination of the sine co- 
efficients requires guessing the best separation of the overlapping tails. 
It is desirable to develop a method for determining f which is more 
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nearly independent of the choice in origin and the overlapping of the 
tails. 
For the (311) powder pattern reflection, 5(+)L,/|Z,| = 0, and to 
b 


first order the contribution of the sine terms vanishes. For all of the 
other low order reflections (111), (200), (220), (222), (400), the values 
of |Z,| and of (+)L,/|Z,| are the same for all of the broadened com- 
ponents, and the sum over 6 can be replaced by multiplication. In 


terms of abbreviations already used 
Lol 


D 


If the coherent domain size D is large enough for the decrease due to 
D to be small compared with that due to faulting, we can represent 
the sine coefficients by 


|n| 
V3(u + b) + b) he 


Q ai — L,| 
D\bs| |bs|ahy 


(1-5 “+h 


The contribution to the observed peak which arises from the sine 
terms is given by 
GBb L 
v3 


where x = h; —l' — 6. Although the terms in Eqn. (52) are exact 
only for small values of n, the expression will be used only at large 
values of x where the effect of the weak high order sine terms averages 
to zero. Evaluating the sum 


Gpb 


V3 | Lo| ¢ tan mx 


+0 
> sin . . (52) 
[Zo] n= 


= (53) 


2VQ sin wx 

is a correction factor which can be evaluated if necessary, but which 
to a first approximation can be set equal to unity if the measurements 
are made at large enough values of x (for example xz = }). 

The factor G can be evaluated from the area of the peak. For this, 
it is convenient to choose an interval within which the peak shows 
measurable variation similar to the interval chosen for evaluating 
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Fourier coefficients. If the peak occurs at 26,, the interval extends 
from 20, to 24,, where sin 6, — sin 0, = sin #, — sin @,. The interval 
is divided into 60 sub-intervals, and positions x are represented by 
z = i/60 where i runs from —30 to +30. Since (l’ + 4)[%| = 
(2 sin 6,)/A and I’ |b; == (2sin 6,)/A, it follows that = 4 cos 6 
(6, — 6,)/A. Combining this with the angular-dependent part of G, we 
can write 

G 

— 4%) 


where @’ is a constant and p is an angular factor 


sin 6 sin 26 


P = f%(1 + cos? 26) (54) 


Calling Y, the peak ordinate at position i, in taking the difference of 
the corrected ordinates at positions equidistant on either side of the 
peak, the contribution by the cosine terms cancels out, and Eqn. (53) 
can be put into the form 

20 Bb l 
(0, —0)V3 ~~ |Lo| tan 


Pi Y, -i~ (55) 
The asymmetry effect is large for (111) and (200), but due to the over- 
lapping of the tails it is better to combine equations for (111) and 
(200). Let ¢ stand for intervals in the (111) reflection and j for intervals 
in the (200) reflection, and let the interval 6, — 6, have the same 
magnitude for both reflections. The combination gives 


(p,Y, — p_,Y_,) (p,¥, — p_,Y_,) 
(0. — &)V3 (Le, tan c, tan } 200 


It is convenient to evaluate the constant @’/(#, — 9,) from the area of 
the (200) peak, since this is lower than (111). 


+b) G'(u + 
= | A,, cos 2rnadx = 


and hence 


l u + °) 


To eliminate the trouble by overlapping between (111) and (200), we 
make position i coincide with position —j, so that it is only necessary 
to measure the total ordinate Y, + Y_, at this position. Using the 
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values of 5 (+)Z,/|Z,| from Table 1, we obtain a final equation for 


determining /, 


PAY, + — (pili + 
9 +30 
30V3 j-—s0 le, tan |7i/60| c, tan |7j/60| 

The correction factors p are given by Eqn. (54) and p(200) is evaluated 
at the centre of the (200) peak. If the position i is taken approximately 
halfway between (111) and (200), it is a good first approximation to 
set c, and c, both equal to unity. 

Figure 7 shows a set of ordinates Y_,, (Y, + Y_,) and Y,. The 
positions +i and +) are taken equidistant with respect to the peak 
centre of the cold-worked peak. From the (0, — 99) interval which was 
chosen, i = 18-5 and j = 16. For this material, 70-30 «-brass filed 
under liquid nitrogen and measured at room temperature, the value 
obtained from Eqn. (56) is 8 = 0-07. The nature of the measurements 
is such that an accuracy in f of better than +20 per cent cannot be 
expected. The value given here is in satisfactory agreement with 
WaGNER’s"®) value = 0-06. 

Although the method developed here for determining f appears to be 
quite simple and straightforward, it cannot be ruled out that it might 
include another effect and therefore give too high a value of 8. If cold 
work produces a small amount of HCP material extending over more 
layers than the few produced at each fault plane, there could be weak 
and diffuse HCP reflections. The strongest HCP reflection 101 would 
occur at about 29 = 46°, the very place where the large (Y, + Y_,) 
value is measured. The next strongest reflections are 100 and 002. 
Since 002 hexagonal would coincide with 111 cubic, it cannot be seen, 
but 100 hexagonal should occur at about 20 = 40°. As seen on Fig. 7, 
there appears to be a weak diffuse peak at this position. However, the 
effect is too small to be sure, and it is doubtful if true HCP material 
would account for more than a fraction of the measured f. 

The faulting theory has been developed for deformation faults and 
twin faults occurring independently and at random on one set of 111 
planes. If faults occur on more than one set of 111 planes within a 
single coherent domain, it is likely that the measured probabilities are 
the sums of the probabilities for the different faulting planes, but a 
rigorous proof has not yet been given. If double deformation faults of 
the kind illustrated in Fig. 10(c) occurred to an appreciable extent, it 
has not yet been shown rigorously whether these would automatically 
be included in the theory as twin faults, and if so whether each double 
deformation fault would be represented as two twin faults. 

From powder patterns of cold-worked FCC metals, it is possible to 
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obtain four quantities: «, 8, D and <e>. Locating a peak position by 
taking a mid-point near the top of the peak, the change in the (111)- 
(200) peak separation gives directly the deformation fault probability 
a by means of Eqn. (49). This ignores a small peak shift produced by 
twin faults, but the effect is small enough to be neglected. From a 
(111) (200) pattern of cold-worked and annealed material such as 
Fig. 7, the twin fault probability £ is given directly by Eqn. (56). If 
multiple orders are available such as (111)-(222) and (200)-(400), the 
Fourier coefficients are separated into a size effect and a distortion 
effect by means of the logarithmic plot represented by Eqn. (15). 
From the slope of these curves we obtain mean squared strains <e%), 
and the intercepts give effective particle size coefficients AZ. By means 
of Eqn. (47), the initial slope of the curve relating Aj, to L gives a 
combination of D and (1-5 « + #). Using the values of « and f already VOL. 
determined independently, we obtain values of the average coherent 
domain size D. 


V. Errecr or Hexaconat Ciose Packep METALS 


Both growth faults and deformation faults are possible on the 002 
planes of a HCP structure. The effect of growth faults on the diffraction 


(oe) (bd) (te) 


Fig. 13. Faulting in HCP structures. (a4) Normal HCP sequence, 
(6) deformation fault, (c) growth fault 


pattern of a HCP metal has been treated by Witson." This paper 
was probably the first systematic treatment of the effect of stacking 
faults in a metal. The effect of deformation faulting in HCP metals has 
been given by CuristT1an."*”) The two kinds of fault are illustrated by 
Fig. 13. 

Let « be the probability of a deformation fault and f the probability 
of a growth fault. Making the approximation that « and f§ are both 
small, and assuming that they occur independently and at random, we 
can obtain a difference equation for the presence of both types of 
faulting, which to first order is equivalent to that of Gevers. The 
sequences leading to an A atom in the mth layer are shown by Fig. 14. 
The probability of finding an A atom in the mth layer can be written: 


PA PA _J(l —a)(l —a — + 4 
pe — aya + B) + PS — a) 
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Using the two additional relations: 
= + — a) 
and eliminating P®_, and P©_., we obtain correct to first order in « 


and 
+ PPA_, —(1—3a . . (57) 


Fig. 14. Sequences in a HCP structure in which both deformation faults 
and growth faults occur independently and at random on the 002 
planes. The two probabilities « and f are assumed to be small. 


The solution is obtained in the usual way by setting PA = a + ba™ 
where a, 6 and z are independent of m. Two relations follow immedi- 
ately: a = 4 and 2? + fx — (1 — 3a — 28) = 0. With the abbrevia- 
tion s = + (1 — 3a — 28), and using both roots of the quadratic 
equation, P4 can be written 


Let P®, be the probability that the mth layer is the same as the origin 
layer, and let P and P, be the probabilities that the mth layer is 


displaced from the origin layer by displacements i+ = (— A, a A,)/3 


and 6- = (A, -- A,)/3. If the origin layer is called A, Eqn. (58) gives 
the value of P®,. Using the two boundary conditions P? = 1 and 
P? = 0, the two constants 6, and 5, can be evaluated. Correct to first 
order in « and #, and replacing m by |m| since P®_,, = P®,, we obtain 


» 


We use the ordinary hexagonal axes A,, Ay, A, where |A,| is twice 


the layer spacing, the hexagonal indices H K L,, and vectors B,, B,, B, 
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reciprocal to the A,, A, A,. The intensity is then given by a summation 
over layers similar to that used for Eqn. (29) 


N,,<exp [i¢,, exp . (60) 


x 


n= — 


where y* is given by Eqn. (26), N,, is the number of layers having an 


mth neighbour, and ¢,, = 27(h,B, + h,B, + h,B,)-4,. For a HCP 
structure whether faulted or not, = = (1 — P®)/2. The 


average over the three values of 6,, becomes 


[i¢,,]> = + fexp[— 2ni(h, — h,)/3] 4 
+ exp [2mi(h, — — P®)/2 


and since y* differs significantly from zero only if h, and h, have approxi- 
mately the integral values H and A, we can write 


<exp + (1 — cos — K)/3 


If H — K = 3N, <exp[id,} 1 and the reflection is independent 
of stacking faults. 

If H — K = 3N + 1, <exp[id,] (— 1 + 3P%)/2 and Eqn. (60) 
becomes 


4 (3 cos mmh, (61) 


Equation (61) is conveniently written as the sum of two terms 


t (3 =) 4 2am + ty + ‘) 


(62) 


The first term in Eqn. (62) gives a peak at h, = L, if L, is even, and 
the second gives a peak at A, = L, if L, is odd. Deformation faults 
decrease slightly the intensity for peaks with L, even, and increase the 
intensity for peaks with L, odd. The broadening due to deformation 
faults is the same for L, even or odd, but the broadening due to growth 
faults is only one-third as large for L, odd as for L, even. There are no 
peak displacements and no peak asymmetries as a result of either 
deformation or growth faults. 
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If N, is the average number of layers in a crystal, and if N, is large 
and « and # small, we can make an approximation for small values of 


l 3a 3B 
= N, [ — |m| (5; += + 
2 


We now carry through the same integrations and changes in variable 
as were used in the consideration of faulting in FCC metals. Considering 
each reflection as 00/' in terms of orthorhombic axes, we express the 
powder pattern peak shapes P;, for H — K = 3N +. 1 by two Fourier 
series in which the Fourier coefficients are correctly expressed only for 
small values of n. 


even 
G (1 
4 
cos — F) | (63) 
L, odd 
3a 
G (3 
2 L,\d 
cos 2rn(hs — | 


where d is the spacing for the reflection HK L,, c = |As|, and D is the 
average crystal dimension in a direction normal to the reflecting planes. 


The peak shape is expressed in terms of the variable (hj — I’) = 2/a;| 


(sin 6 — sin 6,)/A, and the fictitious axis (a;| is chosen to correspond to 
the sin @ interval within which the peak is expressed as a Fourier series. 

If, in addition to faults, there are also distortions, we will assume that 
it is a good enough approximation to merely add a symmetrical distor- 
tion coefficient to Eqn. (63). Either equation can be expressed in the 
form 


= KG ASAP cos — I’) 


Expressed in the notation of a length L = n\a;| = n/\bs , the distortion 


coefficient is given by 
AP = <cos 2nl'Z,> = exp [— 2n* 
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The size coefficients A* include the effect of domain size and faulting. 
If distortions are negligible, or have been corrected by the use of 
multiple orders, we can obtain size coefficient graphs of A‘, against L. 
From the initial slopes of these plots we determine three different 
combinations of D, «, and £. 


H —K=3N 


5 


D 


d As L,\d 
3N + 1(L, = even) — z).= pt | = (3a + 3) 


= 3N + \(L,= odd) — (=) 


ds 
(64) 


For cases where 1/D is negligibly small, or if it can be assumed constant 
for planes which are nearly parallel, the different dependence of 
(— dAS$/dL), on D, «, and f allows all three of these quantities to be 
determined from suitable combinations of reflections. 

Stacking faults are sometimes found in a HCP metal such as cobalt 
with no appreciable distortion and large coherent domains. Neglecting 
instrumental broadening or making a rough correction, it is then 
possible to obtain values for « and £ directly from the peak breadths. 
We will consider the full breadth at half the maximum intensity, since 
this is an easier quantity to measure than the integral breadth. From 
Eqn. (62) the peak shape can be expressed by 

+@ 1 — 
Y= > 2z'™ cos — L,) = 


— 


where for 


+ z* — 2z cos — Ly) 


L, even z= 1 — (3a + 3£)/2 

L, odd x= 1 — (3a + £)/2 
For A, — L, = 0, there is a maximum value Y,, = (1 + x)/(1 — 2). 
If B(h,) is the full width at half maximum in terms of the variable h,, 


we have 1 — 22 


21—2) 1+ — 2x cos[wB(h,)/2] 
from which to a good approximation B(h,) = (1 — x)2/z. 

On the powder pattern let BY, be the full width at half maximum 
intensity expressed in degrees 26. From Fig. 12 we have the relations 
180| B,||sin 

cos 6 
jsin = |Lo| | B\d 
186 


BY, = 


4 
H-—K= 
: H—K @ 


X-RAY STUDIES OF DEFORMED METALS 
and B§, is given by 
BY, = (360/n*) tan 6 | L,| (d/c)* 2(1 — 


where d is the HK L, spacing and c = | A,| = 2dyo9. For reflections of 
the type H — K = 3N + 1, equations which are useful for a direct 
determination of « and # from the measured full breadth at half 
maximum intensity are given by 


L, even: By, = (360/n*) tan 6|L,|(d/c*)(3% + 38) 
L, odd: B%, = (360/n*) tan + B) } 


VI. Errectr or Bopy Crentrep Cusic MEeTALs 


In BCC metals, deformation faults and twin faults are possible on the 
(211) planes. The effect of faulting on the diffraction pattern has been 
treated by Hrrscu and Orte,'**) and by GuENTERT and WARREN." 
The study of faults on the (211) planes of a BCC structure with cubic 


axes a, Gy, and indices hkl is greatly facilitated by using orthorhombic 


axes z Ay, A, with the new indices HKL,. The transformation is 
given by Eqn. (66): 

A, = 4, —4, H=h—k 

A, =4,/2+4,/2+4,/2 K=h/2+k/2+12) - (66) 
2, 

These equations define A, and A, as orthogonal axes in the cubic 112 


plane, with A, in the cubic [111] direction, and A, perpendicular to 
the 112 plane. The new cell can be thought of as being built up by six 
112 layers, each of which contributes one atom to the cell. The positions 
of the six atoms can be designated as AB’CA’BC’ as shown by Fig. 15. 
The sequence AB’CA’BC’A and its twin AC’BA’CB’A will be called 
regular sequences. At the position of a fault, a layer is directly over its 
second neighbouring layer, and a slight expansion of the layer spacing 
would be required if the atoms were considered to be hard spheres. 
We will assume that any such expansion is small enough to neglect. 
The intensity per crystal is given by a summation over layers 


> N,<exp[id,]> exp[2mimh,/6]. . . (67) 


where N,, is the number of layers having an mth neighbour, ¢,, 
= B, + hsBs) é,, as defined previously, and is given 


by (26). 
We represent the fault probabilities by « and £ where 1/« and 1/8 are 
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the average number of 211 layers between deformation faults or bet- 
ween twin faults. We assume that the two kinds of fault occur inde- 
pendently and at random on the I12 planes. If we allow later for a 


displacement of A. ,/2, we can consider the primed positions of Fig. 15 
to be the same as the unprimed positions, and in terms of the sequence 
ABCABC use directly Eqn. (22) which was the difference equation 
derived for deformation and twin faults in the FCC structures. The 


mA, 


Fig. 15. Structure of a BCC metal projected on the 112 plane, and the 

orthorhombic axes A, and A,. The numbers indicate the number of 

the layer above the zero layer, and the broken line follows the regular 
BCC sequence 


solution of the difference equation follows in the same way and we 
obtain Eqn. (24). 

Continuing to disregard the difference between the primed and the 
unprimed positions of Fig. 15, we introduce the usual P®,, P* , P= as the 
probabilities that relative to any zero layer, the mth layer is the same, 
or one ahead, or one behind, in the ABC sequence. In writing the 


displacements é,.. we can now allow for the difference between primed 


and unprimed positions by adding a term m4A,/2, since if m is odd the 
zero and the mth layers must be different (one primed and the other 


unprimed). The probabilities, displacements, and phase factors are 
listed below. 


PL = $m, = 2nmh,/2 
Pt = mA,/2+A4,/3 = 2n(mh,/2 + h,/3) 
P, = mA,/2 bq = 2n(mh,/2 — h,/3) 
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and the average can be written 
<exp[i¢,,]> = exp[mimh,}{ P®, + exp[2zih,/3] + exp[— 27ih,/3}} 


The term exp [zimh,] appearing in this equation supplies the difference 
between the primed and unprimed positions which we neglected in 
setting up the difference equation. Since y* differs from zero only if 
h, and h, are closely equal to the integers H and K, and since for powder 
patterns P* = P> = (1 — P®)/2, we obtain 


<exp [id,,]> = exp [rimH]{ P®, + (1 — P®) cos 27K/3} . (68) 


There are two cases to consider. If K = 3N, <exp [id,,]> = exp [aimH], 
independent of stacking faults. If K=3N+1, <exp[id,,]> = 
exp [wimH|(— 1 + 3P%®)/2. 

From Eqn. (66), K — L, = 3N for all BCC reflections, and hence 
the two above conditions are equally well expressed by ZL, = 3N and 
IL, = 3N + 1. For the case L, = 3N + 1, we now use Egn. (24) with 
the abbreviations 

E (1 J = (— exp [— (+)i|mly] 


where to first order in « and f 
Z = (1 — 3a/2 — £) 
tan y = V3(1 — 2a) 


(69) 


Equation (68) becomes 
<exp [i$,]> = exp [wimH](— 1)"Z'™\{cos my + (8/V3) sin |m|y} 
and from Eqn. (67) the intensity is given by 


l 
N,,Z'™\{cos my + sin |m|y} cos 2m + 


(70) 


With the value of y from Eqn. (69), and the usual relations for cos A 
cos B and cos A sin B, we express Eqn. (70) by two terms 


hs 1 v =] 


Von zim H 
1 {008 2am [2 + 5 + — 


37 4a 
B hs H 1, 
h 
+ > N,,2'™' {cos 2am + - 
6 
hs 
+ sin E 
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There are two contributions to Eqn. (71), one from the reflection 
HK Ly, and the other from its twin HK L,. Deformation faults produce 
a peak shift, and twin faults introduce an asymmetry represented by 
the sine terms. On the 26 scale of a powder pattern, the peak shape and 
peak asymmetry are the same for the two contributions, and it is 
possible to replace the two contributions by twice the value of one of 
them if correct signs are ensured. The upper expression has a peak 
near h, = L, where L, = 3N +- 1, and the lower near A, = L, where 
IL, = 3N —1. Hence letting the choice in sign (+) be fixed by 
L, = 3N + 1, for purposes of a powder pattern, Eqn. (71) can be 
condensed to 
hy—Ly 


= TN |m| 
6 dr 


cos 27m ( 
h — L 3a 

— (+) sin 27|m| ( (72) 
V3 6 

With the same notation, and using the powder pattern power theorem 

in the same way that it was used for the FCC case, we express the 

contribution of the reflection HK L, to the observable P;, for a powder 

pattern 


— Ly V 3a 


— (+-) +- i} (73) 


For purposes of a Fourier analysis, it is convenient to think of each 


reflection as a 00/' in terms of new orthorhombic axes a; a,a, and cor- 


responding reciprocal axes 6; b,b;. The connecting relations are 


(hy — By| sind = (hg — 

With the abbreviations 

6| B,| sind a 

and the relations of Eqn. (41), the contribution of the reflection HK L, a 
is represented by 
G N(\n/q! 

ao | 

i 

Le B 

— (+) = sin + e)) (74) ; 

V3 
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Each powder pattern reflection contains contributions from several 
components, some of which are broadened by faulting and others are 
unbroadened by faulting. Designate by 6 the components broadened 
by faulting, and by uw the components unbroadened. The broadened 
components of type L, = 3N + 1 are given by Eqn. (74), and the 
unbroadened components of type L, = 3N are given by Eqn. (74) 
with Z = 1, e= 0, 8 = 0. The resultant powder pattern reflection 
Po(ho) is then given by a sum over the wu and 6 components: 


N 
ile) = — (In/al) 


N 


b 4"3 


cos — l’) + 
cos 2an(hy — + — 


B 
Zinial (+) sin —U' + e) 

Replace the two cosine terms with a single cosine term having an 

average coefficient and an average displacement. Since the sine term 

coefficients are proportional to f, the displacement of the sine terms is a 

second order effect which can be neglected. The observable P},(h,) 

can be expressed in the simple form 

+ b 
+ 9) > {A, cos — I’ + 4) + B, sin 

los] 


26( 


where 
l N(|n/q\) N(|n/q\) inial 


l 
F 
— Ly 


N, | Lol 


>— Zinial (+) 
b 


) 


Proceeding in the same way as in the FCC case, let n/|q|N,; = n|\b3| D 
where 1/D = <|sin ¢|/N4d,,,> is an averaged reciprocal domain dimen- 
sion in a direction normal to the reflecting planes. With the additional 


relation |q| = \b;\ah,/ |L,|, and with appropriate approximations for 
n small, the cosine coefficients are expressed in terms of a length 


L = = n/{b5| 


l 
+ - SIZ « 
a(u + 0 b 
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By use of multiple orders and the usual logarithmic plots, we can 
correct for the effect of strains, and obtain particle size coefficients 
Aj. From the initial slope of the curve relating A} to L, we obtain an 
effective particle size Der which is made up of the effect of the true 
domain size D and the effect of faulting: 


dl Dest D a(u b)h, < | Lol (78) 


Values of (> | L,|)/Ag(u + 5) are given in Table 2. 
b 


TABLE 2 
Constants for Powder Patterns of Faulted BCC Metals 


| 
hkl Rel. Dy 
(u + | Lol 
110 2/3v2 +2 2-83 
200 4/3 —2 | 1-00 
211 2/vV 6 +6 | 1-63 
220 2/3v2 -2 | 
310 4/V 10 0 
222 2/v3 | +2 
321 5/2V 14 0 
400 | 4/3 +2 | 


The peak displacement 6 is given by Eqn. (76). With the relation 
6 B, sing = L,/ahy, the displacement can be expressed as 
V 30 
+ b)h, ° 


The broadened reflections are of the type L, = 3N + 1 and the choice 
in sign (+) of Eqn. (79) is determined by L, = 3N + 1. Since 


—h—k+U=HN—(h+ 


if a given set of indices A,k,/, are interchanged in all possible ways in 
position but not in sign, (h + & + 1) remains constant and for this 
group of reflections the choice (+) remains the same, and it can be 
taken outside the summation. Since each of the three integers h,k,/, 
occurs equally often in the positions Akl but is weighted by +2 in 
position / and by —1 in positions A and k, for this group of reflections 


+ SL, = 0. All the broadened reflections are made up of such groups 
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and hence (+) = 0. Although deformation faults in a BCC 


metal produce peak shifts in some of the individual components 
HKL,, when an average is taken over all of the components, the net 
shift is zero for all powder pattern reflections. For BCC metals there 
is no possibility of determining « directly from measured peak shifts 
of powder pattern reflections. 

With appropriate approximations, the contribution by the sine 
terms of Eqn. (75) can be summed in a manner similar to that used in 
the FCC case. Letting = hj — I’, we obtain for the contribution of 
the sine terms 

—— (5 (4) ) 

where c is a correction factor which can be approximated to unity for 
large enough values of x (for example, x = }). Following the same 
treatment used in the FCC case, allow for the slowly varying angular 


factor by setting | #'/p(0, — 94) where p = sin sin 26/(1 + 
cos* 26)f*. Subdivide the region covered by the peak into 60 sub- 
intervals, 30 on either side, and let z = i/60 where i runs from —30 
to +30. Let Y, = Pj, be the ordinate at x = i/60. If Y, and Y_, are 
ordinates equidistant on either side of the peak, the cosine terms will 
cancel out on taking the difference 


— 20" L 
(06 — 0) V3 % | Lo| tan |i/60| 

The constant G@’/(6, — 9.) is determined from a peak area 


1 +3 u+b 
60 ;..—30 (0, — 94) Pp he 


Pi Y, (80) 


Since no measurements of § in a BCC metal have been made up to the 
present time, the subject will not be developed beyond the point of 
Eqns. (80) and (81). The magnitude of the asymmetry represented by 
Eqn. (80) is proportional to 5, (+) L,/| Z|, and values of this quantity 
are listed in Table 2. Comparing with the corresponding values of 
Table 1, it is seen that the asymmetry due to twin faulting in BCC 
metals is only about one-third of that in FCC metals for the same value 
of 8. A measurement of the asymmetry would be highly desirable as 
it would give directly a value of the twin fault probability 8, but it is 
questionable whether the effect will ever be large enough to measure. 

From powder patterns of BCC metals, there is no possibility of deter- 
mining « from a peak shift, and the asymmetry is probably too small 
to allow a direct determination of 8. A measure of the faulting prob- 
ability can be obtained only from the slope of the cosine coefficients 
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using Eqn. (78). This involves always the combination (1-5 « + 8), 
and hence offers no possibility for determining « and £ individually. 
Although Eqn. (78) involves both the domain size ) and the faulting 
probability (1-5 « +- 8), the two can be partially separated by using the 
strong Akl dependence of the faulting term. If D is large enough to 
make 1/D negligible in Eqn. (78), we obtain directly (1-5 « + £). 
Otherwise if D can be assumed roughly constant for two reflections such 
as (110) and (200), measured values of Der, for (110) and (200) allow a 
direct determination of (1-5 « and f). Introducing a fictitious particle 
size due to faulting D,, Eqn. (78) can be expressed as 


l l l 
+ 


Der Dy 


(l5a+ 8). 


Dy + b)hy F | 


Relative values of D, are given in Table 2 for the first three powder 
pattern reflections. Values of Der, for 211 are not very reliable, since 
they require measurements of 211 and 422 to eliminate the effect of 
strains. However the ratio Deg(110)/Dere(200) can be obtained to a 
satisfactory accuracy, and this ratio serves as a useful parameter for the 
importance of faulting. If the particle size broadening is due completely 
to faulting, the ratio has a maximum value of 2-83. If faulting is of no 
importance and the domain size broadening is isotropic, the ratio should 
approach unity. For all BCC metals so far measured, the ratio is found 
to fall in the range 1-00-2-83. 

The highest value of this ratio so far found is in cold-worked £-brass 
where Derr(110)/Derr(200) = 2-3. Such a high value for the ratio is of 
course readily explained on the basis that the particle size broadening 
is largely due to faulting. However the possibility suggests itself that 
a particular domain shape such as slices between incoherent domain 
boundaries on some set of planes wew might equally well give rise to 
the observed Derr(110)/Der(200) ratio. Imagine a set of parallel 
incoherent boundaries on some set of planes uvw such that the average 
distance between boundaries is D(uvw). For any powder reflection 
hkl, the average domain size is then given by an average over all the 
components of the reflection : 


83 
uh + vk + wl . 
(u? + v® + w*)t(h? + + 


where 
sind = 


Numerical values are given in Table 3. 
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TABLE 3 


Relative Average Particle Sizes D(hkl) for the Reflections (110), (200), 
(211) due to Parallel Sets of Incoherent Boundaries in Four Orientations 
uvw. 


A simple picture involving parallel sets of incoherent boundaries does 
not seem to be capable of explaining such high values of the ratio as 
Detr(110)/ Dett(200) = 2-3. The high values are, however, immediately 
explained by faulting, and hence until some other explanation is found 
we shall assume that a high value of the ratio Derr(110)/Derr(200) is an 
indication of faulting. 


VII. RESULTS AND Discussion 


X-ray measurements on FCC metals indicate that the relative import- 
ance of faulting may differ widely from one metal to another. Measure- 
ments by WaGneR™ on aluminium, filed under liquid nitrogen and 


maintained at a temperature of —160°C for the measurements, showed 
an isotropic particle size of about D = 320 A, a root mean square strain 
of the order <e?>+ = 0-0035, but no trace of peak displacements or peak 
asymmetry. Aluminium is evidently an extreme example in which 
there are no stacking faults, and in which the small domains must be 
produced by small-angle grain boundaries or some other dislocation 
arrangement. The absence of faulting in aluminium filed under liquid 
nitrogen may be due to the fact that the twin plane energy in aluminium 
is known to be high compared to other FCC metals, and therefore 
faulting is not to be expected. On the other hand, the line broadening 
in aluminium is not large, and until the experiment is performed, it 
cannot be ruled out that cold working at liquid helium temperature 
might possibly produce faulting. 

The results are roughly the same for nickel, as has been measured 
by Waener,® and by Micnett and Hare.“ CHristian and 
SpPREADBOROUGH™ measured a set of Ni-Co alloys, and found a 
deformation fault probability which was extremely small for Ni 
but increased rapidly with increasing Co content. 

At the other extreme from aluminium is a cold-worked «-brass of 
high zine content. WARREN and WaREKoIs*) made measurements 
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on a-brass filed at room temperature, and found deformation fault 
probabilities which increased with zine content reaching a value of 
a = 0-039 at 35 per cent Zn. An extrapolation of these values indicated 
a negligibly small value for the fault probability in pure copper. To 
see whether stacking faults could exist in copper, WacNnER® made 
measurements on copper filed under liquid nitrogen and maintained at 
—160°C for the measurements. He found peak shifts indicating a 
deformation fault probability « = 0-013 and a peak asymmetry which 
corresponded to a twin fault probability 6 = 0-029. Both types of 
fault annealed out very rapidly at room temperature, in agreement 
with the fact that GreeNovGH and Smrrx“* found only a very small 
deformation fault probability in copper filed at room temperature. In 
samples of «-brass filed under liquid nitrogen and measured at room 
temperature, WaGNER®® found both types of faulting with values 
that increased to « = 0-050 and § = 0-067 at 35 per cent Zn. The 
extremely small particle sizes measured from these samples were 
largely accounted for by the broadening produced by faulting. Since 
the values of « and # are determined independently, this serves as a 
partial check on the surprisingly small particle size values obtained 
by the log plot method of separating particle size and distortion 
broadening. 

ScHOENING and VAN NreEKERK™» have made measurements on silver 
filed under liquid oxygen and measured at —30°C after one hour at 
room temperature. Particle size values of the order of 200 A and root 
mean square strains up to 0-005 were obtained, but there was no 
indication of deformation faults from peak shifts. Measurements by 
Wacner"™” on silver filed under liquid nitrogen and maintained at 
—160°C for the measurement showed both peak shifts and peak 
asymmetries corresponding to « = 0-020 and 6 = 0-040. The deforma- 
tion faults were found to anneal out very rapidly at room temperature, 
in agreement with the fact that Schoening and Van Niekerk found no 
peak shifts from their samples annealed one hour at room temperature. 
Typical values for FCC metals are listed in Table 4. 


TABLE 4 
Experimental Values for FCC Metals Filed at Liquid Nitrogen Temperature 


Measured Dett 


20°C (100) 38 A 
— 160°C (100) 95 A 
: — 160°C : (100) 45 A 
Nickel -| 160°C and 20°C | (100) 160 A 
Aluminium -| —160°C 320A 
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Relatively few studies have been made of cold work in hexagonal 
close packed structures. Measurements by Epwarps and Lipson‘) 
on hexagonal cobalt showed a broadening of certain lines. The original 
interpretation of these results by WiLson'™” was only partially success- 
ful because growth faults only were considered. New measurements on 
hexagonal cobalt have been made by ANANTHARAMAN and CHRISTIAN ® 
and interpreted in terms of both deformation and growth faulting. 
Very recent measurements of the imperfections in hexagonal cobalt 
have been made by Hovuska and Aversacu.®?) Both deformation 
and growth faults were found. Faulting is often pictured as existing in 
rather narrow ribbons of extended dislocations produced by an edge 
dislocation splitting into two half dislocations. The width of the 
ribbon of extended dislocation is usually estimated to be small, of the 
order of 30-50 A. But in some samples of faulted cobalt, certain re- 
flections such as 110 and 112 which are unaffected by faulting have 
almost the sharpness of a perfect structure. If faulting existed only in 
narrow ribbons, the measured faulting probabilities would demand such 
a high density of half dislocations that the resulting strains would 
broaden markedly all reflections including those of type 110 and 112. 
Hence Houska and Averbach point out that the faulting must extend 
over large distances, perhaps right across the coherent domains. Since 
the fault plane energy in cobalt may be abnormally low, it cannot 
be assumed that this conclusion necessarily applies to all faulted 
metals. 

Among the BCC metals tungsten is an extreme example. Measure- 
ments on tungsten filings by McKernan and Warren showed 
isotropic strains and isotropic particle sizes of about D = 200A. The 
isotropic particle sizes indicated that faulting was negligible, and that 
the small coherent domain sizes were due to small-angle grain bound- 
aries or some such kind of incoherent boundary. At the other extreme, 
the measurements by GUENTERT and WarRREN®®) on f-brass filings 
indicated that in this material faulting was of great importance. When 
the effective particle size broadening is due wholly to faulting, the 
coefficients of Table 2 predict a ratio of effective sizes Derr(110)/ Derr 
(100) = 2-83. If we assume that the true coherent domain sizes D are 
isotropic, the measured ratio Derr(110)/Dere(100) gives an estimate of 
the importance of faulting. Table 5 lists values of this ratio taken from 
the measurements of GUENTERT and WARREN) on £-brass, WAGNER ®) 
on «-iron, ScHoENING™® on tantalum, on molybdenum, 
and McKEEHAN and WARREN” on tungsten. Among the BCC metals, 
there is evidently a wide variation in the relative importance of faulting 
in the cold-worked state. In f-brass, «-iron, and tantalum faulting 
plays an important role in the cold-worked state, whereas in molyb- 
denum and tungsten there is no evidence for faulting. 
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TABLE 5 
Ratio Der 110)/ 100) for BCC Metals 


Faulting only (computed) 
B-Brass 

a-lron 

Tantalum 

Molybdenum 

Isotropic domains without faults 


It has been pointed out by many workers that the root mean square 
strains obtained by x-ray analysis are of the order of the yield stress 
divided by Young’s modulus. Smirx and and SToKes, 
Pascor and Lipson‘ have suggested that the measured strains should 
be inversely as Young’s modulus, if we assume that in a polygrained 
sample it is the stress which is more nearly isotropic. At least quali- 
tatively, such a directional variation of the measured strains is often 
observed. It is also observed that the measured values of <e*># and 
Dee are related by <e?>t = 4/Dere where 6 is a dimension of the order 
of 1 A. It should probably be expected that displacements of the order 
of an atomic dimension averaged over regions of the order of Dery 
should produce strains of this magnitude. 

It should be emphasized that x-ray measurements on cold-worked 
samples such as filings do not tell anything directly about the process 
of plastic deformation, but only give a picture of the final cold-worked 
state. It should also be emphasized that filing is a drastic form of cold 
work, and that the imperfections found in filings can be quite different 
from those produced by more moderate forms of deformation. The 
information accumulating at the present time indicates that the cold- 
worked state is far more complicated than had been thought a few 
years ago. The measured root mean square strains decrease noticeably 
with the distance L over which they are averaged. This suggests that 
the strains are highly inhomogeneous, rather than being simple ex- 
tensions and compressions which are constant over large volumes. 
Cold work such as filing produces surprisingly small coherent domain 
sizes. We say that they are produced by some sort of incoherent 
boundary such as small-angle grain boundaries or some other kind of 
dislocation array, but we have no clear-cut picture of these small 
domains based uniquely on experiment. In addition to small domain 
sizes, we now know that in some metals deformation and growth faults 
form an important part of the cold-worked structure, and that these 
faults are probably important in determining some of the physical 
properties of these cold-worked metals. No simple general picture of the 
cold-worked state suffices at the present time to cover all the metals. 
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Faulting may be of great importance for one metal and of no importance 
for another, and although theoretical work such as that of SrEcER 4) 
indicates progress on this problem, it is still necessary to find out by 
experiment the precise nature of the cold-worked state for each metal. 


VIII. Aprpenprx 
The Powder Pattern Power Theorem 


Consider a crystal with axes a, Gs, ds, repetitions V,, N,, N, and 
structure factor F. If the directions of the primary and diffracted 


beams are represented by the unit vectors 3 and 3, the intensity in 
electron units is given by 


7 


sin? 


i= 


T— — — — T— — 
sin? (8 — 8)*a, sin? ~(s (8 — 8) * 


j ( 
Let bs, bs, bs be the three axes reciprocal to the ay Gs, ds. In terms of 


continuous variables h,h,h,, the diffraction vector (s —%,)/A can be 


represented in reciprocal space by B)/A = hyd, + + hgbs. 
Using the normal and orthogonal relations 


a,°b,= 
0 
we obtain 


,h, sin? sin*® 7N yh, 


(hyhehs) = F (84) 


sin? zh, sin* wh,  sin® zh, 


The quantity /(h,h,h,) represented by Eqn. (84) is an example of an 
“interference function,’ the intensity in electron units from one 
crystal expressed as a function of the continuous variables h,h,h, which 
give the position of the diffraction vector in reciprocal space. 

Consider now a powder sample of M imperfect crystals with random 
orientation. For the moment consider that the ‘interference function” 
I(h,h hs) is zero everywhere in reciprocal space except near the position 
h,h hy. The number of crystals dM whose vectors to h,h,h, make angles 
between 90 — 6 and 90 — (6 + da) with the primary beam will be 


sin (90 —6)da M 
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Figure 16 shows the relation between the vectors BoA, BA and the 
diffraction vector is _ &,)/A. The receiving surface is at a distance R 


from the sample. Let the direction of aja vary by two small angles df, 
dy in perpendicular planes, to define an area on the receiving surface 
dA = R* df dy. The total diffracted power is obtained by multiplying 
the intensity per crystal by the number of crystals in a range of orienta- 
tion and by an element of area and then integrating over all orientations 
in the sample and over the whole area of the receiving surface: 


P = | | cos Oda . . (85) 


Small changes da, df, dy produce small vector changes da/A perpen- 


dicular to and df/4, dy/A perpendicular to 3/4. These changes 


Fig. 16. Relations between the direction of the primary beam, the 
diffracted beam, and the diffraction vector involved in setting up the 
powder pattern power theorem. Changes in angle da and dy are in the 
plane of the paper and df is a change in angle perpendicular to the paper 


define a parallelopipedon of volume dV through which the terminal 
point of the diffraction vector sweeps, dV = sin 26 (da/A)(df/A)(dy/A). 
Replacing da df dy in Eqn. (85) we express P as a volume integral in 
reciprocal space 


Pp. Hs) ap 


Since we can now make use of any element of volume in reciprocal 
space, it is convenient to use one in terms of dh,dh,dh, 


dV = (b,dh,) - (bydh,) x (bydh,) = dh,dh,dh,/v, 


where v, = a, - dy > a,. The total diffracted power can be written 


: 4v, | | | sin 6 


Pp. dh,dhdh, . . . (86) 


If (h,h,h,) differs from zero over an extended region in reciprocal 
space, we apply the above argument to each little region, and Eqn. (86) 
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becomes a general theorem giving the total diffracted power from the 
sample due to the interference function in that part of reciprocal space 
over which the integral is evaluated. The usefulness of this theorem 
comes from the fact that it is generally simplest to set up an expression 
for 1(hyh,hs) in terms of the imperfections in structure, and then use the 
theorem to convert to the experimentally measureable power. 


(2) 


(37) 
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SUBSTRUCTURES IN CRYSTALS GROWN 
FROM THE MELT 


Elbaum 


INTRODUCTION 

In this article an effort is made to present a detailed, critical review of 
the configuration and origin of the most common substructures formed 
in crystals grown from the melt, rather than a comprehensive review 
of all the imperfections encountered in crystals. Examples are drawn 
from work done on metals, co-valent and ionic crystals. A_ brief 
historical survey of how the present-day ideas concerning crystal 
substructures developed over the last five decades is given below. 

Around 1912 Frrepricn, and Lave,” performed the 
now famous experiments on x-ray diffraction by crystals. Their work 
was intended to confirm the lattice theory of crystal structure. They 
found that although the diffraction spots appeared in the predicted 
positions, the intensities of these spots were not in agreement with the 
simple theory prevailing in those days.» Shortly after, Darwin 
(see also references 6, 7, 8 and 9) showed that the intensities obtained 
could be explained if one assumed that crystals consisted of perfect 
regions, or blocks, extending over several thousand or several tens of 
thousands atomic distances, each such region being slightly misoriented 
with respect to its neighbours. This type of structure was soon given 
the name of ‘“‘mosaic.’’ It is important to remember that Darwin had 
not proposed any specific physical model for his structure and, in fact, 
implied that a variety of models could give rise to the observed inten- 
sities of diffraction spots. No successful model for the mosaic structure 
was proposed in the twenty years following Darwin’s original work. 
In 1934 Buercer”® introduced the concept of a structure that he 
called ‘‘lineage.’’ The idea was based on the fact that if inhomogeneous 
warping occurs between neighbouring regions of a crystal (in keeping 
with Darwin's ideas) during growth, surfaces are formed at which the 
crystal orientation changes discontinuously. Such surfaces of discon- 
tinuity, nowadays referred to as sub-boundaries, would persist and 
propagate into newly formed portions of the crystals. A subdivision 
of the crystal into blocks of the kind required by Darwin’s theory would 
thus be obtained. Buerger’s model was soon confirmed, at least in its 
broad sense, by experimental findings.“! 

In the same year (1934) TayLor™® and Orowan* introduced, 
independently, the concept of dislocations. These imperfections in 
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crystals were proposed by the above authors primarily to account for 
the large discrepancies between the theoretical and experimentally 
observed strength of crystals. However, their importance in explaining 
many other properties of crystals soon became apparent. 

An important development of the dislocation theory came about when 
Bureers™ pointed out in 1939 that a low-angle grain boundary 
(misorientations up to several degrees) is equivalent to an array of 
appropriately arranged dislocations. The concept of an edge disloca- 
tion, introduced by Taylor and Orowan, had been extended by Burgers 
to include screw dislocations. It was thus possible to account for low- 
angle boundaries of tilt type, twist type and intermediate varieties in 
terms of dislocation arrays.“®, 

A further extension was introduced in 1950 by Franx,"* who pointed 
out that suitable networks of dislocations can account for any type of 
misorientation in any direction between neighbouring blocks of the 
mosaic structure. Thus the slight ambiguity that had persisted until 
then, concerning the possible restrictions on the orientations in which 
substructures could exist, was finally dispelled. It is now clear that 
misorientation substructures differ only in size and extent of mis- 
orientation, but not in kind; they can all be accounted for in terms of 
dislocation networks. 

Since Buerger’s suggestion of the lineage structure, several kinds 
of substructure were found and studied in crystals grown from the 
1%, 2°, 21,22) Jt seems reasonable nowadays to divide these 
substructures into two categories depending on their origin and mode 
of formation. The first category will include the substructures that 
arise from a particular arrangement of dislocations, which are either 
built in during solidification, or form in the crystal afterwards. The 
second category will include the substructures arising from a specific 
distribution of impurities during solidification. These substructures 
may also exhibit misorientations and will, therefore, sometimes have to 
be described in terms of their dual character. The misorientation part 
will have to be treated in terms of dislocation arrays, as discussed above. 
The part concerned with regions of different composition will remain 
in a class of its own. It will be shown later that there might exist a 
close connexion between the origin of a dislocation network and the 
segregation of impurities. 

The remainder of this article will be devoted to a description of the 
various experimentally observed substructures, their origin and their 
occurrence as a function of solidification conditions. 


PRELIMINARY 


The initiation of freezing in a liquid, i.e. nucleation, will not be 
treated here. The growth of a nucleus, once it has formed in a 
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super-cooled liquid, will be discussed in a later section. All considera- 
tions in this article will be limited to single crystals. A single crystal will 
be defined as a volume of solid originating from a single nucleus. In such 
a volume, at least at the time of solidification, it is possible to find a 
path, between any two points, that does not cross any surface of abrupt 
orientation change.’ Subsequent to the time of growth, the partial 
merger of some of the sub-boundaries can, in principle, lead to the 
occurrence of regions totally enclosed by these boundaries. 

The terms “‘sub-boundary” and “lineage boundary” will be used 
interchangeably to designate surfaces across which a discontinuous 


interface 


Orstance 


Ormstance 


Fig. 1. Schematic temperature distribution along axis of a growing 
crystal: (a) growing crystal; (b) temperature increasing from interface 
into liquid; (c) temperature decreasing from interface into liquid 


change of orientation takes place. These terms will be reserved to 
describe misorientations arising during, or as a consequence of, the 
solidification process in a single crystal as defined above. Thus the term 
“grain boundary” (low or high angle) will be left to describe the 
surface of separation between two crystals originating from nuclei of 
distinct orientation, however small their orientation difference might be. 

Let us now consider a crystal growing from an existing nucleus into 
the melt. For the sake of simplicity we will suppose that it is a one- 
component system (without impurities) with a unique melting point. 
Let this system consist of a horizontal bar in a container of uniform 
cross-section, as shown in Fig. l(a). 

In order for solidification to proceed, the temperature at the surface 
separating the solid from the liquid (hereafter referred to as the solid— 
liquid interface) has to be below the equilibrium melting point 7',,, by 
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a small amount A7’, the value of which determines the rate of freez- 
ing); the larger A7’, the higher will be the rate of freezing. This A7' 
is a consequence of the fact that at the equilibrium melting point there 
is equilibrium between the liquid and the solid defined by the equality 
of the free energies of the two phases. Freezing takes place when the 
free energy of the liquid is higher than that of the solid. This condition 
is satisfied when the temperature of the liquid in contact with the 
growing solid is below the equilibrium melting point. 

The temperature gradient will be supposed linear, directed along the 
specimen axis and constant throughout the solid—liquid interface (no 
lateral components). The temperature distribution in the vicinity of 
the solid—liquid interface will be as shown in either Fig. 1() or l(c). 

In the first case (Fig. 1(6)) heat is supplied to the liquid from an 
external source and flows towards the solid. At the solid—liquid inter- 
face the latent heat of solidification is evolved. The heat supplied from 
the external source and the latent heat have to be eliminated through 
the solid. The condition of continuity of heat flow per unit surface 
area of the solid—liquid interface can, for this case, be expressed as 
follows: 

K(dT/dx), = LR + K,(dT/dx), 
where Ky = thermal conductivity of the solid 
A, = thermal conductivity of the liquid 

(d7'/dx) temperature gradient in the solid at the solid—liquid 

interface 
(d7'/dx), = temperature gradient in the liquid at the solid—liquid 

interface 


L = latent heat of solidification per unit volume 
rate of solidification 


x = coordinate along the axis of the bar. 


We assume that the temperature gradients, although different in the 
liquid and in the solid, are constant in magnitude and direction on each 
side of the solid—liquid interface. It follows that this interface will be a 
plane and will advance while remaining parallel to itself. The entire 
interface will be at a temperature 7',, — A7’, where 7',, is the equi- 
librium melting point and AT’ is the supercooling that determines the 
rate of freezing R. If any part of the interface advances ahead of the 
isotherm at 7',, — AT it enters a region at a temperature 7',, — AT’, 

- Ty, — AT and the freezing rate of this part decreases; the plane at 
Ty, — AT will “catch up” with it. If any part of the interface remains 
behind the isotherm at 7',, — A7’, it enters a region at a temperature 
Ty, — AT, < Ty — AT and its freezing rate increases; this part 
“catches up” with the plane at 7',, — AT’. 
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In the second case of the temperature distribution, shown in Fig. 1(c), 
the solid—liquid interface is at the highest temperature of the system; 
the temperature of the liquid decreases with distance from the interface. 
This situation is highly unstable. If any part of the interface advances 
(by chance fluctuation or otherwise) further into the liquid it will enter 
a region at a lower temperature and will start freezing faster, entering, 
in the same time, regions at lower temperatures, and so on. By this 
mechanism the interface develops long, narrow projections, which in 
turn develop secondary branches, ending up in a tree-like shape, known 
as “‘dendrites.”® Since the sign of the temperature gradient is now 
reversed, the latent heat evolved at the growing parts of the dendrites 
flows into the liquid. This raises the temperature of the liquid. In the 
parts behind the growing tips the temperature of the liquid eventually 
approaches the melting point and the inter-dendritic spaces can solidify 
in a manner similar to that described in the first case. 

The actual process of single crystal growth is usually accomplished 
by one of three basic techniques, or by some modification thereof. 
These techniques, known as the CzocHRALSKI method,” the Bripe- 
MAN method *) and the CHALMERS method,'® will be briefly described. 

In the Czochralski method, a seed crystal is put in contact with the 
surface of the melt maintained at a temperature near the melting point. 
The seed is pulled up vertically at the rate at which the crystal solidifies, 
while remaining in contact with the liquid. The rate of freezing and of 
vertical travel of the crystal is determined by the rate of heat flow out 


of the solid. The crystal is usually rotated around its vertical axis for 
the purpose of maintaining a uniform temperature distribution. For 
the same reason, the crucible containing the melt is sometimes also 


rotated. 

In Bridgman’s method, a container filled with the melt is lowered 
vertically through an externally imposed temperature gradient. The 
melt solidifies from the bottom upwards. The rate of freezing is deter- 
mined by the rate of heat flow from the solid, which in turn depends on 
the rate of travel through the temperature gradient. Seed crystals are 
occasionally used in this method and the instant of joining a seed to 
the melt must be accomplished by indirect means, such as, for example, 
the measurement of the temperature distribution in the solid or liquid. 

The Chalmers method is a modification of Bridgman’s method, in 
which the container is made to travel horizontally in a temperature 
gradient. The container is usually in the shape of a trough with closed 
ends. Seed crystals are almost always used. The advantage of this 
technique over Bridgman’s method lies primarily in the fact that the 
operation of joining a seed to the melt is facilitated by the direct access 
to both. Moreover, the upper surface of the solid and liquid can be 
directly observed. 


207 


= 
as 


PROGRESS IN METAL PHYSICS 


Appropriately oriented seeds are used in all these methods to obtain 
crystals of controlled, crystallographic orientation. 


Sotvute DisrrisvTion CRYSTALS GROWN FROM THE MELT 


Let us consider a cylinder (Fig. 1(a)) of solidifying material. For the 
sake of simplicity it will be assumed that it is a two-component system 
in which A is the solvent and B the solute. For small concentrations of B 
the phase diagram between A and B can have the form (a) or (6) (Fig. 2). 
Let the distribution coefficient & be defined as the ratio of solute content 
in the solid to the solute content in the liquid when the two are in 
equilibrium with each other. In case (a), k <1; in case (6), k > 1. 
Further derivations will be confined to the case where k < 1, but are 


fajk <1 > 1 


Fig. 2. Portions of simple, binary phase diagram 


equally valid for the case k > 1. With the above definitions in mind, 
the various types of solute distribution during freezing will be derived. 
Three general approaches to the problem were adopted in the past. In 
the first, the basic assumptions underlying the mathematical derivation 
were as follows (Prann™’): 

(1) diffusion of solute in the solid is negligible; 

(2) mixing in the liquid is complete, i.e. concentration in the liquid 

is uniform at all times; 
(3) & is constant. 


Assumption (2) can be satisfied only if very vigorous mixing takes 
place in the liquid. Under most conditions of crystal growth, mixing, 
other than that due to diffusion, is either negligible or incomplete. 

The second approach was adopted by Trtier, Jackson, Rutter 
and Cuatmers™ who make the following assumptions: 


(1) diffusion in the solid is negligible ; 

(2) convection and mixing in the liquid, due to causes other than 
diffusion, are negligible ; 

(3) & is constant. 


4 
wag 
| 
| 
x. 
| 
he 
Agi 
| 
| 
; 
| 
ws 
i 
= 
| 
208 
Ly 
4 
| 
F 


SUBSTRUCTURES IN CRYSTALS GROWN FROM THE MELT 


Assumption (2) in this treatment approximates more closely, in most 
cases, to the actual conditions of solidification. 

In the first set of assumptions, the liquid is considered to be of 
uniform concentration at all times (complete mixing). Prann® 
derived, for this case, the concentration in any part of the solid, as a 
function of the volume fraction of solid frozen, in the following manner. 
Let g = fraction of the original volume which has frozen 

S total amount of solute in the system solid + liquid 
amount of solute remaining in the system at a given stage of 
solidification 
solute concentration in the solid at the solid—liquid interface 
, = solute concentration in the liquid 
= the distribution coefficient (assumed to be constant) 


We have, by definition: 
Since 
we obtain 
C = kS/(1 — g) 
After a fraction g has frozen, let an additional amount, dg, freeze. The 
concentration C in the frozen layer of volume dg is: 
C dS/dg 
Eliminating C from Eqn. (3) and integrating gives 


| 


dS/S k dg/(1 — q) 


S = — 
and 
dS/dg kS,(1 


The original concentration C, = S,, since the total volume is equal to 
unity. We thus obtain 


The solute distribution in the solid, for freezing that follows the above 
derivation {[ Eqn. (8)] is illustrated in Fig. 3. 

If there is no convective mixing (the case of the second set of as- 
sumptions), several new features are introduced into the solidification 
process, the most prominent of which is the existence of a solute-rich 
layer of liquid at the solid—liquid interface. Calculations by WaGNER“* 
showed that the effect of natural convection due to the presence of the 
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solute-rich layer is generally negligible, except perhaps for the slowest 
growth rates encountered in common practice. 

If the liquid is initially of uniform concentration C,, the first layer of 
solid to freeze (Fig. 4) will have a solute concentration of kC,. As 
solidification proceeds, the concentration in the liquid will increase 


Ke 


Distance 


Fig. 3. Solute distribution in the solid for freezing with complete 
mixing in the liquid; k < 1 


because of the solute rejected from the interface (since k < 1); con- 
sequently the concentration in the solid will also increase. This increase 
in concentration of both liquid and solid will continue until a steady 
state is reached. The condition for steady state will be that the amount 
of solute rejected by the interface into the liquid, per unit time, be 
equal to the amount of solute diffusing away from the interface (due 
to the established concentration gradient) per unit time. 


C, 


Solute concentration 


Fig. 4. Portion of a binary phase diagram; k < 1 


For a given system the rate of solute rejection by the freezing process 
will be governed by the rate of freezing (rate of advance of the solid- 
liquid interface) R cm/sec. The rate of diffusion of the solute from the 
interface into the liquid will be governed by the diffusion coefficient 
D cm?#/sec. We will assume that solidification takes place in a prismatic 
container of unit cross-sectional area, the solid—liquid interface is plane 
and perpendicular to the axis of the specimen, and the concentration 
gradient dC/dz is the same at every point of the interface. Since growth 
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takes place in one direction only, the problem can be confined to a one- 
dimensional mathematical treatment. 

From Fig. 5 it is seen that the amount of solute diffusing into a 
volume element across the plane perpendicular to Oz at x is D(dC/dz),, 
the amount diffusing out of a volume element across a plane at x + dx 
is D(dC/dz),,,,; the net flow into the volume element is D(d®C/dz*) 
per unit volume. If the origin of the system of coordinates is considered 
to be at the interface, freezing can be represented by moving the liquid 
distribution past it at the rate R cm/sec. Under these conditions the 
net flow of solute out of the same volume element is R(dC/dxz). At 


Concentration 


+ 
4 


x xtdx 
Distance from interface 


Fig. 5. Steady-state distribution of solute in the liquid ahead of 
advancing solid—liquid interface 


steady state, as previously defined, the two quantities must be equated, 

which leads to the differential equation 

dC dC 


D 


, 


dx’? dx 


where x’ is the distance from the interface. 

The solute distribution in the liquid ahead of the interface is given by 
the solution of the above equation subject to the appropriate boundary 
conditions : 

C, =C, at = (10) 
C, =C,/k at 2’ = 0 


The steady-state solution is then given by 
C,=C,exp(— R2’/D)+C, .. . . (12) 


where C,, is the solute concentration in the liquid at x’ = 0. A further 
consequence of steady state is that the amount of excess solute in the 
liquid adjacent to the interface (where the exponential distribution C, 
prevails) must be constant. The amount of solute entering that region 
from the liquid must, therefore, be equal to the amount taken by the 
solid. This leads, for steady state, to the condition C, = Cy, where C, 
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is the concentration in the solid, i.e. the concentration in the solid is 
equal to the concentration of the undisturbed liquid. 
Since C, = C,/k — Cy, Eqn. (12) becomes 


k R, 


It is thus seen that there is a layer of liquid, adjacent to the inter- 
face, in which the concentration decreases exponentially from a value 
C, = C,/k — C, at the interface where x’ = 0. It follows that every 
point of the liquid ahead of the interface will have a definite liquidus 


interface 


Concentration 


Distance from interface 


Equiliorium liquidus ternperature Constitutionally 
Liquid supercooled zone ~ 


interface 
-Interface 


Distance frorn interface Distance from interface 
Fig. 6. Distribution of equili- Fig. 7. Constitutionally supercooled 
brium melting temperature zone of liquid ahead of advancing 
(liquidus temperature) ahead interface 
of advancing interface 


temperature given by the phase diagram (Fig. 6). There is also a 
temperature gradient in the liquid, associated with the crystal growth 
process, as previously described. If the temperature imposed at a given 
point of the liquid by the temperature gradient is lower than the liquidus 
temperature at that point, the liquid will be supercooled at that point. 
This happens in spite of the fact that the temperature of this liquid is 
higher than the temperature of the interface (see Fig. 7). The existence 
of this kind of supercooling was first pointed out by Rutrer and 
CHALMERS, who named it “‘constitutional supercooling”’ to emphasize 
the fact that it arises from compositional changes in the liquid. The 
direction of heat flow remains the same because the sign of the tempera- 
ture gradient does not change. A quantitative evaluation of the amount 
of constitutional supercooling ahead of the interface can be carried out 
as follows. The solute distribution in the liquid is given by Eqn. (13) 
and the liquidus temperature, for any concentration, can be computed 
from the phase diagram by: 


T,=T, —mC, 
212 


% 
¥ 
f 
A 
ctual temperot 
of liquid 
libriurn 
Equi 
4 3 t liquidus 
ermnperoture 
rife 


SUBSTRUCTURES IN CRYSTALS GROWN FROM THE MELT 


where 7’, is the melting point of the pure solvent and m is the slope of 
the liquidus line (m is assumed constant as a consequence of the assump- 
tion that k is constant). By substituting the expression for C, from 
Eqn. (13) in Eqn. (14), we obtain 


1—k 


The value of the temperature as a function of distance ahead of the 
interface will be 
T = T, — m(C,/k) + Gz’ 


where 7', — m(C,/k) is the temperature at the interface and G is the 
temperature gradient in the liquid. From Eqns. (15) and (16) the 
difference between 7', and the actual temperature 7' (the amount of 
constitutional supercooling) in the liquid can be found for any value of 
x’. The distance from the interface, x’, over which constitutional super- 
cooling extends, can be found from the value of x’ at which 7, = T 
other than the origin, x’ = 0. Thus from Eqns. (15) and (16) for 


kG 
) (17) 


R 
exp (— 2’ = ] — 2 
mC,(1 — k) 


D 
For a known value of the diffusion coefficient D, the liquidus tempera- 
ture can be plotted for various rates of growth from Eqn. (15). Like- 
wise, the actual temperature can be plotted as a function of distance z’ 
for various temperature gradients G in the liquid. By combining the 
two diagrams the extent of the zone of constitutional supercooling is 
obtained. Fig. 8 shows such a plot after TILLER et al.,“*) who assumed 
D = 5cm*/day. This value of D is an average of the diffusion co- 
efficients for many liquid metals near the melting point, which vary 
approximately from | to 10 cem?/day (FRENKEL), 

As can be seen from Fig. 8, when the slope of the actual temperature 
distribution is equal to, or higher than, the slope of the liquidus tempera- 
ture at the origin, no constitutional supercooling occurs. This can be 
expressed as 


da’ dz’ a’ =0 


From differentiating Eqns. (15) and (16) with respect to 2’ and setting 
zx’ = 0, we obtain the condition for the absence of constitutional 
supercooling : 
G_ mC,(1 — k) 
R- kD 
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The temperature gradient in the liquid, G = d7'/dz, is usually 
considered to be constant. Strictly speaking, for finite rates of growth, 
the temperature distribution in the liquid is not linear and the tempera- 
ture gradient, d7'/dx, is not constant. However, even for the fastest 
rates of growth encountered in practice, the departure of the tem- 
perature distribution from linearity is small. The assumption that 
G = constant is, therefore, usually valid. Tier et al.“" have also 
found an approximate solution for solute distribution C, in the portion 


ahead of Interface, °C 


3 


| ~— Temperature 


—— Distance ahead of the Interface, cms ——> 


Fig. 8. Equilibrium liquidus temperature (solid lines), calculated from 

Eqn. (15) and actual temperature in the liquid (broken lines), calculated 

from Eqn. (16), as a function of distance ahead of advancing interface. 
(After TILLER et 


of the solid formed before the system reaches steady state. As before, 
k is considered constant and less than unity. The distribution C, 
should satisfy the following general conditions: 


(1) it must rise from kC, at the beginning of the crystal ; 

(2) it should approach C, asymptotically with distance along the 

crystal ; 

(3) it must rise continuously from kC, to C,; 

(4) in order to conserve solute, the total amount of solute rejected 
by the solid must be found in the liquid ahead of the interface. This 
can be represented graphically (see Fig. 9) by saying that the area 
between C, and C, must be equal to the area between C, and C5. 


If it is also assumed that the rate of approach of C, to C, with distance 
is proportional to (C, — C,) at any distance x measured from the be- 
ginning of the specimen, it follows that C, is of exponential form. This 
assumption satisfies the above four boundary conditions and seems 
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physically plausible. The condition that the approach of C, to C, with 
x be proportional to (C, — C,) can be expressed as: 


d(C, 


....@ 


where « is a constant. The general solution of this equation is 


+B... . (21) 


Interface 
Liquid 


Distance 


Fig. 9. Distribution of solute in the solid, C,, in the first part of 
the specimen to solidify 
By applying the boundary conditions 
C,=kC, when x= 0 
the solution becomes 
C, = C, — C,(1 — k) exp (— az) 
— (1 — k) exp (— . 
The condition expressing conservation of solute can be written ap- 
proximately as (see Fig. 9): 
area under Cy — area under C, = area under C;, — area under Cy 
or, from Eqns. (13) and (24), 
1—kf- 


which yields « = kR/D. 
Thus Eqn. (24) becomes: 


[ —(l — exp 


R Pe 
exp ( dz’ = C,(1 — k) | exp (— ax)dxa (25) 
D J0 


; 
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The distribution of solute in the last part of the specimen to solidify is 
considered in the following section. 


A more rigorous and general approach to the problem of solute 
distribution was taken by Smrru, and Rutrer.“” Using the 
general set of assumptions enunciated above, the time-dependent 
diffusion equation in the liquid with respect to the coordinate system 
that moves with the interface can be written as follows: 


D : 


A solution of this equation, giving the distribution of solute both in 
the liquid and in the solid, was obtained by Smrru et al. for a semi- 
infinite sample in the following cases: 


(1) the initial transient rise in concentration of solute which occurs 
in the first part of the solid to freeze; 

(2) the steady state which is reached after the solidification has 
proceeded for some distance from the beginning ; 

(3) the terminal transient change in concentration which occurs 
in the last portion of the sample to freeze; 

(4) the transient change in concentration which occurs as a result 
of a change in the speed of solidification. 


For the steady state (case 2), Eqn. (27) becomes time-independent and 
reduces to Eqn. (9) of the previous treatment, for which a solution was 
given in Eqn. (13). 


TRANSIENT (CASE 1) 


In order to calculate the build-up of a high solute concentration in the 
liquid in contact with the interface, during the first part of the solidifica- 
tion, and the resulting transient rise in concentration of the solid formed, 
from C,/k to C,, the time-dependent Eqn. (27) must be solved. The 
solution was carried out for the case of a semi-infinite sample in which 
solidification is initiated at one end at time ¢ = 0, and proceeds at a 
constant rate, R, subject to the following boundary conditions: 


C, at x’ forallt 


C,at t foralla’>0O . . . (29) 
kyC, = 0 atz’=Oforallt . . (30) 


The boundary condition given by Eqn. (30) expresses the fact that the 
concentration must remain finite at the solid—liquid interface at all 
times. 
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By using a Laplace transform 
0 =| °C, exp (— Stat 
0 


Eqn. (27) may be transformed from a partial differential equation in 2’ 

and ¢ into an ordinary differential equation in 2’. Substitution of 

Egn. (31) in Eqn. (27) yields: 

ae l oc 


a * Da’ D exp(—St)dt . . . (32) 


ot 
Integration by parts of the right-hand side of Eqn. (32) leads to: 


= — CU, exp (— St)| + = | C, exp (— St)dt 
0 


ome —S§ 
| ot D D Jo 


D 


S , 
+77 sts 3 


and by rearranging terms 


ao Rd C,(x'0) 
dz* Ddx/ D D D 
tqn. (34) was solved subject to the transformed boundary conditions, 
and by applying the inverse Laplace transformation the solute con- 
centration at any point of the liquid was found to be: 


l 
— 1/Dt(z’ + 4 = k x 


exp E (1 — k) | x 


erfe [4 V 1/Dt(x’ (2k — i: 
The solute distribution in the solid, C, = kC,, at any distance from the 
beginning of the freezing specimen, can be found by putting 2’ = 0 in 
Eqn. (35) and multiplying the result by k. The new equation has to be 
referred to a system of coordinates which is stationary with respect to 
the specimen. This can be accomplished by putting z = Rt, where z is 
the distance from the beginning of the specimen. After rearranging 
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terms, the solute concentration in the solid, as a function of distance 


from the beginning of the specimen, can be written as follows: 


V(R/D)\x 


) + (2k -1) 


erfc be (36) 


Ce erf ( 


exp | - kl k) 


The solution of Eqn. (27) obtained for this case by Smrru et al.,@ 
although rigorous, yields no basically new information on the freezing 


Fig. 10. Distribution of solute in the first part of the specimen to 

solidify. Solid lines obtained from Eqn. (36). Broken lines obtained 

from Eqn. (26). 2 represents the distance from the beginning of 
specimen. (After Sarru ef 


process. Moreover, the equation for C, in the initial, transient region, 
obtained from the rigorous solution for C,, gives a distribution of solute 
in the solid which differs very little from that given by the approximate 
solution of TruLeR et al.@; the maximum difference is about 20 per 
cent and the average difference is only a few per cent. Since the solu- 
tions obtained by Smrru et al. are much more cumbersome and diffi- 
cult to use, Eqn. (26) appears to be more adequate for most problems 
where absolute rigour is not essential. This can be readily ascertained 
from Fig. 10, where the results of the two different solutions are plotted 
on the same graph in the form C,(x)/C, = f(Rz/D); in this graph z is 
the coordinate measured from the beginning of the specimen. 


SuppEN CHANGE IN THE Rate or Freezine, R (Case 3) 
This problem was solved for the case of a sudden change from R to 
R, > R, after the steady state had been established by growth at the 
rate R. The amount of solute carried ahead of the interface in the 
steady-state case is smaller for R, than for R. A transient rise of the 
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concentration in the liquid near the interface, and consequently in the 
solid formed, will, therefore, occur while the system adjusts itself to a 
new steady state at R,. If time is measured from the instant at which 
the change of speed occurs, this transient may be found by solving 
Eqn. (27) subject to the following boundary conditions: 


C, = C, at z’ = @ forallt>O . . . (37) 


exp — at = 0 forall >0O (38) 


Ry 


(l—k)C, = 0 atz’=Oforallt>0O . (39) 
Ox D 


As before, this problem can be solved for C, by the use of a Laplace 
transformation. From this solution C, can be obtained and is given by 
the following equation: 


= 1 — ferfe + (1 —k) (; aE) 
exp | - (1 


erfe — 3) + 


exp [— — k)(R,/D)x] erfe [(k — (R,/D)x,) (40) 


where z, is the distance from the point at which the speed change 
occurred. Since the third and fourth terms in the right-hand side of 
Eqn. (40) become infinite when R/R, becomes equal to k, Smrru et al." 
found the limit of the above expression when R/R, tends to k. In this 
case the equation for C, becomes: 


Cs 


1 — ferfe (4V(R,/D)zx,) 

— 2k)? R, — 2k) 

exp [— k(1 — k)(R,/D)z,] erfe — 

(1 —k) V(R,/D)x, exp [— k(1 — k)(R,/D)z,] 


Va 
exp [— (k — 4)*(R,/D)z,] 
These equations are plotted in Fig. 11 in the form C,(x,)/C, = f( R,x,/D) 
for different values of the independent parameters k and R/R,. 
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(c) 


$x, 


Fig. 11. Transient solute distribution in the solid caused by a change 
in the rate of solidification obtained from Eqn. (40). (After SmItH 
et 
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TERMINAL TRANSIENT 


When the solid—liquid interface approaches the end of the specimen at 
a constant speed R, the solute represented by the area under the curve 
C, = f (distance) must appear in the last solid to form. A transient rise 
in concentration in the solid is thus produced. Smrru et al." used a 
very ingenious mathematical technique, which permitted them to 
obtain a solution for C,, the solute concentration in the last solid to 
freeze, as a function of x,, the distance from the end of the specimen that 


Fig. 12. Distribution of solute in terminal transient obtained from 
Eqn. (42). 2, represents the distance from end of specimen. (After 
SMITH et al.'*4)) 


solidified last. The actual computations performed by Smrru et al. are 
rather involved and will not be reproduced here. The final result is 
given by: 
(l+k(2+ hk)... (n+h) 


R 
exp(— 65m) +...(2n — 1) 


(42) 


If k < 1 this series diverges to infinity for x, = 0. For all other values 
of x, the series converges. A plot of C,(z,)/C, = f(Rxz,/D) for three 
values of & is given in Fig. 12. 

As was previously mentioned, one of the techniques frequently used 
in crystal growth, known as the CzocHRALSKI method,'’) involves a 
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constant rotation of the solidifying crystal with respect to the melt. 
This is equivalent to stirring the liquid during growth, which is likely 
to influence the solute distribution in the growing solid. 

Burton, Pri and Siicuter™) worked out a solution to the problem 
of solute distribution in the growing solid when there is partial mixing 
in the liquid due to causes other than diffusion. Their study refers 
specifically to the conditions prevailing in crystal growth by the 
CZOCHRALSKI method. The solution is obtained on the basis of the 
assumption that the mixing during growth by this method introduces 
primarily fluid motions of the laminar type encountered in uniform 
stirring, without turbulence. This type of mixing leads to the formation 
of a thin “‘boundary layer’’ of liquid, in contact with the solid, in which 
solute flow is controlled by diffusion only. Beyond that layer the fluid 
flow is assumed to maintain the concentration uniformly equal to C, 
(the initial concentration). If we used the same notation as before and 
call the thickness of the boundary layer 4, the steady-state solution for 
the concentration at the interface, found by BuRTON et al." is given as: 


(C, —C,/(C, —C,) = exp(— RJD). . (48) 


For small rates of growth the value of 6 can be found from the work 
of Cocnran,®® who calculated the fluid flow pattern produced by an 
infinite disk rotating on a semi-infinite liquid. Since the dimensions of 
the crucible and of the crystal are typically of the order of centimetres, 
whereas 4 is of the order of 10-* em, Cochran’s analysis was expected to 


give a reasonable approximation for the conditions prevailing in the 
melt. Within the above limitations, 4 is given by 


6 = 1-6Dirto-t 


where » is the kinematic viscosity of the liquid and @ is the angular 
velocity of the crystal. 

It can be seen from the above that for moderate rates of growth and 
angular velocities, the solute distribution in the crystal will follow a 
pattern similar to that obtained by TrLLer et al." and Smrru et al.” 
However, when there is partial stirring and the quantity of liquid is 
finite, the initial transient could be affected by a slower rate of impurity 
build-up ahead of the solid—liquid interface. Furthermore, the rise in 
concentration towards the end of the freezing process would begin to be 
felt sooner than in the case of no stirring. Fig. 13 shows the expected, 
qualitative distribution of solute along the growth axis of a crystal, for 
the three types of solidification described above, in systems where 
k<l. 

It must be emphasized that when k decreases, the length of the initial 
transient in curves } and c of Fig. 13 increases. It can be seen from 
Eqn. (26) that the ‘‘characteristic distance”’ of the exponential variation 


222 


a 
=. 
: 
‘ 
| 
= 
; 


SUBSTRUCTURES IN CRYSTALS GROWN FROM THE MELT 


of C,, that is the distance x from the beginning of the crystal at which 
C, reaches the value: 
C,=C, —C,(1 — be iy 


will be given by x = D/kR. If kis very small, say k = 10-*, R = 10-% 
em/sec and D = 10-° em?/sec, x will be 10 em, which is of the order of 
the length of usual crystals. The initial transient might thus extend 
over most of the crystal. Under such circumstances steady state may 
not be reached at all and the passage between the initial and terminal 
transients will be marked by an inflection point in the distribution 


Distance 
Fig. 13. Qualitative representation of solute distribution along the 
growth axis of a specimen: (a) complete mixing in the liquid; (b) no 
mixing in the liquid due to causes other than diffusion; (c) partial 
stirring in the liquid 


curve, rather than by a horizontal portion, characteristic of steady 
state. 

In the process of solute distribution during freezing, periodic or 
occasional composition fluctuations are often observed along the 
growth of a crystal.‘*’, *) These phenomena can be easily explained in 
terms of growth rate fluctuations, as was shown by TILLER et al." and 
Smit et al, 

The non-uniformity of solute distribution is, in itself, important in 
determining many physical properties of crystals, and, in addition, 
influences the occurrence of various substructures discussed in later 
sections. 

The elimination and redistribution of impurities by the zone melting 
method will not be discussed here. A detailed treatment of this subject 
is given elsewhere. 


ImMpuRITY SUBSTRUCTURES 


An important type of substructure formed during the growth of a 
crystal from the melt is connected with impurity segregation. This 
substructure was observed by but was 
the first one to recognize its connexion with impurities. 
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Rurtrer and Cuatmers™ carried out a systematic study of this sub- 
structure and explained qualitatively the mechanism of its formation. 
Quantitative details of the conditions necessary for the formation and 
existence of the substructure were subsequently worked out by Chalmers 
and his collaborators (Tiller, Jackson and Rutter) and were presented 
in the previous section. This theory was tested experimentally by 
several workers.‘*, 

Rutter and Chalmers carried out most of their experiments on tin of 
99-986 per cent purity. They used specimens of controlled orientation 
grown from the melt by the method described by Cuatmers. The 
solid—liquid interface was exposed by rapidly pouring the liquid out of 
the container at the desired stage of growth. The rate of solidification 
was varied from less than 1 mm/min to about 50 mm/min. 

The observed features of the solidified specimens are as follows: 

(1) For rates of growth in excess of about 1 mm/min the solid—liquid 
interface and the free, top surface of a crystal exhibit a fibrous structure. 
This structure manifests itself as parallel ridges (corrugations) on the 
free surface (Fig. 14) and as cells, roughly hexagonal in shape (Fig. 15) 
on the solid—liquid interface. The centre of each cell projects into the 
liquid with respect to the cell boundary. 

(2) Impurities with a distribution coefficient & less than 1 segregate 
to the cell boundaries. This was verified by adding small amounts of 
radioactive antimony to high-purity lead. 

(3) The cell diameter and corrugation spacing are of the order of 
0-05 mm. This size is decreased by an increase in growth rate and by 
an increase in impurity content. 

(4) When a sufficiently steep temperature gradient along the specimen 
axis is imposed, cells and corrugations are completely suppressed. 

(5) The bounding planes of the structure are randomly oriented with 
respect to the crystallographic axes of the specimen. 

(6) Small orientation differences, random in nature and up to a maxi- 
mum of approximately 15 min of arc, exist between the corrugations. 

(7) No large incubation period was observed for the initiation of the 
structure in an area into which it is not propagated. The maximum 
distance of incubation that could exist was of the order of 1 to 2 mm. 

(8) The direction of formation of the structure depends on the cry- 
stallographic orientation of the specimen and the speed of growth. At 
slow growth rates the structure tends to remain parallel to the growth 
direction. As the growth rate increases, the structure deviates from the 
growth direction and tends to approach a specific crystal direction, 
which is [110] in the case of tin. The direction of formation does not 
seem to be influenced by the temperature gradient present. 

(9) The structure has been observed in tin, lead, zinc, aluminium, 


nickel, silver and copper. 
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Fig. 14. Top, free surface of tin crystal 


showing corrugations. Magnification 


20 (After Rurrer and 


Fig. 15. Cellular structure on solid- 

liquid interface of tin crystal. Magni- 

fication 75 (After and 
CHALMERS 
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Fig. 18. VPox-like structure on interface. 
Magnification 140. (After Wanton ef 
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Fig. 1%. Effect of crystallographic orientation upon cell size and 
cell shape. Magnification SO. (After and Rurrer'*) 


a 
2 > 
ee 
i 


SUBSTRUCTURES IN CRYSTALS GROWN FROM THE MELT 


(10) The impurities segregated into the corrugation boundaries can 
be diffused through the crystal by a prolonged homogenization anneal 
at elevated temperature. 

The above observations were explained as follows. When a zone of 
constitutional supercooling is formed ahead of the solid—liquid interface, 
a smooth interface ceases to be stable. Any projection of the interface 
into the liquid, formed by chance fluctuation, will be growing into a 
region of the liquid which is supercooled with respect to a solid of 
lower concentration than the average interface concentration, and will 


C, in front of point A 
quid 


Concentration 


C, in front of point B 


c 
2 


Fig. 16. Advancing solid—liquid interface with a projection 


thus be able to survive. Such a projection will reject solute into the 
liquid and will produce a solute distribution, ahead of its tip, similar to 
that prevailing at other points of the interface (see Fig. 16). This 
situation will lead to the establishment of a concentration gradient 
between the tip of the projection and the regions near its base. Solute 
will now flow away from the tip (higher concentration) in a direction 
parallel to the interface, as well as into the body of the liquid. The tip 
(point B in Fig. 16) will thus find itself in a region of lower concentration 
and will be able to grow at the higher temperature prevailing in that 
region. At the same time the concentration near the base of the pro- 
jection will increase and the melting temperature in this region will 
decrease. As a result of the difference in concentration ahead of points 
B and A, both can grow at the same rate, even though the temperature 
at B is higher than at A. Therefore, once a projection forms it will 
become a stable feature of the interface. 

The length of the projection is limited by the fact that it grows in a 
direction of increasing temperature. The projection cannot extend 
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beyond the plane defined by the equilibrium melting temperature of 
the pure solvent. A further limitation on the length of the projection 
is imposed by the rate at which solute can diffuse away from the 
growing tip. 

The lowering of the melting temperature at the base will, likewise, 
be controlled by diffusion of the solute into the main body of the liquid. 
Growth of the projection in a direction parallel to the interface is 
hindered by the accompanying solute accumulation. In this case there 
seems to be no possibility of solute diffusion of the kind that can take 
place at the tip of the projection. 

It should also be pointed out that since the tip of a projection is at a 
higher temperature than both the solid and the liquid at its base, local, 
lateral heat flow may arise. This heat flow would facilitate the removal 
of latent heat from the tip and further stabilize the projection. 

At some distance from an existing projection, conditions at the 
interface will be practically unaffected by the presence of the projection. 
Such a projection will, therefore, have a circle of influence on the inter- 
face, the size of which is determined by the rate of solute diffusion in 
the liquid and by the thermal diffusivities of the solid and liquid. 
Beyond this circle the conditions which gave rise to the stable projec- 
tion still prevail. Therefore a number of projections, each with its own 
“circle of influence,” will form on an initially smooth interface, when- 
ever the unstable, constitutionally supercooled zone of liquid is 
established during freezing. 

It can be rationalized that after an initial period of random formation 
of projections, their circles of influence will begin to overlap. When this 
occurs, the projections will tend to adjust themselves to make the 
circles of influence fit together in a close-packed, hexagonal array. 
This results in the formation of the hexagonal cell pattern observed on 
decanted interfaces. No successful attempt has been made to calculate 
theoretically the size of the hexagonal cells. 

As long as growth conditions remain unchanged and constitutional 
supercooling persists, a cellular interface will be a stable feature of the 
growth process. The occurrence of cells tends to decrease the instability 
due to constitutional supercooling ahead of the interface, but cannot 
eliminate it; cells merely provide a more efficient way of distributing 
the solute, while reducing the unstable (constitutionally supercooled) 
zone, both in extent and in the amount of supercooling. 

A direct consequence of the solute segregation to the base of the 
projection is the rise in concentration at the hexagonal cell boundaries. 
Since cells can be maintained as a steady-state feature of the growing 
interface, their walls will extend into the solid as solidification proceeds. 
The observed pattern of solute-rich lines on the free surfaces of the 
resulting crystal, having the same spacing as the cell diameter, can thus 
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be seen to arise from the solute distribution at the interface, as discussed 
before. 

The above considerations are confined to the case of a distribution 
coefficient k < 1. The same reasoning can be extended to the case of 
k > 1. In either case the constituent rejected at the interface (solute 
for k < 1 and solvent for k > 1) diffuses laterally from a projection tip 


no cells 


10 15 20 
G/p °C, sec/cm? x 10? 
Fig. 17. Linear dependence between G/R and C, for producing 
cellular growth. (After WALTON et al.')) 


and accumulates in the spaces between projections. For k > 1 the 
cell boundaries will thus be depleted of solute and the cell cores enriched. 

The quantitative aspects of the theory of cell formation were experi- 
mentally verified by several workers.“!, #) Warton, TILLER, RUTTER 
and Wrnecarp"” studied the transition from a smooth to a cellular 
interface of zone-purified tin containing known additions of lead. This 
study confirmed the theoretical predictions, expressed in Eqn. (18), 
concerning the linear dependence of G/R on C, as the critical condition 
for cellular growth (see Fig. 17). These workers also found that when 
the critical conditions are approached, the interface begins to break 
down into a pox-like structure shown in Fig. 18 (facing page 225). This 
structure seems to be the first manifestation of an attempt made by 
the interface to redistribute solute laterally. 

These authors also suggested using the dependence of the transition 
from a smooth to a cellular interface on the initial concentration in 


227 


: 
: 
0-015 
. Co 
0-005 a cells 
& pox 
° 
° 


PROGRESS IN METAL PHYSICS 


solute, Cy, to evaluate the purity of any material. As can be seen in 
Fig. 17, for every value of C, there is a definite value of the ratio G/R, 
which must be exceeded before the cellular structure can be eliminated. 
If, for any system, the curve shown in Fig. 17 is known, or can be 
evaluated, it is possible to measure the composition of a binary alloy by 
determining experimentally the value of G/R for which the smooth 
solid—liquid interface becomes unstable. Furthermore, if Eqn. (18) is 
quantitatively correct, the curve of Fig. 17 can be constructed for any 
values of D, k and m. Conversely, if the curve is known from experi- 
ments, the diffusion coefficient of the solute in the melt, D, can be 
evaluated. 

TILLER and Rutrer® investigated the solidification of zone-refined 
lead with known additions of tin, silver and gold. These authors found 
that, for the same initial concentration Cy, the transition from a smooth 
to a cellular interface exhibits a slight dependence on the crystallo- 
graphic orientation of the interface, but did not study this dependence 
quantitatively. By varying R and G independently they showed that 
for a given crystallographic orientation, the transition depends on the 
ratio of G/R only, and not on the actual value of either one of these 
growth variables. They also found that the size and regularity of the 
cells depended on the crystallographic orientation of the interface. 
Fig. 19 shows these differences on a solid—liquid interface of three 
neighbouring crystals of a tricrystal. The largest cells occur on high 
index interfaces. In lead, the smallest and most regular cells occur 
on interfaces in the {001} orientation. This suggests that in quantitative 
evaluations of purity, based on the transition from smooth to cellular 
interfaces, all experiments should be confined to specimens of the same 
crystallographic orientation (Fig. 19 faces p. 225). 

The effect of growth conditions on the size of the cellular structure 
was also investigated. Fig. 20 shows the variation of cell size as a 
function of 1/RG for a lead interface of nearly {001} orientation and a 
tin content of 0-15 per cent. It was also observed, qualitatively, that 
the cell size tended to increase as the concentration C, increased. 

When G/R approaches values characteristic of the transition from a 
smooth to a cellular interface, a pronounced crystallographic depen- 
dence of the cell shape becomes apparent. Under such growth condi- 
tions, the cells appear to be elongated in a direction parallel to the 
trace of a {111} plane on the interface. 

Even more pronounced crystallographic effects on the shape of the 
cellular structure are found in c.p.h. metals. Studies by Hume“ and 
by Damiano and Herman indicate qualitatively that in zine the 
cells are always elongated in a direction parallel to the basal plane. 

The growth features arising in co-valent crystals with the diamond 
cubic structure, as a consequence of small amounts of supercooling, either 
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thermal or constitutional, are known to be somewhat different from 
those encountered in metals. Prominent, among others, is the frequent 
occurrence of growth twins. 

The solidification of high-purity germanium and germanium with 
small additions of gallium and antimony was studied by BoL.ine, 


Cell width (a) cms. —= 
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— ( as) sec/*c. —— 


Fig. 20. Variation of cell size as a function of growth conditions. 
(After TILLER and Rutrer‘*?)) 


TiLLeR and Rurrer.“’ These authors grew germanium crystals of 
controlled orientation in a horizontal graphite container, using the 
method described by CuaLmMers.* They studied the configuration of 
the solid—liquid interface for various growth conditions and solute 
contents. The interface was exposed by separating the solid from the 
liquid, using the decanting technique of ELBaum and 
Bo ine et al.“ showed that germanium exhibits a strong tendency 
to grow with a <h, h — 1, l> direction, parallel to the direction of heat 
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flow. This is equivalent to saying that the {h, h — 1, 1} type plane has 
a tendency to be tangential to the isothermal surface (the solid—liquid 
interface). Since the {h, h — 1, 1} plane is perpendicular to a {111} type 
plane, this conclusion supports the findings of Brite”) who showed 
that germanium crystals attempt to grow with one of their {111} planes 
alined as closely as possible with the maximum temperature gradient. 

The above findings constituted the basis of the explanation for the 
frequent occurrence of growth twins in germanium. When a crystal is 
solidified under conditions such that lateral heat flow takes place, the 
isotherms become curved. Let us consider the situation shown in 
Fig. 21. The interface is at A A’, which is parallel to a fh, h — 1, 1} 
plane. The isotherm at the melting point is represented by B B’ B’. 
Since the interface tends to remain parallel to the {h, h — /, 1} plane, a 
small zone of supercooled liquid arises near the edges AB and A’ B’. 


Fig. 21. Schematic representation of relative positions of interface 
(A A’) and isotherm in the liquid (B B” B) 


This instability can be eliminated if the interface adopts the shape of 
the isotherm, which it does by forming growth twins. The face of the 
twin can be of the {h, h — 1, 1} type, but at an angle to the A A’ plane, 
thus allowing the interface to approximate to the shape of the isotherm. 
The same mechanism can operate repeatedly to stabilize interfaces of 
any crystallographic orientation. It is thus seen that a single crystal, 
not containing growth twins, can be grown in any desired orientation 
only if the critical supercooling for the nucleation of a twin is avoided 
by achieving the appropriate heat flow pattern in the liquid. 

Bo.iine et al.“ also suggested, on the basis of their observations, 
that the interfacial energy between solid and liquid germanium is 
higher than that for metals and is strongly dependent on orientation. 
The solidification features found in slightly impure germanium are 
explained on the basis of this observation. 

BoLiine et al.“ grew germanium crystals with the [321] direction 
parallel to the growth axis and containing from 0-014 to 0-75 atomic 
per cent gallium. These crystals were grown under thermal conditions 
such that no growth twins would appear in pure germanium. Intern- 
ally bounded twins were observed when the gallium content was in 
excess of 0-043 atomic per cent. The density of twins increased with 
increasing gallium content. No cellular structure was observed for 
growth conditions and solute concentrations that would give rise to 
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cells in metals. Only a pox-like structure, similar to that observed by 
WALTON et al.,“") was seen on the interface, as shown in Fig. 22. For 
gallium contents of about 0-2 atomic per cent, the interface begins to 
exhibit a pyramidal-type cell structure as shown in Fig. 23. No 
quantitative study of the relation between solute content and growth 
conditions for the transition from a smooth to a cellular interface was 
reported. 

From the theoretical predictions outlined in the previous section, 
for the growth conditions used by Bolling, a zone of constitutional 
supercooling would be expected to arise ahead of the germanium inter- 
face for gallium additions of the order of 0-01 atomic per cent. Since 
the cellular structure does not develop for initial gallium concentrations 
of less than about 0-2 atomic per cent, it is believed that projections do 
not form easily on the interface. This may be due either to a difference 
between the growth mechanism of most metals and germanium, or to a 
prohibitively large increase in the interfacial energy accompanying the 
formation of projections; the two statements may, of course, be 
equivalent. 

Slight constitutional supercooling seems to lead to the formation of 
growth twins, rather than the cellular structure. BoLurne et al.‘ 
assume that when the supercooling (either thermal or, in this case, 
constitutional) is sufficiently large, the instability is sufficient to allow 
the nucleation of even less favourably oriented twins. Since constitu- 
tional supercooling is essentially uniform over the entire interface, 
twins could occur at any point away from the edges of the crystal and 
remain internally bounded, as was observed experimentally. 

Increasing amounts of gallium or antimony seem to lead to a decrease 
in the solid-liquid interfacial energy, and conditions similar to those 
encountered in metals begin to prevail. Indeed, when the concentration 
in alloying elements is sufficiently high, a cellular structure develops. 

It should be pointed out that germanium crystals with slightly 
curved solid—liquid interfaces, and without growth twins, can be grown 
by the Czochralski method. It seems, therefore, that considerable 
curving of the isothermal surface must take place before twinning 
occurs for the reasons outlined above. It should also be emphasized 
that in the study carried out by BoLiine et al.“ the crystals were 
grown in a horizontal graphite container. The influence of the container, 
although unknown, could be significant in determining some of the 
features observed. 

Tue Oriers or DisLocaTions IN CRYSTALS 
GROWN FROM THE MELT 
As was mentioned above, sub-boundaries between neighbouring parts 
of a single crystal which are slightly misoriented with respect to each 
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other can be accounted for in terms of dislocation networks. The fol- 
lowing sections will be devoted to a discussion of lineage type sub- 
structures which consist of such misoriented regions. Before these 
substructures are described, the origin of dislocations in crystals grown 
from the melt will be considered. 

Five distinct mechanisms for the formation of dislocations in crystals 
grown from the melt have been proposed. These mechanisms will be 
enumerated and subsequently discussed in detail. They are as follows: 


(1) propagation of dislocations from a seed crystal into the growing 
crystal ; 

(2) the mechanism of collapsing vacancy disks; 

(3) shear strains arising from either thermal strains or externally 
imposed mechanical constraints ; 

(4) shear strains arising from abrupt changes in composition 
accompanied by changes in lattice parameter; 

(5) dendritic growth. 


(1) Whenever a seed crystal contains dislocations which intersect the 
solid—liquid interface of a growing specimen, these dislocations will 
propagate into the newly forming solid. This is a consequence of the fact 
that dislocations can only terminate at a free surface or in other dis- 
locations of different directions. If, however, no new dislocations were 
formed, the dislocation density would tend to decrease as the length 
of the crystal increases, because whenever a dislocation line is not 


extending in a direction parallel to the growth axis, it is bound to reach 
a free surface of the crystal, provided the specimen grows to a sufficient 
length. Some of the dislocations that propagate in a direction parallel 
to the growth axis will also be eliminated by mutual annihilation of 
dislocations with Burgers vectors of opposite signs. 

It is thus possible, in principle, to grow dislocation-free crystals, if 
the formation of new dislocations, during and after growth, can be 
prevented. In practice, Dasn“*’ succeeded in producing dislocation- 
free single crystals of silicon, using the above principles. 

In metals and ionic crystals no successful attempt to grow dislocation- 
free crystals from the melt has yet been reported. It seems that, with 
the exception of silicon, and perhaps other co-valent crystals with the 
diamond cubic structure, it is at present impossible to prevent the 
generation of new dislocations during and, or after, growth. 

(2) The usual methods of crystal growth from the melt involve the 
existence of a temperature gradient in the solid. The solid in contact 
with the melt is essentially at the melting point and the temperature 
decreases from the interface back into the solid; the temperature 
gradient is usually parallel to the specimen axis. Since the concentra- 
tion of vacancies in the solid is a function of temperature, and is highest 
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Fig. 22. Pox-like structure and internally bounded twins on solid 
liquid interface of a germanium crystal after a small addition of gallium 
to the melt. Magnification 300. (After BOLLING ef al.) 


Fig. 23. Pyramidal cells occurring on the solid—liquid interface of a 
1 


germanium crystal after an addition of about 0-2 atomic per cent 
gallium to the melt. Magnification 150. (After BOLLING ef al.) 
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at the melting point, there will be an excess of vacancies behind the 
solid—liquid interface. In order to maintain the equilibrium number of 
vacancies in the solid, when the temperature drops, the excess number 
of vacancies has to be eliminated. Several mechanisms of vacancy 
elimination have been proposed. Nasarro“®) suggested that the 
excess vacancies can be eliminated by the migration to and escape from 
the surfaces of the crystal. The distance over which vacancies will 
migrate in a given time, at a given temperature, can be estimated if 
the diffusion coefficient for vacancy migration in various solids is 
known. Frank) pointed out that this diffusion coefficient, at the 
melting point, is about 10-* cm?/sec, or less, for most solids. For usual 
values of the temperature gradient and growth rates encountered in 
crystal growth, the time during which the solid remains at temperatures 
near the melting point is of the order of 10? sec. An approximate value 
of the distance of vacancy migration in a given time can be obtained 
from: 


where x is distance, D, is the diffusion coefficient for vacancy migration 
and ¢ is time. Substituting the values quoted above, D, = 10-* 
em?/sec and ¢ = sec, gives x ~10-%cm. Since D, decreases 
exponentially with decreasing temperature, the distances over which 
vacancies can migrate become negligible compared to the usual crystal 
size as soon as the temperature drops appreciably below the melting 
point. It is thus clear that the mechanism suggested by Nabarro is not 
adequate for eliminating the excess vacancies from crystals many 
millimetres thick. 

Le CLarrE®” pointed out that there is also a thermal diffusion drift 
of vacancies in a temperature gradient. The drift velocity is given by 


DQ’ 


RT? \ dx 


(47) 


where Q’ is the so-called heat of transport, a quantity approximately 
equal to Q the activation energy for vacancy diffusion, and R is the gas 
constant. The other symbols are as previously defined. If we assume a 
temperature gradient d7'/dz of 10°/em, a melting point of 1000°K, an 
activation energy for vacancy diffusion Q = 20,000 cal/mole and, as 
before, a diffusion coefficient D, = 10~* cm?/sec, this velocity will be 
1 x 10-7 cm/sec. 

This is again a negligible rate compared to usual crystal growth 
velocities in laboratory practice, which are of the order of 10~-* cm/sec. 

A more suitable mechanism was suggested by Frank”) and Serrz.* 
These authors suggested that when the temperature falls below the 
melting point, the excess vacancies can precipitate into aggregates, or 
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cavities. Frank and Crussarp indicated that the most stable 
form for such an aggregate is in the shape of a flat disk. Once such a 
disk is nucleated, it would act as a sink for other vacancies. As the 
temperature drops it would grow in size by the addition of more 
vacancies. When the disk reaches a certain critical size it collapses with 
the resulting formation of a ring of dislocations, which can further grow 
by dislocation climb: 5” due to edgewise addition of vacancies. 
These rings can lie in various planes. The ones that lie in planes at 
a large angle to the growth direction will eventually cease expanding. 
This will happen when the temperature in their vicinity will drop to a 
value at which vacancies will no longer be able to reach them, because of 
reduced mobility. However, the rings that lie in planes parallel (or 
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Fig. 24. Formation of a vacant lattice site at the solid—liquid 
interface. (After CHALMERS’) 


nearly so) to the growth direction will be able to grow along the crystal, 
following up the solid—liquid interface. This mechanism will lead to the 
formation of dislocation loops elongated in a direction parallel (or 
nearly so) to the growth direction. The long sides of such a loop can 
thus propagate in the solid in the form of two edge dislocations. 

The above considerations were further extended by CHaLMErs‘”) 
who proposed the following additional mechanism. Let Fig. 24 re- 
present a section through a growing crystal and X a lattice site on the 
solid—liquid interface. This site may be filled either by an atom from 
the liquid or by an atom from the next layer of solid. If the latter 
occurs, a vacancy will be formed at the site A. This vacancy may 
escape to the interface but is also likely to remain in the solid. The 
probability of a vacancy being formed by this mechanism at any atomic 
site will be of the order of: 


exp[— (Qp — Qp)/RT) 


where Q, is the activation energy for motion of a vacancy, Q, the 
activation energy for freezing, R the gas constant and 7' the absolute 
temperature (for a detailed definition of Q, see reference 25). Thus, if 
the interface is stationary and Q, —Q, < U (a condition which is 
usually satisfied) where U is the activation energy for the formation of a 
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vacancy, the number of vacancies at the interface should be greater 
than that corresponding to the concentration at the melting point in 
the solid at equilibrium. If the interface is advancing (freezing takes 
place) more vacancies will be trapped behind the interface, because the 
rate at which they can migrate to the interface will be decreased by the 
forward rate of advance of the interface. Chalmers further proposes 
that vacancies formed by the above mechanism can cluster into “half 
disks’’ bounded on one side by the interface. The “half disk’’ can also 
collapse and form a “half loop” of dislocations, as shown in Fig. 25. 
As the interface advances the two ends of the half loop will continue to 
extend as two edge dislocations, which will be left in the solid behind the 
interface. 

(3) When an unconstrained crystal is subjected to an axial tempera- 
ture gradient of constant magnitude, the isothermal surfaces in the 


Fig. 25. The formation of a dislocation “half loop” 


crystal will be portions of concentric spheres. In this case, if second- 
order displacements in the lattice are neglected, the thermal expansion 
will not produce any shear strain in the crystal. For example, a cubic 
unit cell will remain essentially cubic at any point of the crystal. 

When the temperature gradient in a crystal is not uniform, which is 
generally the case during and after crystal growth, the isothermal 
surfaces will no longer be portions of concentric spheres. Under such 
circumstances shear strains are introduced into the lattice due to 
different amounts of thermal expansion in neighbouring parts of the 
crystal. The displacement of a point in the lattice can now be considered 
as consisting of two parts. One part is a shift due to thermal expansion, 
the other is the so-called ‘‘thermal strain.””’ The thermal strain can 
be explained as follows. Generally (except for the case specified above) 
when neighbouring parts of a crystal expand by different amounts due 
to a non-uniform temperature distribution, discontinuities would be 
produced in the lattice. However, the different expansions in different 
parts of the crystal must remain compatible with each other if the 
lattice is to remain continuous. They must, therefore, be supplemented 
by an additional strain to assure this compatibility. This additional 
strain is the “thermal strain.”’ 
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When the thermal strain is very small, it may be entirely elastic and 
will thus introduce no permanent shift of atoms. Beyond a certain 
critical value, which varies with the type of material and the tempera- 
ture, the thermal strain cannot remain elastic and will be relieved by 
plastic flow with the generation of new dislocations. Furthermore, if 
plastic deformation takes place to accommodate non-uniform thermal 
expansion of a crystal, the reverse process will take place when the 
crystal is brought back to a uniform temperature, say room temper- 
ature. Plastic flow will again take place and more dislocations will be 
generated. In general, however, the proportion of residual elastic strain 
will be larger at room temperature than at elevated temperatures 
because the stress necessary to produce a dislocation increases as the 
temperature decreases. This is particularly significant in crystals of 
silicon and germanium, which are not known to flow plastically below 
about 900°C and 400°C respectively. 

The above considerations indicate that, in general, the magnitude 
of thermal strains arising during crystal growth may be expected to 
increase as the melting temperature and thermal expansion of a material 
increase and its thermal conductivity decreases. 

Several studies of the effect of thermal strain on the formation of 
dislocations have been carried out on silicon and germanium *, 5, ©, 
All these investigations confirm the hypothesis that thermal strains can 
generate dislocations and indicate that the dislocation density in a 
crystal can be increased anywhere from zero to a factor of 10° depending 
on how non-uniform the temperature distribution is. 

Brite? found that in silicon and germanium crystals grown by the 
Czochralski method, the dislocation density can be increased by in- 
creasing the temperature gradients in the crystals during growth. 
Wacner™? found that during growth of germanium crystals by the 
Czochralski method it is difficult to produce sufficiently non-uniform 
temperature gradients to generate additional dislocations. However, 
fast cooling of the crystal, by withdrawing it rapidly from contact with 
the melt into a cooler part of the growth apparatus, leads to an increase 
of the dislocation density by a factor of about 10°. Since rapid cooling 
means introducing high, and usually non-uniform, temperature gra- 
dients in the crystal, this study also establishes that dislocations can be 
generated by thermal strains of appropriate magnitude. 

The results obtained by Wagner are not in quantitative agreement 
with Billig’s findings. It is likely that in Wagner's experiments each 
crystal was grown with an approximately constant, and predominantly 
axial, temperature gradient. Only the magnitude of the temperature 
gradient might have been changed for growing different crystals. In 
Billig’s experiments both the magnitude and distribution of temperature 
gradients might have been drastically varied for growing different 
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crystals. The discrepancy in the results of the two investigations 
could thus be accounted for in terms of differences in temperature 
gradient distribution. 

In metals, the stresses necessary to produce plastic flow are usually 
much lower than in silicon and germanium. It may, therefore, be 
expected that the dislocation density produced by thermal strains in 
metal crystals will be even higher than in silicon and germanium. This 
problem has not yet been investigated experimentally. 

When a crystal is solidified in a container, as is the normal practice 
in the Bripeman™ and CHatmers®®*) methods, differences in the 
thermal expansion coefficients of the crystal and container can lead to 
very high stresses on cooling. Such stresses can produce plastic flow in 
the crystal and thus increase the dislocation density. 

(4) The generation of dislocations to relieve shear strains introduced 
in a crystal by the presence of impurities has been suspected for many 
years. Goss, Benson and Prann‘“*” recently reported experimental 
observations of dislocation arrays occurring in regions of abrupt con- 
centration change in germanium-alloy single crystals grown from the 
melt. Fig. 26 shows this phenomenon on a section of a germanium-6 
atomic per cent silicon single crystal, taken on a plane perpendicular 
to the solid—liquid interface. The surface was prepared by polishing and 
etching with a solution that reveals dislocations in germanium as etch 
pits, as well as concentration fluctuations because the etching rate 
varies with composition. In Fig. 26 the horizontal lines are regions of 
high silicon content and are parallel to the solid—liquid interface. Rows 
of pits appear along some of these lines; the rows tend to appear in 
pairs, which can be attributed to a rise followed by a fall in silicon 
concentration. The absence of pits along most of the lines is attributed 
to the ability of the lattice to sustain a certain amount of elastic strain. 
Dislocations would, thus, not be formed unless a certain critical strain 
is exceeded. 

Goss et al.“ also attempted to evaluate the density of dislocations 
forming for a given abrupt change in concentration, on the assumption 
that all the macroscopic elastic strain is relieved by forming disloca- 
tions. This density would be given by the total amount of shear across 
a lattice plane, introduced by the presence of solute atoms, divided by 
the Burgers vector of the dislocations. This can be expressed as: 


da,\ 1 
dc 


AC (49) 


ab 
where 6 is the dislocation density, AC is the abrupt change in concen- 
tration, da,/dC is the change in lattice parameter per unit change in 
concentration, a, is the lattice parameter and 6 is the Burgers vector. 
Assuming AC to be 0-1 atomic per cent silicon and substituting the 
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appropriate values for the other terms in Eqn. (49), Goss et al. obtain a 
density of about 1200 dislocations per cm, which they compare with 
a density of about 1400 dislocations per cm found in some of the arrays. 
This agreement, however, is not conclusive, because the calculations 
are based on the assumption that all the elastic strains are relieved by 
forming dislocations. The absence of pits along most of the concentration 
change lines in Fig. 26 suggests that this assumption is not justified. 

TrtLeR® also attempted to make a quantitative estimate of dis- 
location densities arising from a specific pattern of concentration changes 
in a growing solid. His calculations are based on the same assumptions 
as those of Goss et al. and are subject to the same objections. 

In spite of the lack of an adequate, quantitative estimate, no doubt 
seems left that abrupt changes in concentration can produce shear 
strains of a sufficient magnitude to generate dislocations. Under some 
circumstances this mechanism can probably contribute an important 
portion of the total dislocation content in a crystal grown from the melt. 
In particular, the slight misorientations found between corrugations, 
discussed in the previous section, could be due to arrays of dislocations 
generated at composition changes occurring at the corrugation walls. 

(5) Crystals solidify dendritically under growth conditions outlined 
earlier. When a dendrite tip grows into a liquid which is either thermally 
or constitutionally supercooled, it can acquire a slight misorientation 
relative to neighbouring dendrites. Among other possible causes, such 
misorientations can arise due to mechanical bending of the thin tips by 
convection currents or perhaps by mechanical vibrations. No specific 
mechanism for producing the misorientations seems to be known. 
When these misorientations occur, dislocations of edge, screw, or mixed 
type will be formed to accommodate the misfit arising at the common 
surface, when the liquid between dendrites has solidified and neigh- 
bouring dendrites come into contact with each other. 

Several authors suggested this mechanism for producing disloca- 
tions.'*.® A specific occurrence of this mechanism was recently 
reported by Forty and Grsson.'*’ These authors studied dendritic 
growth from the melt of sodium chloride, potassium chloride and mix- 
tures of these salts. Fig. 27 shows a typical appearance of interlocking 
dendrites in a mixture of the two salts. A large number of rectangular 
pits appears along the surfaces of contact between neighbouring 
dendrites. Fig. 28 shows the same phenomenon at a higher magnifica- 
tion. The formation of the pits is attributed to an etching effect 
occurring when the specimens are exposed to moist air after growth, 
and are thought to arise at the points where dislocations intersect the 
surface. The rows of pits are thus thought to represent rows of disloca- 
tions, which constitute sub-boundaries. The exact nature of these 
sub-boundaries was not studied. 
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An important aspect of dislocations being generated during dendritic 
freezing arises in connexion with the growth of a solid nucleus in a 
supercooled liquid. When a liquid is not in contact with its own solid, 
a certain critical amount of supercooling is necessary before a nucleus 
can form.) This means that the nucleus is surrounded by a super- 
cooled liquid and will, therefore, solidify dendritically. This may, in 
turn, lead to the generation of dislocations as described above. It thus 
appears that the occurrence of dislocations is probably inherent in the 
formation of the first solid to appear. A dislocation-free crystal can 
thus be produced only if the subsequent formation of dislocations is 
prevented and the existing dislocations can gradually be eliminated. 


Tue Distocation Density CRYSTALS 


The dislocation density in crystals can be estimated from x-ray diffrac- 
tion and metallographic data.‘ For metal crystals grown from the 
melt these estimates range from about 10* lines/em? up to 10° lines/em?. 
In ionic crystals the values range from 10* lines/em? to 10° lines/em?*. 
As was mentioned before, essentially dislocation-free silicon and 
germanium crystals can be grown from the melt. 

A substantial fraction of the dislocations found in a crystal are 
usually contained in sub-boundaries of lineage type substructures 
discussed in the next section. 


LINEAGE STRUCTURES 


In crystals grown from the melt, a substructure frequently occurs, 
which closely approximates to the lineage structure proposed by 
Buercer.”” This structure was observed in many metals and other 
crystals, and was studied in detail by TeGuTsoontIaNn and CHALMERS. °) 
These authors named the structure “‘striations’’ and were the first ones 
to propose a mechanism for its formation. 

In order to discuss the interpretation of the occurrence of striations 
given by Teghtsoonian and Chalmers, their experimental findings will 
be briefly described. Teghtsoonian and Chalmers carried out their 
investigation on tin (99-987 per cent pure) single crystals of controlled 
orientation. Their observations can be summarized as follows. 

(1) Striations consist of portions of a crystal in the shape of elongated 
rods, separated by sub-boundaries. They are of approximately square 
cross-section, about 1 mm in width. 

(2) The difference of orientation between neighbouring striations is 
always a rotation of about } to 5° about an axis approximately parallel 
to the specimen axis. 

(3) At low rates of growth the striations tend to form in a direction 
parallel to the direction of heat flow, regardless of the crystallographic 
orientation of the crystal. At high rates of growth the striations tend 
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to approach the [110] direction in tin crystals. In general the direction 
of the striations is always between a well-specified crystallographic 
direction—{110] in the case of tin—and the direction of heat flow, 
unless the two coincide. 

(4) In a given crystal the sum of all rotations of the lattice in one 
sense, in going from one striation to the next, is very nearly equal to 
the sum of all the rotations in the opposite sense. 

(5) The widths of the striations vary for a given rate of growth, but 
on the average the width increases as the rate of growth decreases. The 
actual values go from approximately | mm for a rate of growth of 
1 mm/min to approximately 0-25 mm for a rate of 10 mm/min. 


r Tilt 


Fig. 29. Schematic representation of striation cross-section. (After 
TEGHTSOONIAN and CHALMERS") 


(6) In the same way the average orientation difference between 


neighbouring striations also increases as the rate of growth decreases. 

(7) Striations are thermally stable. This stability was tested by 
annealing the striated crystals for 120 hours and 240 hours at 227°C 
(the melting point of tin is 232°C). This treatment did not lead to any 
change in the position or misorientation of the striation boundaries 
detectable by means of Laue back-reflection x-ray photographs and by 
visual examination. 

(8) When new striations form, they require an incubation period 
which is greater for slowly grown crystals than for rapidly grown 
crystals. For example, in crystals grown at rates of 2-5 mm/min and 
7 mm/min, the incubation distances were about 30mm and 10mm 
respectively. 

(9) The misorientation of a pair of incubated striations increases 
from zero to a constant value over a distance of the order of 10 mm. 

(10) Lower rates of growth result in a more rapid increase of the 
difference of orientation between a pair of incubated striations than 
higher rates of growth. 

Fig. 29 shows a schematic representation of the cross-section of a 
striated crystal. Fig. 30 shows striations on the top surface of a single 
crystal of tin grown from the melt. The seed crystal was attached to 
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Fig. 26. Lines showing composition fluctuations 

in a germanium—6 atomic per cent silicon single 

crystal. Dislocation etch-pit arrays appear along 

some of these lines; growth direction vertical. 
(After Goss eft al.'*!)) 


(Figs. 27 and 28 appear overleaf) 


Fig. 30. Striations on the top surface of a tin single crystal grown from the 
melt. (After TEGHTSOONIAN and CHALMERS'?®’) 
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Fig. 27. The general appearance of dendritically solidi- 
fied melt. Magnification (After Forty and 
'*)) 


Fig. 28. Rectangular pits appearing along bound- 


aries between dendrites of sodium chloride. Magni- 
150. (After Forty and Gipson) 
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the upper right part of the specimen. The striations could not, there- 
fore, propagate from the seed into the lower right end of the specimen 
and a striation free length, corresponding to the incubation distance, 
can be seen in this part. 

The interpretation of the above results given by the authors, is 
based on the previously outlined theory that dislocations can be 
generated, among other mechanisms, by collapsing vacancy disks. At 
the relatively high temperatures prevailing behind the interface, where 
these dislocations are formed, the dislocation mobility would be fairly 
high. As pointed out by CoTrre.i®) these dislocations would have a 
tendency to assemble into arrays of dislocations of the same sign, each 
dislocation lying in a different plane. This arrangement would result 
in the formation of low-angle sub-boundaries, as observed. Since each 
collapsing disk of vacancies gives rise to a pair of dislocations of opposite 
sign, one would expect equal numbers of arrays of opposite sign which 
would give equal rotations of the striations in opposite directions. 

For a particular value of the temperature gradient in the crystal, 
the time during which dislocation mobility is sufficient to permit the 
formation of dislocation arrays will decrease with increasing rates of 
growth. The spacing between dislocation arrays, and hence the width 
of striations, would, therefore, also be expected to decrease with 
increasing rates of growth, as was experimentally observed. 

Teghtsoonian and Chalmers also calculated the order of magnitude 
of the number of dislocation lines contained in striation sub-boundaries. 


These calculations were based on the simple assumption that the 
orientation difference, across an array of dislocations constituting a 


boundary, is given by: ~ 
where @ is the angle of misorientation, } is the Burgers vector of the 
dislocations and h/ is the spacing between dislocations in the array. 
The number, per square centimetre of crystal cross-section, was found 
to be of the order of 10’ dislocation lines/em*. If the total dislocation 
density in these crystals were estimated to be 108 lines/em*, about 0-1 
of all the dislocations in a crystal would be contained in the striation 
sub-boundaries. and in a more detailed study 
of dislocation densities in crystals, found that a similar fraction of the 
total dislocation density was contained in striation type sub-boundaries. 
Frank" has further developed the above concepts. He pointed out 
that a system of dislocation loops of the form previously discussed is 
equivalent to removing from every plane of the crystal a narrow 
rhombus of lattice sites, as shown schematically in Fig. 3l(a). Frank 
also suggested that the general form of the arrangement of systems of 
loops that will not introduce excessive stresses should be as indicated 
in Fig. 31(6). The removal of the rhombic prisms of material will 
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rotate alternate regions between them in opposite directions about the 
growth axis. 

This mechanism would lead to angles of rotation equal to the fraction 
of removed lattice sites. However, the observed values of misorienta- 
tion increase progressively along a short distance of the crystal until a 


Fig. 31. Effects of a system of dislocation loops in a crystal; (a) 

rhombus of lattice sites removed from a crystal plane; (b) lattice 

rotations expected to result from systems of dislocation loops. (After 
FRANK'*?) 


constant value, much higher than the fraction of missing lattice sites, 
is reached. To explain this phenomenon, Frank suggests that the loops 
are attracted to the solid—liquid interface, so that when there are just 
enough of them to remove the necessary number of vacancies, the 
configurations will not persist, but the leading loops will grow ahead 
and reach the interface, as shown in Fig. 32 (a) and (6). As soon as this 
happens the loops cease to be effective in removing vacancies by 
lengthening; instead they will be driven apart by climb. A new dis- 
location loop can then form in the region between them (Fig. 32(c)) so 


Fig. 32. (a), (6) and (c), successive positions of dislocation loops 
attracted to the solid—liquid interface. 


that the number of dislocations and the misorientation of the boundaries 
will keep increasing, until the rate of formation of new loops becomes 
balanced by the rate of annihilation of dislocations of opposite signs. 

The approximate width of striations to be expected from the above 
mechanism can also be calculated. The number of vacancies, NV ,,, in 
thermal equilibrium in the crystal, at the melting temperature 7',,, 
will be given approximately by: 


Ny exp (— U/kTy) « 
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where U is the energy of formation of a vacancy in the crystal lattice 

and k is Boltzmann’s constant. If the temperature gradient in the 

crystal is d7'/dx, the temperature 7' of the crystal, at a distance x from 

the solid—liquid interface, will be given approximately by: 

— Ty xd T /dx . (52) 

At the temperature 7’, the number of vacancies in thermal equilibrium 

in the crystal will be approximately : 

N = exp | — = | = exp | — 


which can be rewritten in the form: 


(53) 


(1 - 7 — “an be expanded, and if the first two terms of the expan- 
sion are retained, Eqn. (54) becomes: 
N = exp (- ) exp x ~ Ny exp ( x (55) 
KT yy kT? dx kT? da, 


The number of vacancies NV ,, will drop by a factor e in a distance x 
from the solid—liquid interface, given by: 
U dT 

Hence: LT? 

U(dT/dz) 
The time ¢ necessary for this drop to occur will be: 

kT 

RU (dT/dz) 

where R is the rate of growth. The distance / over which vacancies can 
diffuse in this time will be given approximately by: 


| 


Substituting in Eqn. (59) the following values: 


4) 


N = exp 


7) 


(58) 


10~* em?/sec 
1-38 « 10-' ergs per degree 
1000°K 
10-* em/sec 
- 2X 10-" ergs 
= 10°/em 
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gives a value / ~ 0-8 mm which is in good agreement with the average 
striation width observed by Teghtsoonian and Chalmers. From the 
results of Teghtsoonian and Chalmers it can also be verified that the 
striation width / is approximately proportional to R-}, as required by 
Eqn. (59). Table | shows these results, on the assumption that the 
temperature gradient remained the same in all the experiments, for all 
growth rates used. 

Eqn. (59) predicts that the striation width should be proportional 
to R-t and (d7/dr)-t. Therefore, if both the rate of growth and 
temperature gradient are small enough, the striation width should 
become comparable to the cross-sectional dimensions of the crystal. 
Under such circumstances it should be possible to grow striation-free 
crystals. It is indeed possible to eliminate striations, partly or entirely, 
by growing crystals slowly in a very small temperature gradient. 


TABLE 1 


Growth rate, R Average striation width 
(mm ) (mm) 


3-0-4 
5 
5-5-6-5 
10-0 


The incubation distance for the formation of striations can be 
qualitatively interpreted in terms of a nucleation and growth process. 
When the vacancy supersaturation in the crystal becomes sufficiently 
high, vacancy disks would begin to nucleate. For a given temperature 
gradient in the crystal, this supersaturation would be attained at a well- 
defined distance behind the solid—liquid interface. From then on, dis- 
locations would be generated at a rate proportional to the growth rate, 
but a certain density of dislocations in the arrays would have to be 
attained before misorientations across these arrays become measurable. 
On this basis, an incubation distance which increases with decreasing 
growth rates should be expected. 

It thus seems that most of the experimentally observed striation 
properties are, at least qualitatively, accounted for. 

Another method for producing striation-free crystals was described 
by Aust and CHatmers,‘*’ who studied aluminium single crystals 
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grown from the melt by the Cuatmers™® technique. This method is 
based on two properties of striations: (1) the dependence of the striation 
direction on the crystallographic orientation and rate of growth of the 
crystal, and (2) the incubation distance necessary before striations form 
in those parts of the crystal into which they are not propagated from 
pre-existing striations. As was mentioned before, striations have a 
tendency to line up with the direction of heat flow at slow rates of 
growth, and approach a prominent crystallographic direction in the 
crystal at high rates of growth. In aluminium (and generally in all 
FCC metals) this crystallographic direction is of the (100) type. The 
incubation distance for the formation of striations decreases as the rate 


interface 
(a) Solid Liquid 


interface 


(b) Solid NE Liquid 


>. 


Fig. 33. (a) Solid—liquid interface convex to the liquid. (b) Solid 
liquid interface inclined to the specimen axis 


of growth increases. This distance varies from about one to several 


centimetres over the usual range of growth rates encountered in 
laboratory practice. 

Aust and Chalmers produced their crystals using two different sets 
of growth conditions. In the first set, crystals were grown under con- 
ditions of predominantly axial heat flow with a slight radial heat 
input into the growing crystals. Under these circumstances the inter- 
face is convex towards the liquid, as shown in Fig. 33(a). In the second 
set, the heat flow was appropriately controlled to permit the growing of 
crystals with a solid—liquid interface inclined to the axis of the specimen, 
as shown in Fig. 33(). 

The growth rates used in these experiments ranged from less than 
1 mm/min to about 25 mm/min. The “slow” and “‘fast’”’ growth rates 
referred to below were, respectively, near the lower and near the higher 
ends of this range. 

If a crystal of any orientation is produced under the first set of 
growth conditions and slow growth rates, the striations will tend to 
aline themselves with the direction of heat flow, which is normal to the 
interface, as shown in Fig. 34(a). Under these conditions, in the shaded 
areas shown in Fig. 34(b), the incubation distance for striations to form 
can be made smaller than the distance (along the normals) from the 
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interface to the external surfaces of the crystal; the edges of the crystal 
would thus be free of striations. 

The curvature of the interface can be increased by increasing the 
temperature gradient in the crystal. If the cross-sectional dimensions 
of the crystal are decreased and the temperature gradient is increased, 
the central portion of the crystal, in which striations will be incubated, 
can be made very small—smaller, in fact, than the average striation 
width. When this condition is satisfied, a striation-free crystal can be 
obtained. 

Still with the first set of growth conditions, if the longitudinal axis 
of the specimen is at a large angle to all the (100) directions in the 
crystal, and a fast growth rate is used, the striations would tend to 


(a) Solid = Liquid 


Some previous position of interface 
interface 


(b) Solid Liquid | 


Fig. 34. (a) Direction of striations forming at slow growth rates when 
the interface is convex to the liquid. (6) Regions in which striations 
have to “‘incubate’’ (shaded) 


aline with the <100)> direction nearest to the specimen axis. If the 
maximum distance from the interface to an external surface of the 
erystal, along this <100) direction, is smaller than the incubation 
distance, for the particular growth rate used, a striation-free crystal 
can again be produced. 

In the case of the second set of growth conditions, if a crystal of any 
orientation is grown at slow rates, with an inclined interface as shown 
in Fig. 33(5), the striations will have a tendency to aline themselves 
with the direction of heat flow, i.e. perpendicular to the interface. 
Here the formation of striations can again be prevented if the maximum 
distance (along the normals) from the interface to the external surface 
of the crystal is larger than the incubation distance. If a (100) direc- 
tion is at a large angle to the specimen axis and the interface is main- 
tained approximately perpendicular to this (100) direction the stria- 
tions will always tend to aline themselves with the <100) direction 
(this direction will coincide approximately with the direction of heat 
flow). In this case it is possible to obtain striation-free crystals even at 
higher rates of growth, provided the incubation distance does not 
decrease below the maximum normal distance from the interface to 
the external surface. 
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All the above conclusions were experimentally confirmed by Aust 
and CHALMERS. 

Prominent among the attempts to reduce lineage type substructures 
in crystals grown from the melt was the work of Nogeie® and 
and Noggle produced single crystals of alumin- 
ium by the Bridgman method, using a “soft mould” technique. This 
technique consists of placing rod-shaped specimens, to be converted 
into single crystals, in an oversized alundum crucible and surrounding 
the specimen with tamped, levigated alumina. A soft mould, with very 
low thermal conductivity, is thus produced. The crystals are grown, 
in this mould, in the usual manner. 

Most of the crystals produced by this method had few striations with 
small angular misorientations between them. 

and studied the crystal perfection of specimens 
produced by Noggle’s method, using the x-ray diffraction technique of 
LaMBOT, VASSAMILLET and Dersace.' They found that in about 50 
per cent of the specimens produced by this method, the dislocation 
density in striation type sub-boundaries was about 10° lines/cm?. 
(This value is considerably less than the dislocation density of about 
10? lines/em* found in striation sub-boundaries by Teghtsoonian and 
Chalmers.) The total dislocation density in these crystals was found to 
be about 10®lines/em*. Other specimens contained striations mis- 
oriented by about }° or more; the dislocation density in these specimens 
was not determined. 

Noggle and Koehler attributed the increased perfection of these 
crystals to the softness and the low thermal conductivity of the moulds 
in which they were grown. The softness of the mould would reduce 
the likelihood of strains arising from differences in thermal contrac- 
tion on cooling. The low thermal conductivity of the mould would 
reduce radial heat losses from the crystals and would favour a truly 
axial heat flow. This would, in turn, reduce thermal strains during 
growth. 

Ketty and Wer” also investigated the perfection of aluminium 
crystals, grown by Noggle’s method, using the fine x-ray beam tech- 
nique of Scuuttz.'?) These crystals were found to be highly perfect 
in the regions contained between consecutive striation type sub- 
boundaries. The misorientation of these sub-boundaries varied from 
1 to 20 minutes of arc, which is much lower than the usual values. 

In order to distinguish between the effect of the softness of the mould 
and the effect of its low thermal conductivity, Kelly and Wei grew one 
aluminium crystal in a hard clay mould. The thermal conductivity of 
this mould was comparable to that of levigated alumina. This crystal 
exhibited a degree of perfection similar to that of crystals grown in 
soft moulds. The high perfection of all these crystals was, therefore, 
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attributed to the low thermal conductivity of the mould, rather than 
to its softness. 

The influence of the temperature gradient in the crystal, during 
growth, was not investigated in any of these studies. It is possible that 
the low thermal conductivity of the mould favours both a truly axial 
heat flow and a temperature distribution in the crystals that approaches 
more closely to linearity than in the case of considerable radial heat 
loss. Both axial heat flow and an approximately linear temperature 
distribution would be expected to favour a greater perfection of crystals 
grown from the melt by reducing thermal strains and by favouring the 
convex shape of the solid—liquid interface shown in Fig. 33(a). The 
advantages of the latter were discussed above. 

The previously outlined mechanism for the formation of striations in 
metal crystals does not seem to apply to silicon and germanium crystals. 
This is evidenced by the fact that large (several centimetres in cross- 
sectional dimensions) essentially dislocation-free crystals of these 
materials can be grown from the melt. Metal crystals grown under 
similar conditions contain large numbers of dislocations and normally 
some striation type sub-boundaries. 

In the case of ionic crystals, there is not enough systematic experi- 
mental evidence on this subject to permit a clear-cut conclusion. How- 
ever, some indications can be derived from a study of the perfection of 
LiF crystals carried out by WasupuRN and Napgav.' These authors 
grew from the melt LiF crystals } in. and ¥ in. in diameter, using a 
modified Czochralski technique. For one series of crystals they used a 
growth rate of | mm/min and a temperature gradient of 3°C/mm. For 
another series of crystals the growth rate was 10 mm/min and the 
temperature gradient was 17°C/mm. Similar dislocation densities 
(between 10* and 10° lines/em*) and sub-boundaries of similar mis- 
orientation and distribution were found in both series of crystals. 
However, accidental adherence of the crystal to a graphite surface, 
during growth, or deliberately introduced high thermal strains, led to a 
significant increase in the dislocation density. The above results in- 
dicate that no appreciable changes in the dislocation density are pro- 
duced through large variations of growth rate and temperature gradient. 
This observation led Washburn and Nadeau to conclude that the 
vacancy precipitation mechanism was not important in generating 
dislocations in these crystals. They suggested that all the dislocations 
originated from stresses, as evidenced by the large increase in disloca- 
tion density when the crystals were subjected to an external stress of 
known origin (adherence to a graphite surface) or to high thermal 
strains. 

These results on LiF crystals are qualitatively similar to WAGNER’s‘® 
observations on germanium crystals. It is, therefore, possible that LiF, 
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Striations on the top surface of a high-purity tin single crystal. 
(After ATWATER and CHALMERS'’®)) 


Fig. 36. Step-like structure of cell surfaces on solid 


liquid interface of a lead single crystal. Magnification 
176. (After ELBAUM and CHALMERS 
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and perhaps all alkali halide crystals, behave, with respect to generation 
of dislocations during growth from the melt, in a manner similar to 
silicon and germanium. 

It must be emphasized, however, that in the materials investigated 
so far the direction of misorientations across striation sub-boundaries 
is not related to the usual elements of crystallographic slip in the same 
way as the misorientations across polygonization sub-boundaries.*) 
Hence the presence of striation sub-boundaries cannot be accounted 
for in terms of polygonization that occurs on heating of plastically bent 
crystals, or follows plastic bending at elevated temperatures. 


THE RELATION BETWEEN STRIATIONS AND IMPURITY 
SUBSTRUCTURES 


It was mentioned in the section on impurity substructures that at high 
rates of growth corrugations tend to approach a well-defined crystallo- 
graphic direction in the crystal. At low rates of growth they tend to 
remain parallel to the direction of heat flow. The dependence of 
corrugation direction on crystal orientation and growth rate is found to 
be similar to the dependence of striation direction on these variables. 
For a particular metal, when the growth rate increases, both corruga- 
tions and striations tend toward the same crystallographic direction. 
An actual connexion between striations and corrugations was first 
reported by Takaki, Koyama and Fvugsrarra,'”®) who observed that 
striation sub-boundaries usually follow corrugations, at least on the free 
surfaces of a crystal. The same observation was made by ATWATER 
and CHALMERS,” who investigated the influence of impurities on 
striations in tin and lead crystals produced by the Chalmers tech- 
nique. They found that crystals of tin 99-998 per cent pure and 
crystals of lead 99-999 per cent pure exhibited striations with non- 
straight, discontinuous boundaries, as shown in Fig. 35. No mention 
was made concerning the presence of corrugations in these crystals. 
However, on the basis of the work by Watton et al."*” it seems likely 
that for the purity and growth conditions used in these experiments, no 
corrugations would have been present in these crystals. Small additions 
(of the order of 0-01 per cent) of various impurity atoms caused the 
striation sub-boundaries to become straight. These sub-boundaries 
were found to coincide with corrugation boundaries, which were also 
present. The concentration of impurity atoms necessary to cause 
striation sub-boundaries to become straight was found to be related to 
the distribution coefficient k of the particular impurity in the main 
constituent. This relation was similar to the dependence, for given 
growth conditions, of the presence of corrugations on the distribution 
coefficient. It therefore appears that the direction assumed by striation 
sub-boundaries is determined by the direction of corrugations. When 
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the latter are absent, striation boundaries are irregular and discon- 
tinuous, but still follow approximately the direction of growth. 

The above observations can be explained as follows. At the high 
temperatures at which striations form, the sub-boundaries are fairly 
mobile and can migrate in the crystal. When, during such movements, 
a striation sub-boundary happens to “‘fall”’ into a groove that is inherent 
in the formation of corrugations, the sub-boundary might become 
permanently anchored and would have to follow the direction of the 
forming corrugation. Any subsequent displacement of the sub- 
boundary would involve an increase in its surface area and thereby in 
its energy. Atwater and Chalmers also suggested the following altern- 
ative explanation. The strain energy of edge dislocations can be 
reduced by impurity atoms, of different size from the atoms of the main 
constituent, segregating to the dislocations (CoTTRELL'”’’). The same 
would apply to arrays of edge dislocations, of which striation sub- 
boundaries are thought to consist. These sub-boundaries would, there- 
fore, tend to aline themselves along regions of high impurity concen- 
tration, where their strain energy can be reduced. Such regions of high 
impurity concentration are naturally provided by corrugation lines. 

From the foregoing it appears that the method for eliminating 
striations during growth from the melt, described by Aust and Chalmers 
and discussed in a previous section, must be further qualified. In this 
method, when slow rates of growth are used, the elimination of stria- 
tions depends only on the incubation distance and not on the striations 
tending to aline themselves with a particular crystal direction. For 
slow rates of growth, therefore, the method would not be expected to 
depend on decreasing the impurity content of the material used. 
However, in some of the cases considered the elimination of striations 
depends on the latter alining themselves with a particular crystal 
direction. Here the presence of an amount of impurity sufficient to 
cause the formation of corrugations (under the given growth conditions) 
becomes necessary, because otherwise the process of striation aline- 
ment would not take place. 

The dependence of the corrugation direction on crystallographic 
orientation is not clear at present, but a speculative explanation will be 
suggested. It is likely that this direction is determined by the step-like 
structure of the solid-liquid interface, described by ELsaum and 
CuaLMers.'*” The steps in question consist of portions of close-packed 
planes of the crystal and are considerably smaller than corrugations. 
Solidification seems to proceed by a lateral propagation of these steps. 
The convex part of a cell, forming as a consequence of constitutional 
supercooling, consists of many such steps, as shown in Fig. 36. When 
the growth axis of a crystal coincides with certain crystallographic 
directions, the step-like arrangement of the cell convexity can be 
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symmetrical with respect to the growth axis. In other cases the steps 
are inclined to the growth axis, as can be seen in Fig. 36. It is possible 
that this asymmetry leads to an encroachment process of the steps of a 
cell on the steps of the neighbouring cell, thus changing the direction 
of the resulting corrugations. When the corrugation direction ap- 
proaches the crystal direction for which the step structure on the cell 
is again symmetrical, the process of encroachment no longer operates 
and growth proceeds without further changes. The details of this 
mechanism have not yet been investigated. 
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5 
DEFECTS IN PURE METALS 


W. M. Lomer 


In recent years a picture has emerged of a metal crystal, or indeed of 
any crystal, which is of the greatest value in discussing the physical 
properties of the crystal. The underlying concept is that of the perfect 
crystal, with its atoms arranged with absolute precision on a regular 
crystal lattice. Such a perfect crystal cannot be realized, for the atoms 
must always be vibrating, since even at the lowest temperatures the 
zero-point motion is present. In this paper the vibrations will not be 
treated, and atoms will be treated as if located precisely at the positions 
of minimum potential energy. The deviations from this perfect crystal 
provide us with a most convenient shorthand for describing the state 
of the solid. The defects in the structure may often “move” through the 
crystal, in the sense that atomic rearrangements may occur which 
transfer the defective configuration to another part of the crystal. This 
has led to the development of a language in which we refer to properties 
of the defect and forget the details of the atomic displacements which 
give it those properties. 

Theoretical work, however, must be based on calculations of the 
properties of arrays of atoms in particular positions, and the detailed 
specification (and ultimately, determination) of these precise configura- 
tions is very important. We shall see later that although topological 
definitions of types of defect arm us with powerful concepts they do not 
usually suffice for detailed or quantitative work. It is the aim of this 
paper to survey the progress which has been made in this field of 
detailed prediction of defect properties, and to summarize the experi- 
mental methods which may lead to more accurate empirical information 
on these properties. Speculative interpretation of particular experi- 
ments is deliberately avoided as far as possible, since it is hoped that 
the many new and carefully controlled experiments now in progress 
will soon allow much more firmly based opinions to be held. 

The paper is arranged as follows. In section I the individual defects 
are defined, and the minimal description of the defect state of the 
crystal discussed. Section II deals with the physical properties of 
defects and their interactions with one another on broad, geometrical 
lines, and sketches the observations which may lead to information 
on the properties of defects. Section III summarizes our knowledge of 
the defects produced by irradiation, cold work, and quenching. The 
precise atomic configuration at defects and the energy of formation of 
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each is discussed in section IV, and section V treats the theory of their 
physical properties. Section VI is devoted to the analysis of the anneal- 
ing of defective crystals. Finally, section VII discusses very briefly a 
few of the key experiments which have been performed and their 
interpretation in the light of theory. The rate of progress in this work 
is such that it is impracticable to attempt a full survey. In section III, 
considerable use has been made of the recent reviews of KINCHIN and 
Pease,” and of Serrz and Korner,” and readers requiring more 
detail than is given here should consult these papers. Exhaustive 
surveys of radiation experiments on metals are given by GLEN“ and 
Brooks. 
Section | 


The Defect State of a Crystal 


The underlying perfect structure corresponding to any crystal is that 
determined by normal x-ray methods. Defects in crystals are most 
conveniently defined by comparing an actual crystal with a perfect one, 
the reference crystal. Elastic strains displace all the atoms coherently, 
leaving the local environment of any one atom nearly unaltered. In 
order to avoid discussion of such elastic displacements, Frank has 
introduced the term good crystal to describe any region of a crystal in 
which a small elastic strain would restore a local coincidence with a 
reference crystal, and the term bad crystal where this is not true. 
Defects are often classified into point, line, and plane defects accord- 


ing to the number of dimensions in which the region of bad crystal 


extends. 
Point defects include the elementary vacancy and interstitial atom. 


These words should not necessarily be taken to imply that some partic- 
ular lattice site is empty, or that some particular atom is not near a 
lattice site, but rather that in a small region of the actual lattice there is 
either one fewer or one more atom than in the corresponding region of 
the reference crystal. It is quite possible that a considerable number of 
atoms are disturbed. Another configuration to be taken under this 
heading is the small ‘‘melted” region—a region of the real crystal con- 
taining the same number of atoms as the reference crystal, but in which 
the atoms are heavily disarranged, as if in a glass. It is not known 
whether such configurations are significant. It is also possible that 
small groups of vacancies may form so close together that it is unreason- 
able to treat them as independent; the formation of divacancies or 
paired vacancies will be discussed in section IV. From the formal 
standpoint there is no implication that the structure of a divacancy 
resembles that of two vacancies. 

The only line defects we shall discuss are dislocations. Linear aggre- 
gations of point defects and elongated melted regions could be included 
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but it is not thought significant to do so. Dislocations are line defects 
in that the bad crystal forms a line. The good crystal can be brought 
into correspondence with the reference crystal only if no correspondence 
across some surface bounded by the dislocation is considered.“ Across 
this surface the reference crystal and the dislocated crystal are not 
matched, but are displaced relative to one another by some fixed 
vector b, which must be a lattice vector if the surface is in fact good 
crystal. Such a dislocation of strength equal to a lattice vector is 
conveniently referred to as perfect. If the Burgers vector b is not a 
lattice vector the dislocation is referred to as partial or imperfect, and is 
the boundary of a surface of (constant) misfit. Dislocation lines cannot 
end in the material, and if several meet at a point (a node) their total 
Burgers vector is zero. 

The slip plane of a dislocation is that plane containing the dislocation 
line and its Burgers vector, and is undefined for a screw dislocation for 
which these are parallel. In plastic flow the dislocations produced 
usually lie in a certain form of crystal plane (often the most densely 
packed planes), with a certain Burgers vector (usually the smallest 
lattice vector). The actual plane and direction for a dislocation are 
conveniently referred to as the slip system of the dislocation. 

Planar defects fall into two distinct categories. Stacking faults 
separate two regions of good crystal which can only be mapped on to a 
single reference crystal if one region is given a rigid translation, less 
than a lattice vector in length. Grain boundaries, on the other hand, 
separate regions of good crystal of different orientation; the detailed 
structure depends strongly on the relative orientation of the crystals 
and of the boundary. Coherent twin interfaces are an extreme example 
of a special structure related to a special set of orientation relationships. 
Stacking faults either spread across the whole crystal or are bounded by 
imperfect dislocations. Grain boundaries may show a progressive 
change of angle with distance if there are suitable elastic strains, and 
there are no strict conservation rules applying to them. 


Description of the Defect State of a Crystal 

The actual state of a crystal can be described in terms of the distribu- 
tion of the defects. In general, of course, we do not believe that the 
precise positions of the defects are important, but only that certain 
statistical features of the distribution should concern us. The decision 
as to which features are in fact of importance is not one which can be 
regarded as purely logical, but fortunately, at least in the mechanical 
properties field, information on these matters is likely to accumulate 
more rapidly now that observations of dislocations in several 
materials'*-™ are possible. 

It is obvious that we need at least to specify the overall density of 
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vacancies, interstitials, melted zones, and dislocations in the crystal. 
But this is far from adequate, for the number of paired vacancies, of 
larger vacancy aggregates, etc., may be of great interest, while the 
relative arrangement of vacancies and interstitials can also be signifi- 
cant. The kinetics of recombination of interstitial atoms and vacancies 
are markedly different for closely associated vacancy-interstitial pairs 
and independently random vacancies and interstitials. In interpreting 
experimental information it is therefore most important to consider 
the detailed initial distribution of the defects, and not to use an arbi- 
trary random distribution unless we are convinced the missing cor- 
relations are of no importance. 

The dislocation structure of a crystal is not easy to define. The 
most obviously essential number to quote is the total length of line per 
unit volume, which is three times the mean number crossing unit area. 
More useful, though seldom available, would be information on the 
number on each slip system of the crystal. But such numbers do not 
give the important information concerning the way in which disloca- 
tions join and intersect to form stable networks,’ whose junction 
points or nodes are often immobile. Sercer* has suggested the use of 
two quantities, ““maschen lange’’ and ‘“‘maschen breite,’’ being respec- 
tively the mean separation of dislocations and the mean length of 
segments between immobile nodes of the network. Direct observation 
of dislocations may lead to detailed knowledge concerning the stable 
structures which may form in annealed crystals, and may show that 
there are other important features of real networks. In an unannealed 
worked crystal, we expect to find stacking faults bounded by im- 
perfect dislocations, immobile dislocation complexes,“*. ™ piled-up 
groups,"*. *”) and other configurations. Detailed discussion of these 
features is essential for an understanding of work-hardening and the 
damage done in plastic deformation, but fortunately it is thought that 
many of these more detailed considerations can be avoided unless we 
are talking specifically of cold work. 


Section Il 


The Physical Constants of Defects 


The specification of the defect state of a crystal should tell us all the 
properties of the crystal and its behaviour under all subsequent 
treatments, so that to be exhaustive we should discuss the influence of 
every kind of defect on every physical property. This is not practicable 
but we should at least try to evaluate the important constants which 
determine the behaviour of the defects themselves. Consider first an 
isolated vacancy. It is desirable to know its free energy of formation 
F,, and its activation energy for movement through the lattice M,. 


as 
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These quantities enable us to discuss the thermal equilibrium con- 
centration of vacancies, and the kinetics of their movement, provided 
we are prepared to neglect their interaction with one another or with 
other defects. But to discuss, for example, the kinetics of restoration of 
thermal equilibrium concentration after a sudden change of temper- 
ature, it is necessary to know the energy of formation of divacancies, 
F , and their energy for movement /,,, and even to have some idea of 
the properties of larger aggregates of vacancies. The ultimate sources 
and sinks of vacancies must also be considered explicitly if the kinetics 
are to be understood. Similar considerations apply to interstitial atoms ; 
it is by no means certain that aggregation of interstitial atoms to form 
extra planes of atoms is impossible, though it is generally felt that such 
planes must be more difficult to nucleate than a plane of vacancies. 
Although the interpretation of any particular experiment may be 
complicated, these determining energies are well defined. 

The fundamental properties of dislocations, on the other hand, 
are not so easily handled. The self-energy of a dislocation in a typical 
array with nearest neighbour dislocation R centimetres away and 
with no long-range stress in the material is given approximately by 
a)| In (R/a,) per unit length of line.” Here shear 
modulus, 6 = Burgers vector, ¢ = Poisson's ratio, ag = some distance 
~ 4» 10-*em. The numerical value is high; about 4 eV/atom plane 
for copper. More precise calculations for cubic and hexagonal crystals 
made by Foreman” and by Seecer and Scnorck" show that the 
above type of formula is always approximately valid. 

The energy of the dislocation line must, however, depend on its 
precise position in the crystal, for the detailed arrangement of the atoms 
must change as the dislocation moves between successive lattice 
positions. This energy barrier has been discussed by Perer.s,” and 
NaBarro,"*”) and it determines, to some extent, the flow stress‘” of a 
crystal as well as, according to Serecrr," a low-temperature internal 
friction peak. No reliable calculation of this barrier has been carried 
out, and its role in determining the properties of real crystals is not 
clear enough to allow a reliable determination of it from experiment. 
The velocity of dislocations under applied stress may be limited by other 
effects, such as the radiation of elastic energy’ and the scattering of 
thermal vibrations by the moving dislocation.'**. *”) Theoretical work 
seems unlikely to clear up these matters, but the electron microscope 
observations of moving dislocations”® may provide a new experimental 
stimulus. 


Interactions of Defects ; Sources and Sinks 


The interaction of point defects with one another may take two forms. 
Either unlike defects completely annihilate one another, or like defects 
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group together. There is little to be said of annihilation; it is not 
thought that there is any considerable long range attraction,'™* so that 
recombination occurs by random migration of the defects to neigh- 
bouring positions. Aggregates of vacancies may form either compact 
spherical pores or penny-shaped cavities. If the latter are favoured, 
the crack may collapse to give an extrinsic’ stacking fault (Fig. 1(a)) 
surrounded by an imperfect dislocation. Deposition of additional 


A _A 
A A 


A 
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Fig. 1. Stacking faults in face-centred cubic crystal. The normal 

stacking sequence of (111) planes is denoted A — B-—» C -— A where the 

letters refer to the projected position of the atoms in successive layers. 

Planes in normal relation to one another are separated by A; those with 

stacking error by VY. (a) Extrinsic stacking fault. (6) Intrinsic stacking 
fault. (c) Translational stacking fault 


vacancies corresponds to removing more of the plane C. Interstitials 
may aggregate in a similar way to cause an intrinsic’) stacking fault 
(Fig. 1(6)), and additional deposition corresponds to growth of the 
plane A. It will be observed that there are two breaks in the stacking 
sequence for the intrinsic fault and only one for the extrinsic. For 
structures other than face-centred cubic the diagrams will need 
modification. Both stacking faults are bounded by sessile imperfect 
dislocations, which cannot glide since their slip planes are not parallel 
to the misfit plane; glide would require the misfit plane to move 
normal to itself. 

By elastic displacement of the upper surface parallel to the crack 
the stacking fault could be eliminated, and the region would be bounded 
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by a perfect dislocation which could glide in the normal way. Disloca- 
tion rings of this sort, with Burgers vectors not in the plane of the ring, 
have been called prismatic dislocations.’*” They clearly act as sources 
and sinks of vacancies and interstitials. They may be regarded as 
loops of edge dislocation, and so we are led to suppose that any segment 
of edge dislocation can act in the same way. 

So far this has been a topological argument, and when we discuss the 
mechanism of the absorption of point defects on to dislocations we dis- 
cover a new range of complication. A vacancy V may arrive at a part 
of an edge dislocation which is atomically smooth, as indicated in Fig. 2. 


x Y 


Fig. 2. A pure undissociated edge dislocation with a bound 
vacancy V and a jog J 


At this stage it will be referred to as a “‘bound”’ vacancy, for the elastic 
stresses at the dislocation cause it to be energetically stable there, while 
it is clear that the neighbouring planes X and Y cannot close in to hide 
its vacancy character. In general a line will not be atomically smooth 
and a vacancy may arrive at a point, such as J, where the dislocation 
line steps from one slip plane to the adjacent one. Such points are called 
jogs, and at such places a vacancy can be completely absorbed by 
moving the jog along the dislocation. Jog nucleation from bound 
vacancies and the ease of absorption and emission of vacancies and 
interstitials from jogs is not well understood, for the atomic structure 
of the dislocation core plays a dominant role, and is still not known in 
any detail.“ *) Though the details of the interaction of the point 
defects and the dislocation core are unknown, there can be little doubt 
that the elastic stress field round a dislocation interacts with that of 
the point defects, which will be attracted into the dislocation in just 
the same way as impurity atoms.) It is their subsequent behaviour, 
and the modifications of the dislocation properties which ensue, that 
are so uncertain. 
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The interaction of dislocations with one another is again open to 
speculation. The long-range elastic interactions may easily be evalu- 
ated,*, ®) and the properties of various specific arrays are known. 
These elastic interactions seem to play a secondary role in work- 
hardened crystals; the primary role is taken by the actual meeting and 
intersecting of dislocations.“*. '*) The processes which occur in such 
close interactions are not fully understood—any calculation would 
necessarily involve detailed treatment of the core regions of the 
dislocation. 

The foregoing discussion explains the emphasis of this paper on 
point defects: it is far easier to decide which quantities we need to 
specify in order to predict the behaviour of the crystal containing 
predominantly point defects than those we need if dislocations play a 
major role. It is for just this reason that irradiation and quenching 
experiments now play a role in fundamental studies of metals quite 
disproportionate to their apparent ultimate importance. 


Observable Effects of Point Defects 


The presence of small concentrations of point defects in a metal can be 
detected in several ways, which will be grouped according to the nature 
of the measurement. The groups are: geometrical and diffraction, 
electrical, diffusion, mechanical, and calorimetric. In all cases measure- 
ments after a series of graded heat-treatments give much more informa- 
tion than single measurements on the damaged material, for as the 
temperature is raised, various defects in turn begin to migrate through 
the lattice and to recombine with other defects, or disappear on the 
surface. This may help in splitting up the total effect into separate 
contributions from the various defects present. It is of course partic- 
ularly informative if several techniques of measurement can be used 
throughout the experiment on a single specimen or group of specimens. 
The physical limitations on specimen size may make this impossible. 
For example, neutron diffraction requires compact specimens several 
cubic millimetres in volume, which are of no use for electrical measure- 
ments. Similarly resistivity specimens are not usually suitable for 
internal friction experiments, and may require very delicate calorimetric 
work. Unfortunately, annealing kinetics are structure sensitive, so that 
specimens prepared in different ways are only roughly comparable. 


Geometrical Effects of Point Defects 


The precision comparison of macroscopic density of a specimen with 
the measured lattice constants and atomic masses may disclose a 
discrepancy which is to be attributed to point defects. Thus, for 
example, if there is no relaxation of neighbouring atoms around a 
vacancy, the x-ray lines from a material containing vacancies will not 
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be displaced and the true lattice constant for the perfect crystal will be 
measured. On the other hand the density will be lowered by precisely 
that fraction which represents the proportion of vacancies present. 
Since we are concerned mainly with concentrations of defects in the 
range 10-* to 10~°, a very high degree of precision is called for. For 
comparison purposes it is well to recall that the thermal expansion 
gives changes of density of this magnitude for changes of temperature 
of only one degree centigrade. 

Sensitive experiments have been devised in which the change of 
dimensions of a specimen under irradiation have been measured as 
magnified by suitable lever arrangements. KieRsTeap®?) used a 
copper tube, one side of which was irradiated. The growth in this side 
produced a bend of the tube, and the annealing out of this gives 
information on the movement of the defects responsible. 

BauRLE and co-workers: have made measurements on the 
annealing of gold wires after quenching in which change in the length 
of a wire was followed by changes in the sag of the centre as the wire 
tautened. 

In addition to changes of lattice parameter x-ray diffraction patterns 
change by showing line broadening and increases in diffuse scattering.“ 
Detailed interpretation of these effects is usually difficult; the most 
worth-while experiments are those on single crystals, carried out with 
accurate Geiger counter detection, for the information has to undergo 
considerable analysis and needs to be reliable. 

AntaL, Drenes and Werss® have used an ingenious method of 
estimating the density of point defects in a solid; neutrons of very long 
wavelength are scattered only by defects, since a perfect crystal cannot 
diffract wavelengths longer than the first Bragg wavelength. The total 
scattering is measured in a transmission experiment. The technique is 
difficult, for only small fluxes of such low-energy neutrons are available 
and many substances absorb such neutrons strongly. The method is 
not simple to interpret, for the contribution of grouped defects may be 
significantly different from that of single ones. It may be extended to 
more detailed measurements of the scattering, and to various wave- 
lengths, when it will be extremely powerful. 


Electrical Effects of Point Defects 


The effect of alloying, or the introduction of impurities, on the resis- 
tivity of metals is well known, and may be fairly well explained 
theoretically.“ It is to be expected that vacancies and interstitials 
will contribute to the resistivity in a basically similar fashion, and 
that resistivity contribution of any one type of defect will be strictly 
proportional to its concentration for all concentrations up to at least a 
few per cent, and also be independent of all other contributions to the 
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resistivity (but see Ref. 161). Since the thermal contribution to the 
resistivity of a metal at low temperatures is very small, and resistivity 
is an easy property to measure, a great deal of weight is usually placed 
on measurements of the change of resistance of damaged material, the 
change being normally measured at or below liquid nitrogen tempera- 
ture where the change may be a substantial proportion of the total 
resistivity. 

The interpretation of the experimental results is, however, far from 
easy, because the individual contributions of the various kinds of defect 
to the scattering of the conduction electrons cannot be separated, and 
because any deductions concerning the numbers of defects present must 
assume values for the scattering from the individual defects. Annealing 
experiments are again invaluable in that they give additional informa- 
tion on the mobility of different defects. 

Measurements of the Hall coefficient and of magnetoresistivity have 
only limited usefulness. In particular the Hall coefficient is expected 
to be rather insensitive to the scattering of electrons by lattice defects. 
Van Bueren has attempted to distinguish between dislocation and 
point defect scattering in metals by studying the field dependence of 
the magnetoresistance. 

Changes in thermoelectric power in damaged crystals have been 
observed'* but again the detailed interpretation is extremely difficult, 
since no separation of different defects can be achieved. The theory of 
the effect is, of course, far more complex than that for resistivity, and 
it cannot be said that even the pure undamaged metals are yet under- 


stood. 
Stored Energy 


The presence of defects in a material will normally raise its internal 
energy, though at high temperatures the free energy may of course be 
lowered by introducing a proportion of defects. The release of this 
energy on annealing may be detected in high-precision calorimetric 
work. The experimental technique required is difficult, especially since 
many of the experiments on irradiated or quenched materials must be 


performed on very small samples. 

The method usually adopted is therefore to supply energy slowly 
to the specimen and to an identical dummy in such a way as to keep 
their temperatures nearly equal. From the difference in energy supplied 
and temperature differences during the experiment the cooling correc- 
tions can be deduced and the energy release discovered. 

For cold-worked and neutron-irradiated samples, larger specimens 
are available and techniques similar to those used in calorimetric studies 
of precipitation in solids are available.““. 

This method of study of defects is very valuable since the energy of 
a defect is the quantity of which a reasonably precise calculation is 
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possible, so that a reasonable estimate of the actual defect concentra- 
tion can be made. 

Few experiments have been carried out over both low and high 
temperature ranges, since the techniques required below and above 
room temperature are rather different. 


Diffusion and Precipitation 


According to current theory’ the presence of defects is essential to 
diffusion processes. An increase in the number of the operative defects 
(vacancies, in the noble metals at least) should be accompanied by an 
acceleration of all diffusion controlled processes. The introduction of 
new dislocations or crystallite boundaries may also lead to additional 
diffusion short-circuit effects.” 

The observable effects of an increase in body diffusion will include 
not only changes in the measured diffusion coefficients, but also in- 
creases in creep and polygonization rates," and in the rates of pre- 
cipitation and ageing processes.*) The introduction of new “‘short- 
circuits’’ will affect macroscopic diffusion measurements more particu- 
larly. In this paper we are dealing in detail only with pure metals, but 
theory suggests that we might profitably regard changes in chemical 
diffusion coefficients as reflecting the changes in self-diffusion to some 
extent, and for that reason studies such as that of Murray and 
TaYLor™ on ageing under irradiation, and of CoTTrRe.i®® and 
PortEvin and Le Cuatecrer™ on jerky flow must be considered. 
Since the return of the concentration of defects to equilibrium numbers 
is very rapid at high temperatures, and the mobility of the extra defects 
very low at low temperatures, observable effects may be expected only 
in a narrow temperature range. 


Mechanical Properties 


It is now widely accepted that the mechanical properties of crystals are 
extremely sensitive to small concentrations of impurity atoms. To 
some extent lattice vacancies and interstitial atoms may be regarded 
as impurities, since they have elastic strains associated with them. 
It is therefore not surprising to find that radiation produces very 
substantial changes in yield stress, hardness,’ stress-strain 
curve,®, brittleness and internal friction’. and perhaps creep 
properties.“.®) There is also evidence that quenching produces 
analogous changes. 

Cold work occupies a rather special position with respect to all the 
mechanical properties; the effects of the changes in the dislocation 
structure probably dominate the effects of point defects, and an inter- 
pretation of effects of cold work on mechanical properties would amount 
to a complete theory of work hardening. 
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It is in general much more informative to obtain detailed results for 
changes in the stress-strain curves of single crystals than crude overall 
measurements of hardness. There are observable changes in the micro- 
scopic features of the slip line field after the introduction of point 
defects" and these would probably repay further study. The tech- 
niques used in this whole field are standard. 


Secrion III 


Methods of Production and Control of Defects 


There are three main methods of producing defective crystals of pure 
metals; disarranging the crystal by irradiation with nuclear particles, 
by cold working, or by quenching from a high temperature. The metal 
may also be produced in a highly imperfect form by evaporating it on 
to a very cold substrate, but in this case the state is so far from the 
normal crystal that interpretation is difficult. In all cases the defects 
in the crystal after treatment will include those initially present as well 
as those deliberately introduced. It is worth recalling that few metals 
are available with less than one part in 10* total impurity (i.e. including 
the gases not usually quoted in spectrographic analyses) and that most 
metals may contain several parts in 10° total impurity. The impurity 
content is not likely to be changed during cold work, and the changes 
to be expected under nuclear radiation (due to nuclear reactions) can 
be estimated for any particular case of interest. Quenching from high 
temperatures may lead to the picking up of impurity from the furnace 
and resolution of precipitated phases, while the production of evapor- 
ated metal films at low temperature almost always involves large 
amounts of residual gas in the vacuum system being trapped. Since it 
is well known that small proportions of impurity can be vitally im- 


portant to many recovery properties involving movement of de- 
fects‘. * it is obvious that the problem of purity must be kept in 
mind throughout the interpretation of experimental results. 


Radiation Damage 

teview articles on the effects of nuclear radiation on crystals have 
recently been published by Serrz and Korner, Grex,” Brooks, 
and Kixcutn and Pease.’ In the present paper the problem of fissile 
materials will not be discussed, and so the conclusions of the articles 
cited will be summarized under the three headings of electron and 
y radiation, fast charged particle radiation (e.g. cyclotron bombard- 
ments), and fast neutron radiation. 


Electron and y Radiation 


Electrons and y-rays may be treated together, since all the effects of 
y-Tays may be attributed to recoil when fast electrons are ejected by 
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the Compton or photoelectric effects, and the subsequent effects of 
these electrons. 

The kinetic energy transferred by a fast particle to a stationary one 
in an elastic collision cannot be greater than 


E,, = + T)M/(M + m,)*c? 
where 7’ is the kinetic, m,c* the rest energy of the incoming particle, 
and M is the mass of the struck atom. For non-relativistic particles 
m,c* > T so that we then have 
E,, = 4Tm,/M 


For electrons in a metal such as copper, the ratio m,/M is about 10~-°, 
so that in order to impart 20 eV kinetic energy to the nucleus, electrons 
of about 4 MeV are required. This is sufficient energy to make the use 
of the relativistic formula necessary, for myc? = 0-511 MeV for elec- 
trons. If 7' is expressed in MeV and Z,, in electron-volts, the formula 


pends E,, = 21537(1-022 + (8.2) 


where A is the atomic weight of the struck atom. The energy loss of 
the electron from this cause is clearly small. 

The depth of penetration of the electrons in the 1 MeV region is 
controlled almost entirely by the frequency with which they make 
ionizing collisions with the electrons of the atoms of the solid they 
traverse. Discussion of the details of these range-energy relations is 
out of place here—they may be found, for example, in the article by 
Katz and Penroup.’* The probability of imparting any particular 
energy to an atom by electrons of another particular energy is therefore 
to be regarded as the product of the cross-section of the atom for this 
particular type of encounter and the number of fast electrons of the 
requisite energy, which latter number is to be deduced from the range— 
energy relation which is controlled entirely by ionization energy losses. 
The cross-section itself is to be evaluated on the Rutherford assumption 
of purely electrostatic interaction. 

The necessary formulae are discussed in detail by Kiycnrn and 
Pease” and Serrz and Korn here the final expressions only 
are quoted : 

do, = }rb* cos 40 cosec* 40d0 = . . (3.3) 


applies for non-relativistic electrons, where the symbols have the 
following meaning: 


do, = differential cross-section for scattering angle 6, 
b = Ze?/T = 1-436 x 10-8 Z/T cm (7 in MeV) 
E = energy given to nucleus, 

Z£,, = maximum energy to nucleus = 47'm,/M. 
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The relativistic formula is less simple; for light elements Z - 
becomes 
do = — 40 + maf sin — sin }9)] 
— PE/E, + — E/E 
where = v®/c? 1 —[me?/(T + me*)P = 1 — [0-511/(0-511 
(7 in MeV) 
Z/137 
21537'(1-022 + 7)/A (7 in MeV) 
(Ze*/T)2(T' mgc*)/(T +- 2mgec*) 
(Z/T)1-436 x 10-8 + 0-511)/(7 + 1-022) em 


m m (3.4) 


The probability of an atom being given an energy Z is simply the 
product of the cross-section given by the above formulae and the 
number of electrons incident per square centimetre. The cross-sections 
for energy transfer of more than 25 eV to the atoms by MeV electrons 
are typically about 10-** cm? or 10 barns. To displace one atom in 10° 
requires a total flux of some 10"* electrons/em*; a current of about 
200 for 20 minutes (1 6-24 « 10 electrons/cm®? sec). 

The corresponding total cross-section for transferring energy greater 
than some quantity £, is given for the relativistic case: 


—1 + (8? +- wa) In (E,,/E,)} 
(3.5) 


For Z > 30, the results of BartrLerr and Watson are required. 
They cannot be put into useful closed form, but a tabulation is promised 
by R. Fuchs (see Serrz and Koen“ er, p. 329). 

The struck atom is given a certain energy Z. If £ is small the atom 
will merely vibrate with an abnormally large amplitude, radiating 


elastic waves and thus dissipating its energy during the course of a few 
vibrations. As the energy transferred is raised, the atom makes larger 


amplitude excursions towards the surrounding shell of atoms and at 
some value £,, there is at last a possibility of its being displaced into an 
interstitial position. The value of £,, was estimated by Serrz’® to be 
about 25 eV for Cu. Measurements of this quantity have been carried 
out, 71, 72,73) and it is found that Seitz’s suggestion is close to the 
observed values. While it is clear that this number is not without 
significance, it is difficult to define it precisely, for the form of the 
threshold curves for the measured properties cannot be predicted, 
and the results may well be determined largely by the sensitivity of the 
measuring apparatus. This fear seems to be borne out by recent measure- 
ments on germanium‘: 7) and on 

By using electrons of an energy which can impart more than EF, to 


268 


ie 
J 
4 
if 
i¢ 
pa? 
4 
a 
i 
| 


DEFECTS IN PURE METALS 


the atoms, but less than twice this value, we can be reasonably con- 
fident that the displaced atoms will not cause further permanent 
damage as they travel through the lattice, and thus that the damage 
will consist of vacancy-interstitial pairs, distributed randomly through 
the crystal. Unfortunately, the penetration depth of these 1 MeV 
electrons in typical metals is only about | mm, and the fraction of the 
incident energy used to produce damage may be as little as 10-°. The 
remainder must be dissipated as heat. Typical rates of damage are two 
displacements per centimetre of path per incident electron, and currents 
of 10" electrons/em? sec (~ 200 wA) are available. In order to have 
effectively homogeneous specimens their thickness must be about 
0-1 cm or less. If a beam of diameter | cm® is available the specimen 
volume is only 0-1 em* and many experimental techniques are made 
difficult by this small size. The total energy stored after a bombardment 
of 10h at 100vA in such a specimen could reach 0-8 cal—sufficient to 


‘ 


heat the specimen ~ 25°C. 
Thus the advantage of an almost certainly known distribution of 
defects is offset by limitation of specimen size and high heat dissipation. 


Heavy Charged Particle Damage 
The passage of heavy particles through metals is considerably different 
from that of electrons. At high energy, or high velocity, the atom 
spends most of its time positively charged, since the electrons which 
would make it neutral are brushed off in collisions with other electrons. 
Seitz and Koehler, following Bour,'® show that in most circumstances 
the charge on the moving atom is such that the highest energy electron 
retained has an orbital velocity roughly equal to the velocity of the 
atom through the medium. Of course, above some critical velocity the 
atomic nucleus will be stripped of all its electrons. Some values of the 
mean charge, evaluated in this way for several atoms at several energies, 


are given in Table 3.1. 
TABLE 3.1 


10-2 MeV | 10-' MeV 1 MeV 10 MeV 100 MeV 


Atom 


: 
= 
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oO 1-5 6 8 
ae Cu ~ } 5 14 a 
Xe ~ 4 10 25 
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While the atom is charged, it loses energy rapidly by ionization and 
electronic excitation of the medium through which it passes. The energy 
loss per unit length in any given material is proportional to Z? and some 
function of the velocity of the particle. In an insulating material, little 
energy loss by ionization will occur if the velocity of the charged 
particle is less than that of an electron with a kinetic energy equal to the 
ionization energy of the atoms in the solid, while for metals the cor- 
responding critical velocity is approximately that of the electrons at the 
Fermi surface (see e.g. Seitz and Korsier,"? p. 344). From our point 
of view—displacement of nuclei from the crystal lattice sites in metals— 
the ionization and excitation of the electrons is of no direct importance. 
These electronic effects act simply to determine the range-energy 
relations for charged particles. Throughout all their range there is a 
probability that a strong encounter with an atom of the lattice gives 
this atom sufficient kinetic energy to displace it from the lattice and, 
rather often, sufficient energy for this primary displaced atom to dis- 
place further secondaries, and so on. The collision cross-section of two 
atoms is determined theoretically by a technique due to Bonr,'® who 
shows that the collision orbits may be determined classically, treating 
each nucleus as the centre of a screened potential field. By using the 
Thomas—Fermi potentials for the atoms Bohr derives relations for the 
cross-section in various energy ranges. Using these in conjunction with 
the range—velocity relations deduced on the principles outlined above, 
or determined empirically, the numbers of primary collisions which 
impart more than 25 eV to an atom in the lattice can be evaluated. 
Kixcurtn and Pease have classified the collisions in different 
energy ranges between various charged particles. Their results are 
represented diagrammatically in Figs. 3 and 4. The lines L,, L, and 
L- represent limiting energies separating regions in which different 
physical effects dominate when a charged particle passes through the 
solid of atomic number Z. Below L,, the incident particle has too little 
energy to excite the electrons of the solid; above L, ionization losses 
rapidly dominate and determine energy-—range relationships. Below 
L, atomic collisions are essentially hard sphere collisions between the 
bound electron clouds and correspond to rather large cross-sections. 
Above L, the atomic collisions are essentially Rutherford collisions 
between unscreened nuclei. Between L, and L, all the Rutherford 
collisions give displacements; above L,, only a proportion do so. 
The limiting lines L,, L, and L, are given by 
L, = 27-2 Z,Z,(Z} + + M,)/M, eV 
Ly = 4 13-6* + Z§)(M,/M,)/E, eV 
+ M,)*) eV 
Le ~ (M,/m)I ~ 4M,/m eV 
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Fig. 3. Schematic representation of collision types for deuterons in 
materials of various atomic number. Below JL, electron excitation is 
unimportant; above L, collisions are essentially between unscreened 
nuclei; above L, these nuclear encounters may transfer too little energy 
to displace atoms 
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Fig. 4. Schematic representation of collision types for atoms of a 
material of atomic number Z moving in their own lattice. Limiting 
energies L,, Lg and Lg as in Fig. 3 
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PROGRESS IN METAL PHYSICS 
where / is the first excitation potential in an insulator or about the 
Fermi energy in a metal. Suffix 1 applies to incident particle, 2 to 
struck particle. 
The total number of displacements is evaluated according to the 
formula 


N = FAto,(T)dIN « « 
where F = flux of incident particles per unit area, 
area of specimen, 
time of radiation, 
primary displacement cross-section for particles of energy 
T, 
length of path traversed, 
number of atoms displaced per displaced primary, 


atomic volume. 


The total number of atoms in the irradiated volume is Adl/Q, so that 
the fraction of atoms displaced is 


n= Fte,(T)N,  (8.7a) 


The expressions for c, and N, for the various regions are given below; 
in the regions d, ¢, f where all the energy loss is by atomic collisions, 
simpler expressions may be used which avoid evaluation of o,. Every 
atom that starts with an energy in this region will stop in the solid, and 
the total number of atoms receiving from it an energy greater than FE, 
is simply proportional to the initial energy 7. 

In regions ¢ and f we have 


mn, = mn, = (T/2E,) Ft (T and E, in eV). 
As we cross into region d the expression becomes 
n (T/4E,) Ft 
but the transition occurs slowly so that n in fact always increases with 
increasing 7’. 
Above the line L,. the primary cross-sections take the values below. 


In region a 


ln BE, /E, 1)) 


(3.10) 
+ In (#,/E,))) 


In region b: 


Z}) 
in (E,,/E*)}} 


(3.11) 
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In region ¢ no detailed expressions can be given. OzeRorr‘'”” has given 
results for fission fragments which fall in this region. If particles lie in 
the range of energy just above L, it is a reasonable approximation to 
use the expression L,,/2#, for the total number of displaced atoms per 
unit integrated flux. 

The symbols have the following meanings: 


- Maximum energy transfer = 47'M,M,/(M, + M,)* 
a, = Bohr radius (7a? = 8-8 x 10-" em?) 
B= = (Z,Z,/T)1-436 « 10-7 em in eV) 
E* = (E,/E)L, 
Neutron Flux 


During the fission process, a number of neutrons—a little over two per 
fission—are emitted with energies around a mean of 2 MeV. Most 
nuclei have a cross-section for collision with such fast neutrons of 
between one and tive barns (1 barn 10-*4 em?). Tabulations for most 
nuclei in most energy ranges are now available.‘*®) This value gives 
neutrons a mean free path of about 10 cm in a typical solid, so that in 
the centre of a reactor it is possible to irradiate quite large specimens 
fairly homogeneously with fast neutrons. For most materials the colli- 
sion will be usually purely elastic, and the struck atom of atomic weight 
A will have equal probability of receiving any kinetic energy between 
zero and the maximum LF, = 47',A/(A + 1)*. Thus the most energetic 
neutrons can impart an energy of as much as 0-2 MeV to a copper atom 
initially at rest. Such an atom will clearly do much further damage on 
its subsequent passage through the lattice. Fig. 4 shows that in fact 
such an atom will lose its energy by hard sphere collisions with nearly 
every atom it comes to, and produce very severe local damage. The 
total number of displacements caused by neutrons of energy 7’, is 
oF N,, where N,, is the mean of values from (3.8) for 7’ = Oand T' 

Since the neutron is uncharged, elastic collisions of this sort are the 
main source of neutron energy loss. 

The actual distribution of the neutron flux amongst the neutron 
energy values is seldom known at all accurately in any pile, and results 
are usually quoted in terms of the numbers of slow thermal neutrons 
to which the material is exposed. The reason for this is that the thermal 
flux can fairly easily be monitored and checked, and the fast flux is in 
nearly constant ratio to the slow for a given position in a given reactor. 
It is, furthermore, in roughly constant ratio to the slow from one 
thermal pile to another, provided we limit attention to regions of the 
moderator not too close to the fuel rods. By the use of a “‘hollow slug,”’ 
effectively a hole within the actual fuel element, this ratio is consider- 
ably changed, for the fast flux is increased and the slow flux diminished 
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in such a place. When fast reactors become available, it is clear that, 
more care than ever will be necessary in evaluating the actual fast 
neutron dose received from the exposure data and slow neutron 
monitoring. It is also always necessary to remember that pile radiation 
includes not only fast neutrons causing knock-on damage, but also 
y-rays of up to some 10 MeV, together with their associated Compton 
electrons, and slow neutrons which may cause transmutations at a 
rate which can be quite high. Pile neutron fluxes are normally low 
compared with charged particle fluxes from accelerators, and therefore 
irradiation times are long, with all the associated difficulty of adequate 
control of the experimental variables, such as temperature. The 
technical difficulty of experiments inside the pile is very great, and most 
observations are limited to the “before and after’ type. Even these 
may be difficult when the induced radioactivity makes handling 
impossible until the activity has decayed somewhat. 


Local Heating 


The model of interatomic collisions outlined above is drastically over- 
simplified, but probably forms a reasonable approximation to the 
actual two-body collisions. There are two major weaknesses, however, 
in the assumption that the number of atoms remaining displaced can be 
evaluated simply as the number receiving the displacement energy EZ, 
in two-body collisions. The first has received little attention and its 
influence is not well understood ; this is the effect of collisions involving 
three or more atoms simultaneously. In the hard sphere range of 
energy these are likely to be quite important, and could alter the 
quantitative conclusions somewhat if properly included. The second 
weakness has received more notice. This is the problem of disposal of 
the energy of the stopped atom into the vibrational energy of the lattice. 
The energy is deposited in a very small region, and for a short time the 
medium may be regarded as locally strongly heated. After a certain 
time heat conduction will restore the temperature to its initial value. 
The question of how much damage apparently caused by the stopping 
particle is annealed during this temperature spike, and whether quench- 
ing damage is to be expected, seems very difficult to decide. Briyx- 
man“® has classified the local heating effects into two groups—those 
associated with energy less than 25 eV, and so with undisplaced atoms, 
he calls “thermal spikes”; those whose energy exceeds 25 eV he calls 
“displacement spikes." The distinction is arbitrary but useful. To 
raise the temperature of a metal by 1000°C requires about 3R = 1000 
cal/mole ~ } eV/atom. A 10 eV thermal spike may therefore heat about 
40 atoms of copper to the melting point. This corresponds to a spherical 
region of radius about 5 x 10-*cm. Such a region would lose heat 
rapidly by lattice heat conduction and by electronic heat conduction. 
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The latter cannot be more rapid than about 10~* sec as this is the order 
of magnitude of the lattice-electron relaxation time in a typical 
metal.’ The lattice conduction alone corresponds to a thermal 
diffusivity A of about 0-001 cm*/sec, so that the time the high temper- 
ature persists is r*7/4K ~ 5 x 10-™ sec. This is scarcely long enough 
to suppose that the concepts of temperature and heat conduction are 
completely valid, but the discussion gives some idea of the qualitative 
effects. A typical displacement spike in fast neutron radiation may 
deposit 300 eV locally. The melted region could now be 1-5 x 10-7 cm 
in radius and would cool in a time of the order of 10-" sec. Even in 
this case it is easy to imagine that the disorder in the central region 
does not become quite that typical of a liquid at the calculated tempera- 
ture, and that the time for which the region is hot may be too short to 
allow much annealing. A detailed treatment by Serrz and KorHLer™ 
(§ 21 and § 22) does not alter this conclusion; they further show that 
there is not much acceleration of activated processes, such as diffusion, 
in these hot spots. 


Summary of Irradiation Methods 


The early hopes that radiation damage experiments would give a 
clear lead on the properties of particular defects in metals has not yet 
been fulfilled. That this is so is not entirely due to the difficulty of 
the experimental work, but is partly to be attributed to the un- 
certainty of the precise nature of the damage done by the bombarding 


particles. 

It is likely that electron damage consists largely of isolated pairs of 
vacancy and interstitial atoms. The energy deposited locally could, 
however, be sufficient to melt a very small region, and the cooling rates 
be great enough to retain it in a glassy state. The damage is macro- 
scopically uniform over thicknesses of about 1 mm, and therefore rather 
convenient experimentally. A large quantity of heat is dissipated per 
defect produced making the maintenance of low temperatures difficult. 
High fluxes (~ 10" particles/em? sec) are available and there are many 
suitable machines in existence. 

High-energy proton and deuteron bombardment are on the whole 
more popular with experimenters, as more damage is introduced per 
unit of heat. The very small penetration range limits work to small 
specimens—usually foils 5 to 10 x 10-* in. thick. The hydrogen is of 
course to some extent entrapped; this is not often important, but its 
possible influence should be borne in mind. The damage in this instance 
is likely to consist of locally heavily damaged regions containing 
perhaps six interstitial vacancy pairs in a small volume, provided no 
annealing has occurred. The energy deposited locally must manifest 
itself as heat, and it is not at all clear to what extent this heat allows 
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annealing of the primary damage, or causes additional quenching 
damage itself. 

Neutron bombardment has a somewhat similar character to proton 
and deuteron bombardment in that highly localized heavy damage is 
caused by fast knock-on atoms; clusters of about 500 interstitial 
vacancy pairs are typical. It has the advantage of macroscopically 
uniform distribution over large specimens, and damage caused is high 
in relation to the heat deposited by the neutrons. The very great dis- 
advantages are the lack of selectivity in neutron energy, the induced 
radio-activity of the specimen, and the general difficulty of remote 
control experiments in the pile. The low fluxes (~ 10'*-10" neu- 
trons/sec cm*) require long irradiations. 


Cold-Work Damage 


The idea that the intersection of screw dislocations may produce point 
defects was introduced by Serrz*” and is now fairly well agreed on. 
However, there are certainly many alternatives when we try to discuss 
matters of detail. For example, it is not certain whether interstitials or 
vacancies will be preferentially produced, or whether they will arise in 
roughly equal numbers. Corrreti” has recently pointed out that 
two free screw dislocations on almost perpendicular planes can be 
moved by external stresses so that they intersect, only if their Burgers 
vectors are so disposed as to give rise to interstitial atoms on inter- 
section. If one of the dislocations is pinned in some way, of course this 
consideration does not apply. In particular, suppose that intersecting 
any given slip plane there is a “‘forest’’ of dislocations lying on other 
planes. One may argue that the density of positive screws is likely to 


equal the density of negative screws, and therefore that when any dis- 
location line travels through the forest as many interstitial-producing 


intersections as vacancy producers will result. 

The distribution of the point defects produced by such intersections 
of dislocations is not easily foreseen. The usual argument is that the 
dislocation line is held back by the jog, forming a cusp which keeps 
the jog moving along a straight line, so that the point defects are 
deposited in a row. Seecer'*®) has questioned whether this is valid at 
high temperature, and Morr) has suggested other configurations 
which may result from the passage of a dislocation through the forest. 

If the predominant method of formation of point defects is by the 
coalescence of two edge dislocations of opposite sign on neighbouring 
slip planes we may expect that vacancies will be formed but not inter- 
stitials. The energy of a row of vacancies will be about 1-0 eV per atom 
plane, that of interstitials about 5-0 eV per atom plane, and that of two 
dislocations very close together is almost certainly between these values. 

The number of vacancies and interstitials formed is not known with 
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any certainty. VAN Burren” has argued that the number of vacancies 
is proportional to the strain raised to the power 3/2, but the precise 
value of this power depends on the assumption that dislocation loops 
expand keeping the same geometrical shape at all sizes through a 
forest of constant density. If in fact they expand much more rapidly 
in one direction than another, this power becomes unity, while if the 
forest density is also considered to increase with strain, the power 
becomes higher. The actual number produced on any theory is of 
course dependent on the initial density of the dislocations. The 
estimates of dislocation densities from X-ray measurements are now 
reasonably reliable, but are subject to variation by a factor of ten. 
Morr?” and Serrz’® suggest a figure of about v = 10~‘e, where e is 
the plastic strain. 

It is thus fair to say that the production of point defects during 
plastic work certainly occurs, but whether the defects are in fact single 
or grouped, and in what numbers and proportions they are produced are 
not known with any certainty at all. To this must be added the 
possibility that many observations will be complicated by the increase 
in the number of dislocations by cold work, and that not all types of 
plastic strain are necessarily equivalent. The net conclusion is that 
work on plastically deformed metals is likely to be understood only in 
close conjunction with detailed analysis of other forms of damage and 
all other methods of investigation of the cold-worked state. 


Damage by Quenching 


It is believed that at least in the noble metals vacancy movement is 
responsible for self-diffusion and for chemical diffusion. On theoretical 
grounds Huntington and Seitz suggested that the energy of formation 
F, of a vacancy in copper was about 1-5 eV (see section V). The con- 
centration of the vacancies in thermal equilibrium in a perfect lattice is 
controlled principally by the Boltzmann factor exp (— F,,/k7'), but 
as explained by, for example, Le CLarre® the effect of the vacancy 
on the vibrational properties of the lattice leads to an entropy term 
which is independent of temperature, and which may be written 
exp (S,/k). The value of this term is not accurately known, but it is 
usually taken to be within a factor ten of the value 10. The fractional 
concentration v may thus be written 

v = exp (S,/k) exp (— F,/kT) = Apexp(— F,/kT) (3.12) 
Thus if the energy of formation is about 1-3 eV in copper, and A, is 
about 10, the concentration of vacancies at the melting point is about 
10-8, or 0-1 per cent. If one of the noble metals is quenched rapidly 
enough to retain these thermal vacancies, the number of vacancies 
introduced is considerable. The behaviour of the exponential function 


277 


j 
: 
by 


PROGRESS IN METAL PHYSICS 


ensures that an overwhelming preponderance of the lowest energy 
defects will be formed. 

Self-diffusion is controlled by the movement of these vacancies. The 
diffusion coefficient D may be written as 


D = 


where » is the mean frequency of movement of an atom, a is the length 
of a single move and « is a geometrical constant of the lattice = 4 for 
FCC and BCC. Since we assume the movement to be controlled by 
vacancy migration, this may be re-expressed as 


D = aa*v, exp (Sp/k)exp(— F,/kT) (3.14) 
where vy, is the number of moves a vacancy makes per second. This 


number v, may be estimated by using rate theory and may be written 
= exp (Sy/k)exp(— M,/kT). (3.15) 


where », is a frequency of the order of the Debye frequency and S,, and 
M, are respectively the entropy and energy change associated with the 
“transition state’’ when an atom is midway between its initial and final 
positions. The final expression for D is therefore 


D = aaty, exp [(Sp + Sy)/klexp(— (F, + M,)/kT] (3.16) 


This shows that the activation energy for self-diffusion is the sum of 
the activation energies for formation and for movement of the vacancies. 
If F, is about 1-3eV for copper, M, is about 0-7 eV since the total 
activation energy is about 2-0 eV. 

The minimum quenching rate required for complete retention of the 
vacancies may be estimated roughly by the following argument. 
Suppose the vacancies disappear on annealing a supersaturated crystal 
after making, on average, n moves through the lattice. Then the total 
rate at which vacancies may disappear is 


dv/dt = —[v — exp (S,/k) exp (— F/kT)] 
(v_/n) exp (Sy,/k) exp (— M/kT') (3.17) 


where v is the atomic proportion of vacant sites and where we now 
omit the subscript v on F,, and M, for brevity. 

When we know the temperature 7' as a function of the time, this is a 
non-homogeneous equation for v which can be solved numerically. For 
a very rough idea of the necessary quenching speeds consider the fol- 
lowing argument. At high temperatures the number of vacancies is 
equal to the equilibrium number, and the rate of disappearance of 
vacancies is certainly less than 


(dv/dt)max = — (v_/n) exp (Sp/k) exp (— F/kT’) 
exp (S,,/k) exp (— M/kT) (3.18) 


: 
ing 
3 
: 
% 
ite 
278 
: 
= 


DEFECTS IN PURE METALS 


The rate at which vacancies must disappear if they are to remain at the 
thermal equilibrium concentration is 


dv,/dt = + (F/kT?) exp (S,/k) exp (— F/kT)(dT/dt) (3.19) 


Vacancies will be retained in considerable numbers once (dv,/dé) 
~ (dv/dt)max. This gives an expression for the critical temperature 7', 
at which vacancy retention becomes reasonably efficient: 


(v9/n) exp (Sy,/k) exp (— = (F/kTG)(aT/At) 
or M/kT = — In (3.20) 


Using the values of M and F suggested for gold by KoEHLER and co- 
workers, ‘*’, 8) together with reasonable quenching times of a few 
milliseconds and a value of n deduced from annealing observations 
(see section V1), we get 


If S,,/k is about 2, this gives 
T, ~ 900°K or 600°C 


It thus seems that some loss of vacancies is to be expected in quench- 
ing from temperatures above this. However, we must emphasize that 
this is only an approximate treatment and that the specimen structure 
may be expected to control n, which enters the expressions in a manner 
as important as the quenching rate. Thus a factor of ten in the dis- 
location density may have as great an influence as a change of quenching 
rate by the same factor, i.e. it will change the right-hand side of 

2qn. (3.18) by In 10 = 2-3, and for factor 10 either side of those used 
T, ~ 1200°K or 750°K. 

Fig. 5 gives some results of numerical integration of the Eqn. (3.15) 

for exponential cooling rates, i.e. cooling following the relation 


dT /dt = A(T — T,) « (3.21) 
The temperature is used as the independent variable, the equation then 


taking the form: 
exp (Sj,/k) exp (— M/kT’) 


» — exp (S;,/k — F/kT 
dt nA T —T, [v — exp (Sp/k) exp ( [kT’)) 


(3.22) 


The equation contains three effective parameters: v, exp (S,,/k)/nA, 
M/k and F/k. The term in S,/k controls only the scale of the solution 
and not its form, and is put equal to unity for convenience. M and F 
were taken respectively to be 0-7 eV and 1-0eV. It will be seen that 
the behaviour of the solutions confirms the rough argument leading to 
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T.. The solutions corresponding to v, exp (S,,/k)/nA less than 10* 
show almost complete retention of vacancies quenched from near 
1000°K, while those corresponding to greater values than this enable the 
vacancy concentration to remain close to the thermal equilibrium value. 


| EQUILIBRIUM 


Fig. 5. Calculated vacancy concentrations in quenching experiments. 

The continuous lines to the left of the equilibrium line show the be- 

haviour of the vacancy concentration during quenching for x 10*, for 

quench from 1000°C, 900°C, 800°C. The final concentration at room 

temperature is plotted against quenching temperature to the left of the 

equilibrium curve. Also shown are curves for quench from 900°C with 
x 10° and « 10° 


It is therefore evident that quenching will be more effective in well 
annealed crystals which have large values of n corresponding to some 
difficulty in annihilating vacancies. This is important since it is the 
parameter which can show the widest variation; the maximum value 
of A which can be attained in quenching is about 10°, while », and 
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exp (S/k) are properties of the material. The value of n to give « = 104 
is typically about 10°; observed values of m in annealing kinetics are 
often about 10%, so that good retention can be expected. 


Section IV 
Equilibrium Configuration of Defects 

All numerical estimates of defect properties must rest on a specification 
of the local arrangement of atoms at the defect. In the main, it is only 
the numerical estimates which will be influenced by errors in the con- 
figuration assumed, but sometimes a real qualitative difference in 
behaviour may be introduced. For example, the diffusion of an inter- 
stitialey may be confined to a single atomic row if it takes the form of a 
“erowdion,’’**, %) but may diffuse in the ordinary three-dimensional 
random walk if there is no marked local relaxation along a particular 
atomic row. The determination of the configuration is in practice very 
difficult, for there is no adequate way of representing the energy of a 
metal as a sum of interactions between pairs of atoms, and consequently 
no simple way of deducing the forces on atoms and determining their 
equilibrium positions. 

Metals are often classified into two types—‘‘full’’ and “open.” In 
the full metals the ion cores are interacting strongly, whilst in the open 
metals, the atomic separation is much greater than the ionic size. The 
noble metals typify the first class and the alkalis the second. Poly- 
valent metals are difficult to classify since it is not at all clear what 
degree of ionization is to be used, so that the “size of the ion” is not 
known. It seems likely that all the divalent and trivalent metals 
should be thought of as “‘open,”’ and all the late transition metals Fe, 
Co, Ni and their higher analogues as “‘full.’”” The remainder cannot be 
classified yet; no adequate theoretical interpretation of the electronic 
structure of the perfect crystal has yet been put forward and it is 
clearly unreasonable to expect to make useful progress with defect 
calculations in them. We shall discuss copper in detail as an example 
of a “full” metal and sodium as an example of an “open”’ metal. 

Fucus” showed that a reasonably satisfactory description of the 
elastic properties of copper could be obtained by regarding it as an 
interacting set of Cu* ions, whose charge clouds are associated with the 
particular nucleus and move with it, and a distribution of conduction 
electrons moving in the field of these ions. There is a strong repulsion 
between the ions when their charge clouds begin to overlap, due prim- 
arily to exchange terms in the energy. This closed shell interaction is 
taken to be central and to depend only on the separation of the ions in 
pairs. Huntrveton has shown that the magnitude of this may be 
taken (from fitting experimental elasticity measurements) to be 
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0-053 exp [— 13-9(r — r,)/r,] eV per ion pair at separation r, where ry 
is their normal lattice separation. The exponential form fits the 
variation of compressibility with pressure moderately well. 

The binding energy calculated on this simple model is, however, too 
small by nearly 1 eV/atom. Kampe* has argued that the discrepancy 
is to be attributed mainly to the poor treatment of exchange and 
correlation terms between the closed d shells; Frrepe.’ has also 
suggested that it should be thought of as due to a Van der Waals 
interaction between the ion cores. It is obvious that these uncertainties 
in the model must make computation of vacancy energies somewhat 
unrealistic, for the changes in these neglected factors may make very 
significant contributions in the energy of formation of a vacancy or 
interstitial atom in copper. Sercer® has shown that in nickel the 
energy of formation of a vacancy cannot be calculated on this model, 
even though the metal is “‘full.” 

Several calculations of the energy of formation of a vacancy in copper 
have been published, and one detailed calculation for an interstitial 
atom. Before surveying these in detail it is worth describing the main 
effects involved, and the methods of estimating their magnitudes. The 
idea of a rather hard ion core is essential to the calculations, for it 
ensures that the atoms maintain a spacing almost equal to their 
equilibrium spacing so that every atom has a volume roughly equal to 
the normal atomic volume available to it. The first consequence to 
note is that the atoms neighbouring a vacancy do not collapse inwards 
to any great extent, while around an interstitial atom there must be at 
least enough outward movement to make room for one extra atom. 

In order to make the estimation of the energy of formation of defects 
as independent of exact absolute calculation of metallic binding 
energies as possible, we always try to distort a perfect crystal containing 
N atoms into an assembly of N atoms containing one defect but other- 
wise unchanged. For example, to form a single vacancy, the starting 
configuration is taken to be a block of perfect crystal which has a surface 
which is not atomically flat, so that when an atom is removed from the 
centre of the block and placed on the surface, there is no change in the 
surface energy, and the total energy change is just the energy of 
formation of the vacancy. Under these conditions, the atom added at 
the surface may be reckoned as an interior atom of perfect crystal, for 
no surface terms are changed. The changes in the crystal on forming 
the vacancy in this way may be regarded as partly localized near the 
vacancy, and partly localized near the new (normal) lattice site formed. 
The latter group simply represents an extension of the metal block by 
one atomic site and is easy to deal with. A similar sequence is en- 
visaged for interstitial atom formation; a surface atom is removed in 
such a way as to leave the surface energy unchanged and inserted into 
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the material. When the nuclear positions have been chosen in this way, 
the electron readjustment is considered. 

The principal feature to note concerning the electron readjustment 
is that it is always such as to make any given region as nearly electro- 
statically neutral as possible. Frrepev** has discussed in detail the 
problem of screening of electrostatic interactions by the conduction 
electrons, and finds that even for copper the screening length is only 
about | Bohr unit, or } A. This implies that the electrostatic effects of 
changing the charge on a given nucleus are very small outside the 
atomic sphere (radius typically 2-5-3-0 Bohr units) in which the change 
was made. Then, as far as electrostatics is concerned, we may remove 
or insert extra neutral atomic spheres with little effect. On the other 


(a) 


Fig. 6. Electron density distribution for vacancy (a) after removal of 
neutral atomic sphere, (b) after smoothing of wave-function to reduce 
kinetic energy at expense of potential energy increase 


hand, such changes will introduce rapid variation in the charge density 
in space, which represents large gradients in the wave-functions, and 
so large contributions to the kinetic energy (Fig. 6). The final state of 
readjustment will balance the increase in electrostatic energy arising 
from imperfect screening of the nuclei against the decrease in kinetic 
energy due to smoothing out the density variations. These considerations 
may be used to identify the dominant effects in forming a vacancy and 
an interstitial in copper. Fumr® shows that when a vacancy is formed 
the energy released by decreasing the number of ion—ion repulsions is 
small, about 0-3eV. The electrostatic energy is raised a little because 
the decrease in electron density is smeared out, and not concentrated 
precisely in the cell corresponding to the vacancy. The kinetic energy 
is raised considerably. The magnitude of the exchange energy between 
electrons is also changed considerably, for the exchange energy of an 
electron in a particular region depends on the density of electrons over a 
surrounding region which is not small compared with atomic separa- 
tions. When an interstitial atom is formed, most of these conclusions 
are reversed. Huntincton® showed that the closed shell repulsion 
energy was very large, and ensured that each atom had about one atomic 
volume available to it. This means that the electronic density round 
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each need not be drastically changed to keep the atoms neutral, so that 
the wave-functions may be imagined to be reasonably smooth, and 
there is little increase in kinetic energy. It is again possible that the 
exchange energy is changed considerably, but the closed shell repulsion 
is dominant, and the kinetic and electrostatic energy terms almost 
negligible. This conclusion is supported by Huntington’s calculation ; 
his final estimate of the energy of formation of an interstitial atom is, 
almost exactly, just the energy contribution of the closed shells. 


Vacancy Energy Calculations 


The most detailed treatment of the copper vacancy is that of HUNTING- 
ton.“ In this work a vacancy was thought of as being formed by 
expanding the lattice uniformly, and then introducing a potential 
equal to the negative of that due to a single copper ion. The energy 
change due to the electron redistribution on introduction of the ion is 
calculated by a Hartree—Fock self-consistent technique. The treatment 
of the exchange energy does not seem to be quite correct, for a term is 
included for change of exchange energy in the first step of uniform 
expansion, but in the subsequent stage the difference between the final 
exchange energy and that for normal density is used rather than the 
difference between final and that for the expanded gas. Careful re- 
examination of this leads to the conclusion that the result should be 
just that calculated by Huntington for the local change; the 1-5 eV 
contributed by the exchange contribution to the original lattice ex- 
pansion energy should be dropped. In this calculation there is also an 
error in the change of the energy parameter sum (Huntington’s Eqn. 
20) from his calculated phase shifts. A factor of two for the double 
occupation of the states has apparently been dropped, so that the 
contribution of this should be increased from 2-04 eV to 4-08eV. The 
conclusion is that his estimate of the electronic contribution to the 
vacancy formation energy should be raised from 1-23 eV to 1:75 eV; 
subtracting 0-3eV for ion-core repulsion decrease leaves his final 
estimate 1-45eV. (We here disregard the contribution listed in 
Huntington's Table II, p. 332, as “shielded vacancy ion potential” for 
reasons detailed by Fumi, and also accept Fumi’s argument concerning 
ion-core repulsion, which Huntington finds to be negligible.) 

The method used by Huntryeron and Serrz‘*) to handle the electron 
redistribution is considerably less accurate, as they themselves point out. 
Their quoted result is about 1-9 eV — (ion-core repulsions) = 1-6 eV. 
However, the way in which exchange has been included is again open 
to question; their method includes the term 1-5 eV for the uniform 
expansion stage, and no alteration in this during rearrangement. It is 
likely that the true value is closer to the modified Huntington result 
for the local change of exchange energy, i.e. 0-8 eV. This would suggest 
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that the best answer by this rough variational approach would be 
about 0-9 eV. 

Fumi's® calculation of the vacancy energy is superficially very 
different in character from the foregoing. He uses an expansion of the 
electronic wave functions about the vacancy as centre. Far from the 
vacancy these functions are solutions of the wave equation with con- 
stant potential, and may be written: 


in [kr + 
vilr) ~ 


where / is the angular momentum quantum number and », is a phase 
shift, independent of r but varying with k. Now, Frrepe.”® has 
shown that the number of electrons n displaced from the vicinity of the 
origin can be expressed as 


where k, is the momentum corresponding to the Fermi surface. For 
the vacancy, one electron is displaced, and n = 1. 

The change in the sum of the energy parameter can be expressed in 
very similar form 


k 


Fumi showed that in Born approximation these two relations led to the 
result 

where { = Fermi energy. He also evaluated this sum exactly for an 
assumed square well potential which satisfied the Friedel relation, and 
obtained 
Ade, = 0-572 


This increase in the energy parameters due to the local repulsion of 
the electron is largely compensated by the drop consequent on adding a 
cell at the boundary. This latter effect is easily calculated, as it is 
equivalent to expanding the solid by one atomic volume, and gives the 


result 
A’ Se, = — 0-4£ 


The total change is thus 0-17f = 1-2 eV for Cu. 

Fumi assumes that this value needs little correction for changes in 
coulomb and exchange energy of the electrons, and therefore allowing 
for ion-core relaxation gets as his final result Fy = 1-2eV — 0-3eV 
=09eV. Examination of Huntrneton’s™) work does not support 
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the assumption of small changes in coulomb and exchange energy; 
the values of the change in exchange and coulomb energies given by 
Huntington are respectively 0-SeV and —1-3eV. (Neither is large 
compared with the coulomb self-energy of the uniform electron 
distribution, 0-6e"/r,, which is about 6 eV for copper.) 

In as much as Fumi’s calculation uses the same potential for all 
electrons it is a calculation without exchange, and the best estimate of 
total energy is 


AE = Ae, — A(coulomb) + A(exchange) 
k 


Huntington's calculation with exchange gives its best estimate as 


AE = SAe; — A(coulomb)’ — A(exchange)’ 


In both calculations the energy parameter sum can be related to the 

charge shift as in the Fumi argument; the actual result of Huntington’s 

calculation of is 0-578f — 0-4¢ (= 1-25eV) compared with 
k 


0-571f — 0-4¢ (= 1-20 eV) deduced by Fumi and Sercer.“* This 
agreement shows the reliance which can be placed on Fumi’s argument 
for the parameter sum. The estimate of the final energy depends 
critically on the correction terms. Huntington’s total correction 
amounts to 0-5eV; Fumi’s has not been evaluated. We may note, 
however, that the large change in coulomb energy found by Huntington 
is due mainly to the fact that he finds the electron density at 2r, to be 
greater than normal. This is likely to be partly a result of including 
exchange, and would not occur in a purely Hartree-type calculation. 
Thus in Fumi’s calculation the magnitude of the coulomb term may be 
drastically less (the density used by Huntington and Seitz, p(r) = «?r? 
near the origin, makes it —0-2 eV in place of Huntington’s +-1-5 eV), 
but we must now introduce the exchange term with the opposite sign. 
The final result might not differ too much from Huntington’s. Until 
these terms are properly evaluated Fumi’s calculation must be regarded 
as incomplete. 

To summarize, there are three calculations of vacancy energy which 
pretend to some accuracy; Huntington’s, Fumi’s and Seeger’s. All 
three agree closely (after correction of arithmetical errors) on the value 
of the change in energy parameters of the electrons, giving the value 
0-175¢. Seeger differs from the other two in using { = 4-85 eV instead 
of 7-05 eV. Only Huntington has evaluated the coulomb and exchange 
correction terms; he finds they increase the value by a further 0-5 eV. 
Fumi subtracts an ion-core repulsion term, for which a reasonable value 
seems to be 0-3 eV. Seeger’s argument to eliminate this seems invalid. 
The (revised) Huntington figure of about 1-45 eV seems the best estim- 
ate on the model used. Uncertainty in this calculation arises because 
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the treatment of exchange is not accurate, but it is likely to have an 
error of only a few tenths of an eV from this cause. The main uncer- 
tainty is in the validity of the model; used on the perfect crystal, it 
gives a binding energy too small by about 1 eV per atom. It is easy to 
imagine that neglect of the factor responsible for this discrepancy 
leads to systematic errors of } eV either way in the vacancy formation 
energy. Theory seems to suggest the value 1-4 + 0-5 eV as the vacancy 
formation energy. 


Vacancy Pair Stability in Copper 

The possibility that vacancies may form stable but highly mobile pairs 
has already been mentioned. The problem has been considered 
theoretically in two very different ways by BartLetrr and Digngs®?) 
and by Serecer."’ Though Seeger’s paper is later than the other, it 
is profitable to deal with it here as it is basically similar to the single 
vacancy calculations. Seeger showed that for the single vacancy the 
change in energy parameters is little affected by the dimensions and 
height of the repulsive potential barrier assumed, provided the Friedel 
sum rule is satisfied. This is true even for an infinite potential barrier, 
whose radius must then be fixed at about 0-49 r,. On this evidence he 
suggests that the vacancy pair should be represented by an ellipsoid of 
revolution with foci on the two vacant sites and within which the 
potential is infinite. The size of the ellipsoid is then fixed by the Friedel 
rule so that two electrons are repelled. He finds that the energy para- 
meter increase is less than that for two isolated vacancies by 0-06. 
Using Seeger’s value of { this gives 0-29 eV while Huntington’s { gives 
0-42 eV. The accuracy of the parameter sum change is probably quite 
good, but changes in the other terms of the total energy may be 
significant. It is difficult to estimate these at all without detailed 
calculation; an estimate based on the wave functions for Seeger’s 
potential would be useful. The result is almost certain to be subject to 
errors almost as large as its value, and it is hard to see how this situation 
can be improved upon. 

Bartlett and Dienes use a very much simpler model of the metal, 
regarding the energy as the sum of bond energies between nearest 
neighbours, and then trying to make some allowance for electron 
relaxation. In this way they find the association energy of a vacancy 
pair to be 

AE = 1E, —[(2W™ — W®] 


where £,, = cohesive energy of copper per atom = 3-5 eV; 


W — electron relaxation energy at single vacancy ; 


W) — electron relaxation energy at double vacancy. 
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They argue that 21 — W is small, and so the energy of association 
is about 0-59eV. If W™ and W®) are taken to be distributed, like the 
bond energy, among the near neighbour bonds, this drops to 0-23 eV; 
they prefer the higher value. It is difficult to assess the realism of this 
type of calculation for a metal; there is little evidence that a bond 
energy model of cohesive energy is useful. 

To summarize, the calculation of vacancy pair stability has not yet 
been pressed home in detail, though Seeger’s attack appears to be a 
useful basis. At present it seems as though the association energy is 
large enough to make consideration of divacancy processes essential in 
any interpretive work, but if analysis of experimental work is incon- 
sistent with divacancy formation it could scarcely be a big surprise. 


Interstitial Atoms in Copper 


As we have indicated above, the closed shell interactions give the 
dominant features of interstitial atom configurations, and the con- 
duction electron rearrangement counts for little. This is confirmed by 
the detailed calculation by Huntrneron,'* who finds that closed shell 
repulsions account for about 4-5 eV, while the total energy is estimated 
as about 5-5eV before allowance for electron relaxation, which is 
estimated as lowering this figure by a little over 1 eV. The final energy 
is thus very close to the closed shell term. In view of this, and the 
difficulty of performing any more detailed calculation, we use the closed 
shell terms only henceforth, though this has the effect of interchanging 
the energy of Huntington’s two configurations B and C (see Fig. 7). 
Whichever scheme we use we have to admit that the difference in 
energy between these two configurations is beyond the accuracy of the 


calculations. 

It is suggested by Huntington that the diffusion of an interstitial in 
copper consists of the interstitial in configuration B pushing one of the 
nearest atoms into the next cell, passing through configuration C. 
Alternatively C may be the stable position and the configuration may 
move by passing through B. This diffusion process has been dubbed 
“interstitialey movement,” to distinguish it from a process in which an 
atom goes from B to a cell edge, the next equivalent position. The 
relative merits of these two possibilities will be considered later, when 
the determination of movement activation energies is discussed. 

The author and Corrre.i suggested that it is possible that an- 
other configuration should be considered; the crowdion. This con- 
figuration is illustrated in Fig. 7(c). 

An extra atom is inserted into one of the close packed [110] rows, so 
that five atoms occupy the space of four in the normal lattice. At the 
time the original suggestion was made, there was no detailed calcula- 
tion of the atomic positions or estimates of its energy. Unpublished 
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calculations by the author, based on closed shell interactions only, have 
now been carried out. Relaxation along the crowdion row and also of 
neighbouring rows away from the central one have been allowed; the 
latter of course varies along the length of the crowdion. The maximum 
radial relaxation is about 5 per cent of the row spacing. Its total energy 
from closed shell interactions is 4-0 eV as far as the relaxation has been 
carried. Further relaxation may lower this a little, but almost certainly 
not more than a further 0-2 eV. This work was done with Huntington’s 


Fig. 7. (a) Huntington’s configuration B for interstitial atom in copper. 
(6) Huntington’s configuration C for interstitial. (c) The [110] crowdion 
configuration for interstitial 


potential a, V = 0-053 exp[— 13-9(r — r,)/r,]. The closed shell con- 
tribution for his configuration B and C are 4-34 and 4-43 eV respectively, 
so that it seems likely that the crowdion is more stable than these.* It is 
important to re-emphasize that these numbers mean only that it takes 
about 4 eV to form an interstitialey of any sort, and that we should 
try to keep an open mind on the precise configuration. Furs and 
Stumpr®®) considered a crowdion in copper as an example of a method 
for calculating ion positions when given central forces act between them. 
They, however, restricted all relaxation to be parallel to [110] and did 
not consider either of Huntington’s rival configurations; their assumed 
force law was of the form f(r) = A/r" — B/r™ and cannot be easily 
compared with our exponential form. 


* But see also Ref. 162. 
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Summary of Results for Copper 


The results for copper, which we hope will have some general validity 
for full metals, are essentially as follows. The vacancy formation 
energy is about 1-5 eV (+0-5eV). The interstitial formation energy is 
about 4-0 eV (+1-0eV). Vacancies may show a tendency to pair; it 
is not known whether interstitials will pair or not. The vacancy struc- 
ture is probably just that one atom is missing, with minor relaxation 
round the site. The interstitial structure is unknown; the crowdion 
seems rather likely at the moment but there may be other configurations 
which we have not yet considered. The conclusions to be drawn from 
these results are that vacancies and vacancy pairs may be formed 
thermally, but that interstitial atoms will not. Except for the addition 
of the crowdion and of vacancy pairs, these are the conclusions reached 
by Huntington and Seitz in 1942. 

Seecer® has attempted to extend the treatment to nickel. He 
finds that the energy of formation of a vacancy is negative if he neglects 
the contribution of the d-shells to binding. Although nickel is to be 
treated as a full metal, this does not imply purely repulsive ion-core 
interactions, and the failure of the model is not surprising; it casts 
doubt on the significance of the calculation for copper. 


Defects in the Open Metals 


The absence of closed shell interactions in a metal like sodium makes the 
configuration round defects much less certain. In copper the nuclear 
positions were regarded as fixed by the closed shells, and the electron 
relaxation treated independently afterwards. This approach is not 
justifiable for sodium; the electronic terms play a large part in deter- 
mining the atom positions. So far no calculation which pretends to a 
real determination of atomic positions has been carried out. Panera’ 
showed that the electrostatic energy of an extra ion in a sodium lattice, 
arranged to give a crowdion along the [111] direction in a uniform sea 
of electrons, was very small. The electron readjustment may, however, 
give large terms to the change of energy, and will largely screen out 
those calculated by Paneth, whose results do not therefore appear to be 
particularly significant. 

The method used in the foregoing work on the energy of formation 
of a vacancy in copper appeared to avoid any detailed consideration 
of the form of the final self-consistent potential well, since satisfying 
the Friedel sum rule determined the energy rather closely. Unfortun- 
ately this property is only true if the extent of the well is rather limited, 
say of radius approximately that of the atomic sphere or less (see 
Seecer’s Table 2," for example). If there is considerable relaxation 
of the ions neighbouring a vacancy, then the potential well may be 
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spread over several atomic cells and is certainly not accurately treated 
by the Fumi method. The possibility of ion relaxations makes it more 
difficult to treat the ion-ion coulomb interactions, which in copper so 
neatly cancel out a large part of the coulomb self-energy of the electron 
on the sphere approximation. In view of all these difficulties, it seems 
that at the moment the Fumi values“® for the energy of formation of a 
vacancy should be accepted as a rough estimate, but no real reliance 
can be placed on them. He gives the energies of formation in electron 
volts for several alkalis as: Li, 0-55; Na, 0-53; K, 0-36; Rb, 0-31; 
Cs, 0-26. 
Entropy of Formation 

The preceding work has all assumed the atoms to be stationary. In 
fact they will of course be vibrating, and there will be a change of 
entropy associated with the change in the vibrational modes near the 
defect. In general we would expect vibrational frequencies to be 
lowered near a vacancy and raised near an interstitial. This corres- 
ponds to an increase of entropy associated with the production of a 
vacancy, so that the equilibrium fractional concentration of vacancies 


in the lattice is v = exp (— F,/kT) exp (AS/E) 


with positive AS. The whole term exp (AS/k) will be referred to as an 
entropy factor and usually lies between one and ten for vacancies (see 
Le CLarre*), For interstitial atoms the factor tends to operate in the 
opposite direction, and the interstitial concentration may be lower than 


the simple Boltzmann factor suggests by a factor of about 4,. 


Equilibrium Configuration of Dislocations and Jogs 


Full discussion of the structure of dislocations is out of place in this 
paper. The structure is determined partly by the atomic arrangement 
on the slip plane. In the close-packed structures dislocations are 
believed to “dissociate” into two partial dislocations joined by a 
narrow strip of stacking fault.“ The width of the stacking fault 
ribbon has been estimated as ten atomic spacings in copper, but is 
believed to be very small in aluminium.“® The ideally simple picture 
of vacancy production or absorption (Fig. 2) is obviously inadequate 
for dissociated dislocations. It has been suggested that at jogs the two 
partial dislocations come together, and that vacancies can be absorbed 
easily there.“ THompson®” has discussed an alternative arrange- 
ment at jogs which would not apparently allow easy condensation. 
Vacancy disappearance must be considerably more difficult on dissoci- 
ated dislocations than on narrow ones whatever model we use. It is to 
be emphasized that no calculations on a truly atomic model of a dis- 
location core have been carried out for a metal, though some work has 
been done on sodium chloride.“ 
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Section V 


Properties of Point Defects 


The most important property of a defect is its mobility or diffusion rate 
in the lattice. The evaluation of this is basic to the problem of the 
annealing kinetics of damaged crystals, and to the problem of self- 
diffusion. The general scheme of calculation is to consider a path of 
movement of the atoms making up the defect which moves it from its 
stable position in the lattice to its next equivalent position, and then 
to determine the maximum energy required on that path. The path 
which gives the lowest energy maximum (the saddle-point configura- 
tion) is most likely to be used, provided it does not require a highly 
co-operative movement of many atoms. The value of the energy for 
this most likely path is the activation energy for movement of the defect. 
The requirement that the path considered should not need highly co- 
operative movements may be expressed in terms of an “entropy of 
activation,” which expresses the statistical weight of the path con- 
sidered. A clear and detailed account of a simple one-dimensional 
example of this kind of analysis has been given by Wert.“ The 
mobility of any atomic defect will be expressed in terms of the number 
of times per second that it moves to a neighbouring site. Wert shows 
that this number may be expressed as 


n= Av,exp(S/k)exp(— M/kT) . . . . (5.1) 


where »v, is the vibrational frequency (Debye frequency) of atoms in 
the lattice, S is the change in entropy of the system in going from the 
equilibrium configuration to the saddle-point configuration, and M is 
the increase in energy at the saddle-point. A is a numerical factor 
which expresses the fact that each diffusing defect will involve different 
geometrical arrangements of atoms, and the value of A is the number of 
independent activation paths by means of which the defect may move. 
For example A is 12 for a vacancy in copper, since any of the 12 nearest 
neighbour atoms may move into the vacancy. The value of A depends 
on the configuration attributed to starting and saddle-point conditions. 
The calculation is evidently very similar to that of formation of the 
defects; the energy M may be estimated if we know the configuration 
at the saddle-point, but the entropy is not easy to estimate at all 
reliably (but see Le CLarre* and Zener). It is again true that 
the noble metals can be more satisfactorily handled than the alkalis, 
for their configurations are controlled by the closed shell interactions. 
Huntixneton™) calculated the energy of the vacancy saddle-point 
configuration by treating the closed-shell repulsions explicitly, and 
treating the electronic rearrangement as if it corresponded to two 
“half-vacancies” an atomic spacing apart, but making no allowance 
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for their interaction. He appears to have made the same errors con- 
cerning the factor two in energy parameter sum and the incorrect 
inclusion of exchange in the lattice expansion term as we noted in the 
calculation of the formation energy. His evaluation of the ion-core 
interactions also mistakenly includes the ion—ion electrostatic terms, as 
first pointed out by Fumi. This means that in his compilation of terms 
the kinetic energy term should be doubled, and 1-5 eV exchange sub- 
tracted, giving an increase of 1-4eV on his value 1-55. Fumr® (p. 
1014) estimates that the correct closed shell term should be ~ 0-3 eV 
giving a final total of 3-3eV or a movement energy of 3-3 — 1-4 
= 19eV. The argument in Huntrxeron’s™) paragraph 6, p. 335, 
leads one to suppose that this should be still further increased. It is 
not easy to trace the inaccuracies in this value, which has been derived 
from the idea of two half-vacancies. From the behaviour of Seeger’s 
divacancy formation energy calculation in Fumi phase shift approxima- 
tion,“°" we would have expected the electronic energy for two half- 
vacancies close together to have been only slightly different from that 
when they are far apart, and also to be not too different from that of 
the single vacancy. In the present writer’s opinion the electronic terms 
will be little different from those for the single vacancy, and the electro- 
static ion—ion interaction will remain rather well screened, so that the 
dominant term in the movement energy will be the closed shell inter- 
action change, which from Fumi’s paper is from —0-3 eV in the vacancy 
to +-0-3 eV for the saddle-point configuration, a movement energy of 
0-6eV. This is certainly an underestimate, but Seeger’s divacancy 
results suggest that the electron terms should amount only to a few 
tenths of an electron volt. The final reliability of these estimates is 
clearly lower than that of the formation energy, and it is probably 
reasonable to regard them merely as providing evidence that the move- 
ment energy is not so high as to make vacancy migration too slow a 
process to account for self-diffusion. 

All other authors concerned with this problem have evaluated the 
energy for movement of a vacancy by subtracting their estimate of the 
formation energy from the self-diffusion activation energy, which is 
determined experimentally. For the noble metals this is quite accept- 
able, for there seems no reasonable alternative to a vacancy mechanism 
for self-diffusion; it is by no means so certain for the alkalis or other 
metals that self-diffusion takes place by the vacancy mechanism, and 
a good estimate of the activation energy for vacancy movement would 
be most welcome. At the moment there seems little hope of such a 
calculation. Le CLarre® summarizes the means of estimating the 


entropy terms appearing in vacancy movement. It is not desirable to 
collect these here again; the conclusion is that there is usually a slight 
increase in entropy but that it can scarcely affect the result by a factor 
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ten, which could also be produced by an error of only 0-1 eV in the 
energy for measurements in the usual temperature range. 

For interstitial atoms the situation is still less clear. On the one hand 
the energy of formation is less well known, so that the equilibrium 
configuration is not known, and on the other hand we have to rely on 
absolute estimates of the activation energy of movement, for there is 
no empirical information on the sum of formation and movement 
energies as there is for vacancies. Huntinetron attempts to cal- 
culate the energy of two configurations ((a) and (6) in Fig. 7) to decide 
which is the equilibrium configuration and which the saddle-point. 
The energy difference between them is less than the accuracy of the 
calculation and Huntington concludes that the result should be taken 
to imply only that M, is less than about } eV. If the crowdion is con- 
sidered to be the equilibrium configuration, the activation energy for 
movement along the row is likely to be very small, but that for move- 
ment into a new row rather large. Since its migration along the row 
involves several atoms, there may be a considerable reduction in its 
frequency of jumping through the entropy term. No quantitative 
calculations on its movement have been carried out. 

The activation energy of movement of a divacancy has been estimated 
by Bartierr and Drenes,” using the Morse curve to represent the 
effective inter-atomic potential. The present writer attempted a 
similar calculation using only the closed shell exponential repulsions, 
and also improved the Bartlett and Dienes calculation. The results 
showed several interesting effects. The Morse potential has the following 
analytical form : 


V(r) = Afexp[— a(r — r,)] (52 


Its general shape is shown in Fig. 8. The three constants A, r, and « 
are fitted empirically to the binding energy, lattice constant and bulk 
compressibility of the metal. It will be seen from Fig. 8 that second 
and third neighbours interact rather strongly; Bartlett and Dienes 
had neglected these more distant neighbours, so the constants were 
redetermined, using all neighbours, as being 


0-327eV, a= 1-40, ro = 2-754. 


It is clear from Fig. 8 that the calculation of the energy of any atomic 
configuration should include all neighbours up to at least the fourth, 
which means many more atoms than Bartlett and Dienes used. Since 
it is not easy to investigate the effect of the moving atom rising a little 
out of the close-packed plane containing the original and final divacancy 
position, it was decided to use an exponential repulsion law, 


V(r) = 0-053 exp [— 13-9(r — r9)/ro] 
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to determine this height relaxation, and to use the configuration so 
deduced in calculating the Morse curve energy. At no stage was any 
relaxation of neighbouring ions allowed. This programme was carried 
out with the assistance of the A.E.R.E. computing group, to whom the 
writer is much indebted, for considerable labour was involved. The 
results were at first sight startling. Using the exponential law only, 


rt IN TERMS OF INTERATOMIC DISTANCE 


Fig. 8. Interatomic potential curves. (a) Morse curve adjusted to fit 

binding energy, compressibility and lattice constant. (b) Simple ex- 

ponential form for core interaction, adjusted to fit lattice constant and 

elastic constants when combined with Fermi gas terms (referred to 
0-2 eV merely for convenience in plotting) 


the maximum energy required was about M = 0-15eV. The calcula- 
tion was then repeated using the Morse curve, with the result 
M = 1-3eV. This large discrepancy seemed very surprising since the 
two potential curves had very similar curvatures at the lattice spacing, 
both having been fitted to the elastic constants. It was soon discovered 
that the second and third neighbours were contributing the major part 
of this energy of movement, and the difference between our calculation 
and that of Bartlett and Dienes, which gave 0-35 eV, was due mainly 
to their inclusion of a rather limited number of neighbouring atoms. 
In our calculation all atoms which gave a significant (0-01 eV) change 
in interaction were included. It is evident that the use of a potential 
with a long range tail like the Morse potential may lead to serious errors 
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if this tail is not a fair representation of the long-range screened 
electrostatic forces. 

The closed shell interaction value of 0-15 eV can be reduced a little 
to about 0-10eV when some relaxation of the ions is allowed. Pre- 
sumably it should be increased a little for the electronic and electro- 
static ion—ion interactions, but the value of this is quite unknown. The 
Morse curve tail is much less rapidly diminishing than the expected 
screened electrostatic interaction, and the Morse estimate is certainly 
too high. A value between about 0-2 and 1-0 eV is expected; it is 
certainly plausible to suppose that it lies well below the single vacancy 
movement energy, since the closed shell interaction is 0-5 eV less; this 
makes the high end of the quoted range less likely, and perhaps the true 
figure is indeed near that suggested by Bartlett and Dienes (0-35 eV). 


Density Changes and Lattice Spacings 


If there were no movements of the metal ions neighbouring a defect, 
there would be no difference in volume between a defective lattice and 
a perfect one containing the same number of sites. The density would 
thus become (1 — v + i) times its original density if it contained a 
proportion v of vacancies and i of interstitials. The x-ray diffraction 
pattern would be virtually unaffected, the isolated defects only giving 
a very small contribution to the diffuse background scattering. In 
practice these conditions are not met, for there are large ion relaxations 
round any defect, and they produce an elastic strain field about the 
defect. The defects may be regarded as centres of pressure in evaluating 
the apparent lattice constant changes. Their effects on the x-ray 
patterns have been discussed in detail by Kanzaki"™ who shows we 
should expect anisotropic line broadening in a defective crystal. As 
far as line shift is concerned, the salient fact is that the x-ray line 
position determines the mean spacing of the planes giving the reflection 
studied (see Esuetpy""). A positive centre of pressure, like an inter- 
stitial in copper, therefore gives an apparent increase in lattice con- 
stant, which corresponds exactly to the volume expansion produced 
by the ion relaxation round the defect. This volume expansion is 
shown by Eshelby to be influenced by the free surface, and he gives: 


OV = d6V,3(1 — o)/(1 + @) 


where 45V, is the volume change for an infinite medium, and oa is 
Poisson's ratio. If we denote the lattice parameter density change 
Apx, and the directly measured change Ap, we have: 


Ap = Apy + — v + 


It is possible, though difficult, to measure both Ap and Ap x to sufficient 
accuracy (1 part in 10~-), and so to form an estimate of v — i. 
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It is clearly of interest to try to predict the ion relaxations and there- 
fore Apy. This has been done for copper by Huntrneton™”) for his 
interstitial configurations, and he gives the result 


Apr ~ — 2% (5.4) 


The vacancy relaxations amount to very little. The crowdion con- 
figuration for copper appears to require a little less volume change 
(unpublished) and gives 

Apy ~ — 1-6i 


Thus the production of equal numbers of interstitials and vacancies in 
a solid would decrease the density in either case. 
Again there is no detailed work to report on the open metals. 


Density Changes due to Dislocations 


STEHLE and Srercer!”) have recently attempted to evaluate the 
density change due to a dislocation. If the laws of linear elasticity were 
accurately obeyed there would be no change. In fact the shearing of 
planes of atoms over one another tends to increase the planar separation 
as the hard ion cores “ride up” to maintain roughly the equilibrium 
ion-ion separation. Using an explicit interatomic force law of the 
Lennard-Jones type and assuming the vertical displacement to be 
proportional to the square of the shear strain, Stehle and Seeger 
obtained the result that in copper each atomic length of dislocation 
line expands the crystal by nearly one atomic volume. LomEer") has 
pointed out that this result is in qualitative agreement with the value 
which one obtains by supposing the volume expansion to be propor- 
tional to the elastic energy stored, and by using the Griineisen relation 
between the thermal expansion coefficient and specific heat to deduce 
the constant of proportionality. This method leads to the result 


6V = 2yK6W « 
where y is Griineisen’s constant and K the compressibility of the 
crystal; dW is the dislocation energy, which is given approximately 
by ($11) 

6W = [lub?/4n(1 — In (R/ay) 

l is the total length of dislocation line. Combining these and putting 
Kyu = 3(1 —2o0)/2(1 +- o) for an isotropic medium, the expansion per 
length 6 of dislocation line is 


3yb%(1 — 20)/(1 — o%)](1/4m) In (R/ag) (5.7) 


For most metals ¢ is about 4, and (1/47) In R/a, is usually taken to be 
about unity, so that the expansion is roughly yb* per atomic length of 
dislocation. For copper y = 1-9, but for Fe it is 1-6 and for Pt it is 2-5. 
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The results of CLanEBoRovGH, HarGReAves and West” on copper 
are in good agreement with the above ratio of energy and expansion. 
For nickel the agreement is not so good, the volume change being experi- 
mentally 1-5 times greater than expected from the stored energy 
measurement. 

Resistivity Changes 
The change in resistivity of a pure metal when a vacancy is introduced 
has been calculated by several authors. Again copper has received most 
attention; since the resistivity contribution will depend on the con- 
figuration of the atoms at the defect the copper vacancy is the obvious 
first choice, for the ion relaxations are thought to be small and un- 
important. 

The calculation is formulated most conveniently in terms of the waves 
scattered from the defect potential. JonacenspurcER™™” has used the 
model of free electrons being scattered from the negative potential of a 
copper ion, on the usual argument that the electrons in the perfect 
metal behave essentially like free ones, and that the negative ion 
potential cancels out the atom in that cell, leaving it vacant. Phase 
shifts are then calculated just as in the vacancy energy calculation, and 
the resistivity R evaluated from: 


h 
R = — > (2 + 1) sin? — m+1(%o)} 
0 


where 7, are the phase shifts, 
k, = Fermi limiting wave number, 


v vacancy concentration, 


n = number of free electrons per atom. 


The form of this expression is not very like the Friedel relation for the 
total charge shift, so that, unlike the energy, its accuracy depends on 
the relative magnitudes of the phase shifts. Jongenburger gives the 
result for copper as about 1-2 «22 cm/! per cent vacancies. 

A new calculation completed recently by H. Brooks and Mrs. L. Roth 
is reported by Rota," in which the vacancy potential was represented 
by a more realistic potential, which was not infinitely repulsive at the 
centre of the vacant lattice cell. Though their potential is still some- 
what arbitrary, it satisfied the two main physical requirements: it was 
fairly smooth in the vacant cell, and was adjusted to repel just one 
electron from the locality of the vacancy. The whole problem was then 
formulated in terms of Bloch functions instead of free electron functions. 
It was found that this reduced the / = 0 phase shift considerably, and 
raised the / = 2 value to an appreciable value. The effect of this is to 
reduce the resistivity very considerably, to a value of about 0-6 wQ 
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em/1 per cent vacancies. On theoretical grounds alone it would appear 
that this lower figure is to be preferred. The reliability is moderate; 
the errors are not likely to exceed a factor two. 

Seecer™) has carried out a similar calculation for nickel; the 
reliability is lower, for the number of conduction electrons per atom has 
to be taken from magnetic saturation values, and the phase shifts are 
evaluated on the Friedel arguments; he deduces a value of about 
4-0 cm/1 per cent vacancies. 

The resistivity contribution of interstitial atoms is at the moment 
the subject of considerable controversy, and it is not possible sensibly 
to review the situation at the moment. Even if it is agreed that 
HuntTIneton’s) configuration is the correct equilibrium one, and not 
the crowdion, the range of values suggested, from 0-75 to 11-5 wQ 
per cent interstitial atoms,“"7, "8%," jis very wide. The dis- 
agreement comes mainly from the treatment of the ionic relaxation 
contribution to the resistance. The potential of the extra copper ion is 
agreed to produce a contribution of about 1-2 ~Q cm/1 per cent inter- 
stitials, but the strain-field-scattered waves may interfere either 
constructively or destructively with this, so that it is not necessarily a 
lower limit. and OvEeRHAUSER and GoRMAN !®) 
have both tried to relate the scattering by the atomic displacements to 
the thermal resistance, but difficulties connected with the assessment 
of the role of Umklapp processes in the thermal and static strain cases 
are not yet fully resolved. Briarr™” and Brooks" have both 
objected to Overhauser and Gorman’s work on this score, and it cannot 
be pretended that the situation is clear. The resistivity of a vacancy in 
other pure metals has not been calculated. BrapsHaw and Pearson ®) 
have carried out quenching experiments on platinum, which, although 
it is a transition metal, may be considered as “full,” and in which a 
vacancy probably has a structure similar to that in a noble metal. 
Their figures show that the change in resistivity for one per cent 
vacancies lies between 1-4 and 14 ~Q cm if the entropy of formation 
factor, exp (S,/k), lies between ten and unity. It is rather likely then 
that the resistivity per vacancy is considerably greater than in copper. 
This would be in line with the fact that the thermal resistivities of 
copper and platinum are in the ratio of about one to six. In the 
accepted band theory explanation of this (see Morr and Jongs?) 
the main feature is the high density of d-band states at the Fermi 
surface, allowing much scattering from the conduction s-band states 
into the d-band. This same argument should apparently carry over 
into the scattering by static defects. This would lead us to expect a 
value of about six times the 0-6 calculated for copper, i.e. about 
4 per cent vacancies. 

It is probably more hazardous to carry over figures in this way to the 
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body-centred transition metals, but there are no alternative estimates 
available. 
Resistivity of a Dislocation 

The most detailed treatment of this problem is that by Hunter and 
NaBaRro, 

They showed that the long-range elastic stresses of a dislocation 
produced very little scattering of the electrons; their figure was 
Ap = 0-5 « 10-™" wQ em/dislocation per unit area. The scattering 
was related to the strain gradient; this is greatest at the core and their 
treatment had to be abandoned in this vital region. Earlier treatments 
of the long-range effects also led to this conclusion.“ No thorough 
treatment of the core has yet been published, for detailed knowledge 
of the configuration is lacking. In the full metals it is widely agreed 
that there is probably a strip of stacking fault connecting two partial 
dislocations. Calculation of the contribution of this to the resistivity 
is very necessary. An estimate has been made by KLemens,"® and 
this has been improved by Biatr, Ham and Korner,” who con- 
sider it an overestimate. It cannot be considered that there is an ade- 
quate evaluation either of the stacking fault scattering or the scattering 
from the grossly displaced atoms in the partial dislocations, and it 
seems hardly worth quoting numerical results. SeEeceR and STeHLe‘*) 
have surveyed this field in considerable detail. It would be surprising 
if the scattering per atomic length of dislocation did not lie reasonably 
close to that of a point defect, ie. the resistivity may be within a 
factor of about ten of 10-™ wQ em per cm/cm® of dislocation line. Ina 
heavily worked material with 10" cm/cm* of dislocation line, this could 
be about 0-1 «Q em. 


Point Defects and Mechanical Properties 


The introduction of point defects by quenching or by radiation has an 
appreciable effect on the initial yield point of well-annealed single 
crystals. This effect is not at all well understood at the moment, 
however. The main question, still not completely answered, is whether 
or not the point defects responsible must have migrated through the 
lattice to concentrate on the dislocation lines. It is possible that a 
random dispersal of defects could explain the results, for when the 
dislocations move through the lattice they may sweep up point defects 
as they come to them. Experiments on the development of the changes 
in yield points at various radiation doses and at various temperatures 
are sure to shed much light on this, and theoretical speculation is not 
likely to provide a reliable answer. 

In order to make any theoretical progress it is necessary to be reason- 
ably certain about the atomic configuration which results when a 
single vacancy or interstitial approaches a (possibly dissociated) 
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dislocation, and to have some estimate of the ease of forming jogs in 
the dislocation where there is a reasonably high density of point defects 
on the dislocation. The single defects bound to a line certainly will 
produce Cottrell locking and an incipient yield point. But if jog 
formation is easy there may be only a very !ow density of such defects, 
and simply an abnormally high density of jogs. It is not known how 
jogs influence the mobility of dislocations, but it has been suggested?” 
that they will certainly decrease the mobility and so harden the 
material. 

The internal friction of a single copper crystal has been shown to 
decrease markedly after very light damage at a temperature of only 
10°K.“® This seems to imply that the movement of dislocations may 
be impeded at temperatures where no defects are known to be mobile, 
but until extensive work on the development of hardening for various 
doses and heat treatments has been carried out, in parallel with 
internal friction experiments, even the broad outlines of the processes 
involved are not likely to be understood. 


Point Defects and Diffusion 


It is to be expected that an increase in the number of point defects in a 
metal would raise the diffusion rates, since the diffusion coefficient (for 
a vacancy diffusion mechanism) is essentially given by 


D = Avpva* exp (— M/kT) > 


where v, is the Debye frequency, 
v is the vacancy concentration, 
a* is the mean square jump length, 
M is the activation energy of movement, 


and Ais some constant, about ten, involving geometrical and 
entropy factors. 


In a perfect crystal v is the thermal equilibrium concentration, 


vo = Bexp(— F/kT) 


If the number of vacancies formed by the damage is much greater than 
this, we could expect a correspondingly great increase in self-diffusion 
rates. In practice, the minimum diffusion rate which can be observed 
is such as to limit the observations to temperatures in the region above 
room temperature for copper. For suppose that v can be made as 
great as 10-* by some damaging process. Then with vy ~ 10+ sec, 
A=~10, a@~10- cm*, M=0-7eV, we get D= 10-715, 10-155, 
10-125 em?/see at temperatures of 200°K, 300°K and 400°K respect- 
ively. Normal macroscopic measurements can determine diffusion 
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constants of about 10-'* cm?/sec provided the experiment can run for a 
time of about 3 months (i.e. diffusion lengths about one micron). At 
400°K the diffusion coefficient would therefore be easily measurable ; 
at this temperature the thermal vacancy concentration is only 10~", 
so that the normal diffusion constant would only be 10-* at this tempera- 
ture. It is thus conceivable that significant changes could be observed. 
There is, however, the question of deciding what is a practicable 
value of v to maintain. It has been assumed above that v was main- 
tained at 10-* for 3 months (= 10’ sec). Now let us suppose that 
each vacancy makes n jumps after creation before disappearing. Then 
the maximum number of jumps which can possibly occur, whatever 
the temperature and duration of the experiment, is just n times the 
total number of vacancies produced. If an initial concentration v, is 
present and none are produced during the diffusion experiment, the 
maximum possible number of jumps is nvy, giving a diffusion length L 

given by 
L = eo « 


If n is about 10" (see section VI) and v, = 10-%, L is about 10** a, or 
about one micron, which is just measurable. 

Now let c be the number of vacancies produced per second by a 
continuous damaging process, and consider an experiment which runs 
for time t. The total number of vacancies produced is ct, and the total 
number of jumps possible is nct. This means the maximum possible 
diffusion length is 

L = V neta 


The actual value in arbitrary circumstances will be given by 


t t 
Ddt = Avy exp (— M/kT)a*[ wa « (5,10) 
0 Jo 


where v must be determined from some assumptions concerning the 
disappearance process. If it is assumed that vacancies disappear 
independently in an average of n jumps, this reduces to the above 
expressions. When the vacancy concentration becomes reasonably 
high we should certainly consider the formation of vacancy pairs, and 
if interstitial atoms are formed we also have to consider recombination 
with them. Since these assumptions are all rather arbitrary and lead 
to differential equations for v as a function of time which cannot be 
solved analytically, it seems fruitless to pursue the dependence of v on 
time in detail. 

The main conclusion to be drawn is that the effect of having displaced 
a fraction v of the atoms in a lattice and having allowed them all to 


return to lattice sites can, at most, give a diffusion length L = V nv a. 
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For pile irradiation of copper v = 10~ in about a year in a graphite 
pile, or 10-* in a month in a heavy water pile. The value of n is not 
likely to exceed 10”, and the radiation-induced diffusion is not likely 
to exceed 3 x 10-5 cm or 10-* cm respectively. This means that the 
effect would be swamped by thermal diffusion coefficients of 3 x 10-7 
cem?*/sec or 3 x 10- cm?/sec respectively, and the experiment could 
only succeed below temperatures of 600°K or 700°K for the two cases. 
If vacancy pairing or interstitial-vacancy recombination is important 
n will be smaller and consequently the radiation effect will be less and 
the temperature limits lower. 

Indirect measurements of diffusion coefficients by observation of 
precipitation rates” or internal friction’*® due to atom rearrange- 
ment, may enable experiments to be carried out in the necessary low- 
temperature range more conveniently, for only very small diffusion 
lengths are then required to give significant results. Such experiments 
are possible only in alloys, and a recent paper by Li and NowicKk"*® 
emphasizes the difficulty of making precise comparisons between alloys 
and pure metals. 


Section VI 
Annealing of Defects 
The concentration of point defects in a damaged material may exceed 
the thermal equilibrium concentration. When the temperature is 
raised so that the defects become mobile, they diffuse through the 
medium, occasionally reaching “‘sinks’’ where they may disappear. 
Typical sinks are free surface, grain boundaries, dislocations and especi- 
ally jogs in dislocations, or even other point defects (for example, a 
migrating vacancy may recombine with an interstitial atom). The 
diffusion through the lattice may be completely random, or may be 
predominantly in one direction if there is some suitable driving field 
such as a stress gradient. It is assumed that the migration of any point 
defect occurs by a succession of discrete jumps from one lattice position 
to a neighbouring one. The frequency of these jumps is determined 
partly by thermal activation and is the basic rate-controlling quantity 
in all processes involving defect migration. This frequency can be 


expressed in the form 
f = ay, exp (— M/kT) 


where », is a frequency of the order of the natural vibration rate of an 
atom in the lattice and z is the co-ordination number. It may, however, 
differ somewhat from the Einstein frequency, since any difference in 
entropy between the equilibrium defect configuration and the saddle- 
point configuration will change the probability of the saddle-point 
configuration. ¥, is in fact about equal to vg exp (S/k) (see Wert”), 
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S may be positive or negative, but Zener“ and Le CLame™® show 
that the correction factor is seldom as great as ten. For most metals 
the Einstein frequency may be taken as approximately 10, and the 
entropy correction will be neglected in what follows. 

If some property which indicates the presence of point defects re- 
covers in a certain temperature region, it will usually be possible to 
assign an activation energy to the process by observing the change in 
rate for small temperature changes. The most naive interpretation of 
such an experiment is that the defect responsible for the observed 
change in property is mobile at this temperature and so is able to 
migrate to some sink where it disappears. On this assumption we may 
calculate the number of defects; then [(1/p)(dp/dt)|~ is the mean time 
required for a defect to disappear at that stage of the process. The 
frequency of jumps is z 10" exp (— M/kT). Consequently the number 
of jumps for defects to disappear is 


n = exp(— M/kT) . . . (6.2) 


in which all quantities are measured except n. Only if there are 
exceptional changes of entropy at the transition state can this be much 
in error. If we know the initial distribution of the defects and of sinks, 
we may make an independent estimate of n. If these agree, the identi- 
fication of the process is possibly correct. If they do not, there is either 
an error in the assumed distribution or in the assumption that a simple 
migration of the defect through the lattice is operative. 

For example, if we consider a random dispersal of point defects in 
an unworked crystal, and suppose they disappear on the 10* disloca- 
tions/em* which are usually present, the typical defects are about 
10°-10* lattice spacings from any sink. Dislocation stress fields 
probably attract the defects, so that there is a definite drift flow to the 
dislocations. The situation is analogous to that described in strain- 
ageing of iron by CorrRe.t and Brtpy.“™) The analysis of the number 
of jumps is still valid in such a case, though the mean distance moved 
by a defect in a given number of jumps is different. The kinetics of this 
case have been studied in detail.“* It is not thought that there are 
significant forces between point defects. In what follows the analysis 
will assume random diffusion with no directed drift flow. We then 
expect n to be between 10° and 10%, and to be substantially independent 
of the concentration of defects. Non-uniformity of the sink distribution 
may cause slight changes in n during the process. The experiments of 
BrapsHaw and Prarson™** on the disappearance of vacancies in 
quenched platinum appear to be well described by this analysis. 

However, Lomer and Corrreti® have pointed out that many 
observed processes in both cold-worked and irradiated metals give very 
low values of n, between 1 and 10°. This implies that the defects are 
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all very near sinks, or that the above analysis is incomplete. A suggested 
modification allows for the fact that in almost any metal there may be 
impurity atoms which interact with the point defects. 

Let there be a concentration c of impurity atoms which attract the 
point defects with an energy B. The concentration of defects in the 
lattice is denoted by v and of the traps by v’. If each trap can accom- 
modate only one defect, we have the relation 


v = v, exp (B/kT)/[1 + vexp(B/kT)]} . . (6.3) 


A typical defect spends a proportion v/(v + cv’) of its time migrating 
through the lattice and cv’/(v + cv’) trapped. The number of jumps 
made in time [(1/p)(dp/dt)]~? is thus 


n = [(1/p)(dp/dt)}-4s10" exp (— M/kT) 
[v + exp (— B/kT)]/[v + exp (— B/kT’) + c] (6.4) 


If c is negligible this becomes identical with the preceding formula, for 
the last fraction is unity (the vacancy is free to migrate during the 
whole of its life). If c is small compared with exp (— B/kT), the 
fraction is unity for large v and a little less than unity for small v, and 
the vacancy spends only a very small proportion of its time bound 
whatever the vacancy concentration. When c is greater than exp 
(— B/kT) there are essentially three ranges of v to consider. First, 
v>c>exp(— B/kT); for this the traps are saturated and the 
correction factor is unity; the traps play no part in vacancy annealing 
kinetics which for constant n are therefore ‘“‘first order.’ Second, 
c>v>exp(— B/kT); the correction factor is approximately v/c 
so that the annealing kinetics for constant n are approximately 
second order, because of the gradual emptying of traps. Third, 
ce > exp (— B/kT) > v; the correction factor is (1/c) exp (— B/kT), 
which is again independent of v but which now has a marked 
temperature dependence. The relaxation time as a function of vacancy 
concentration and temperatures for constant n is thus 


= (1/p)(dp/dt) = (210"9/n) exp (— M/kT)v/(v + ce) 
for v>exp(— B/kT) (6.5) 
and 
= (g10"/n)(1/c) exp[— (B+ M)/kT] for v<exp(— B/kT) (6.6) 


If experimental information is analysed on the basis of the simple 
formula which makes no allowance for locking, we deduce apparent 
values of n as 

= n(c + v)/v for vS>exp(— B/kT) . (6.7) 


Napp = ne for v<exp(— B/kT). . . (6.8) 
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Since the impurity concentration may lie in the region 10-* to 10-5, and 
the vacancy concentration in the range 10~* to 10~’, either of these may 
differ considerably from n; the low activation energy stage is associated 
with high app and the high energy stage with low nappy. In many 
situations c and exp (— B/k7’) may be too nearly equal to allow the 
limiting forms to be used, and the kinetics should be considered ex- 
plicitly with the full formulae. On the whole we may expect a more 
serious discrepancy between n and nappy in the high energy stage, for c 
is not likely to exceed v by more than about a factor 10, while c itself 
may well be 10~*. 

Thus if such an explanation of anomalously low number of jumps is 
to be held, it must be supposed that if the damage exceeds the concen- 
tration of the effective trapping impurity a process with high n and low 
activation energy will be seen, while at lower dose or after some re- 
covery, processes with small (apparent) x and higher activation energy 
are seen. As pointed out by Lomer and Cottrell, this seems an adequate 
description of the experiments on quenched alloys reported by RoswE.. 
and Nowick., 

Anomalously large values of n may also be accounted for in two other 
ways. The first is that the saddle-point configuration involves a highly 
co-operative movement of many atoms, giving a large (negative) 
entropy contribution to the jump frequency. This would mean that 
our usual estimate of about 10" for the frequency is too great, and n is 
correspondingly overestimated. This is not considered likely to occur 
often. The other possibility is that the defect in fact makes many 


jumps, but does not sample a new site each time, thus reducing the 
frequency of disappearance. For example, diffusion of a crowdion may 
well be restricted to a single atomic row, in which case in n jumps it 
will sample only about n! new sites, whereas in ordinary three-dimen- 
sional diffusion it would sample nearly n new sites. 


It is now necessary to discuss briefly the processes which may lead 
to annihilation of defects in a crystal. These processes fall naturally 
into two main classes; disappearance at essentially inexhaustible sinks 
such as dislocations, grain boundaries and free surfaces, or disappear- 
ance by mutual annihilation or aggregation with other point defects. 
An intermediate case has been suggested for vacancy annihilation'”? 
—the slow formation of vacancy pairs followed by their rapid migration 
to some fixed sink of the first kind. 

Direct disappearance of an initially random dispersion of defects at 
fixed sinks presents a classical diffusion problem to determine the rate 
of disappearance as a function of annealing time, or of number of jumps 
at various stages of the process. But the final stages of any such pro- 
cess should show a nearly constant value of n. (If the distribution of 
sinks were uniform in the specimen n would be strictly constant.) This 
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constancy of n is often called a “first order process.” It is interesting 
to note that although we consider the movement of the defects to be 
independent at all times, the diffusion solution will not in general yield 
constancy of (1/p)(dp/dt) until the later stages of the recovery. The 
concept of ‘order of process” as defined by the dependence of recovery 
rate on concentration of defects is not too easily applied unless both 
defects and sinks are randomly dispersed so that their relative distribu- 
tion does not change during any annealing experiment. 

Disappearance at dislocations may not always be quite simple, for 
in a heavily damaged crystal, quenched or irradiated, a density of 
defects of 10-4 is possible, while the dislocation density may be only 
108 cm/em*. Such a density corresponds to only one atomic position 
on the dislocation line per 10’ atoms, 50 that to deposit all the defects 
on the dislocations would require movement of the dislocation lines 
over distances of some thousands of atom spacings. In general, such 
movements may be rest ricted in the same way as their movement under 
stress is restricted in work-hardened material, or may even amount to 
considerable annealing, possibly allowing many of the dislocations to 
disappear. It is therefore not necessarily true that disappearance of a 
random distribution of point defects on to edge dislocations gives first 
order kinetics. If not too many are deposited the kinetics may follow 
those of diffusion of a random set of defects on to a random set of line 
sinks, and approach ‘“‘first order” towards the end of the reaction. The 
annealing of vacancies produced by cold work may deviate even more 
strongly from simple first-order kinetics, for the vacancies may be 
deposited in special positions relative to the dislocations which will act as 
sinks. As long as we think only in terms of numbers of jumps to the sinks 
we will not expect detailed agreement with particular orders of reaction. 

Vacancies may disappear by direct annihilation with interstitial 
atoms. If both are initially independently randomly distributed the 
recombination rate will depend on the product of their concentrations. 
If in addition the initial concentrat ‘ons were equal, they remain equal 
throughout the process, and the rate of recombination may be written as 
proportional to the square of either concentration, giving the so-called 
second-order kinetics. If the distributions are non-uniform in space, 
if the vacancy interstitial distributions are correlated (e.g. randomly 
dispersed close pairs), if the initial concentrations are not equal or if 
either vacancy or interstitial can disappear by another competing 
mechanism, this simple relation will be lost. No known method of 
damage can in fact produce a distribution of interstitials and vacancies 
which satisfies the necessary condition for the simple kinetics. In 
practice, an increase in n, the number of jumps, as the annealing pro- 
ceeds may indicate that some process involving destruction of sinks is 
involved, such as direct recombination, or that either sinks or defects 
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are not initially uniform, or that trapping at impurities is occurring. 
Again, the only sensible way to test any particular model seems to be to 
consider the actual initial distribution of defects and the expected 
distribution of sinks and to attempt to compare detailed prediction of 
kinetics with observation. 

Vacancies may also disappear by combining together to form highly 
mobile vacancy pairs, which migrate very quickly to genuine sinks."'*” 
The rate of combination will depend on the average number of jumps 
one vacancy can make before meeting another. This rate would be 
proportional to the square of the concentration if the distribution were 
uniformly random. In that case the annealing would follow second-order 
kinetics. But most irradiation and cold-work damage produces clus- 
tered vacancies, or rows of vacancies, and so great deviations are to be 
expected. Quenching damage, in the full metals at least, is expected 
to consist of a uniform random dispersal of single vacancies, and so will 
give simple second-order kinetics if pair migration is the main dispersal 
method. In fact, as noted above, the main features observed by Brad- 
shaw and Pearson seem to be explained on the basis of independent 
migration of single vacancies, the number of jumps in fact greatly 
exceeding that required to meet another vacancy. This implies that at 
least in platinum at 350°C divacancy formation and migration is un- 
important. (BrapsHaw and Pearson“, % allow this conclusion for 
gold and aluminium also, but see discussion in section VII.) 

A hint has already been given of one serious complication in annealing 
studies. Suppose a particular annealing process is attributed to the 
diffusion of single vacancies and their disappearance on dislocation 
lines. How much of the resulting recovery is due directly to the loss of 
vacancies, and how much to consequent dislocation rearrangement ! 
It is possible to argue that major dislocation rearrangements may be 
permitted by the climb of those dislocations which have received many 
vacancies. The possibility of climb is believed to account for the 
temperature range in which recovery of mechanical properties occurs, 
and to permit a real decrease in dislocation density. This may be un- 
important for, say, resistivity studies in well-annealed crystals, but 
mechanical properties such as internal friction are very sensitive to the 
number and freedom of dislocations. The recovery of internal friction 
after irradiation may not be interpretable in terms of disappearance of 
point defects alone; there may be irreversible changes in dislocation 


structure. 
Section VII 


Experimental Information on Point Defects 


In the preceding sections it has been demonstrated that theoretical 
work alone cannot yet take us far in determining precise absolute 
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numbers characterizing point defects, though it can give very useful 
qualitative guidance and suggest promising working hypotheses. To 
conclude the article it will be appropriate to point out some of the 
crucial experiments which one might hope are giving direct information 
on some of the numbers involved. Such experiments are not yet very 
numerous. There are many excellent experiments which will not be 
mentioned in detail; they are omitted because they apply to alloys, or 
to situations in which we cannot be confident that the processes 
occurring are distinct and identifiable. This will minimize long 
speculative interpretations. 

The noble metals form the best studied group, because of the com- 
parative ease of handling them both theoretically and experimentally. 
Theory leads us to suppose that quenching will trap vacancies formed 
at high temperature, and vacancies only. Irradiation by electrons of 
energy ~1 MeV will probably produce isolated vacancy-interstitial 
pairs, and neutron or deuteron irradiation clusters of defects. Cold 
work may produce vacancies and interstitials, but no real prediction 
of the rate of production or relative numbers of each can be made. 

Careful measurements of the electrical resistivity of quenched metals 
have been made by KaurrMan and Kornuer,"*?) BauRLE, KLABUNDE 
and and BrapsHaw and Prarson.'6, 138, 18% (The 
results of Lazarev and OvcHARENKO"® seem to indicate inadequate 
quenching rates.) They have found that the energy of formation of 
vacancies in gold is 1-1 + 0-1 eV and that the energy of movement is 
0-7 + 0-05eV. The identification of the defects as vacancies was 
initially simply theoretical, but recent work by BauRLE and 
Korsn_er™* has shown a contraction in length of a wire during the 
resistivity recovery and apparently controlled by the same processes. 
The disappearance of vacancies on internal dislocation sinks would be 
entirely consistent with their observations. The sum of the observed 
formation and movement energies lies within experimental error of the 
self-diffusion activation energy. Since the entropy of formation is not 
known, it is not possible to deduce the absolute concentration of 
vacancies from the energy of formation; the dimensional changes may 
not be entirely isotropic, especially if the free surface is important as a 
sink, so that length changes do not give absolute measurement of the 
numbers either. The experiments do not therefore lead to a close 
estimate of the resistivity per vacancy in copper, but the number 
quoted earlier in section V, 0-6 ~Q cm/1 per cent vacancies, is quite 
acceptable. The mean number of jumps to destruction in BrapsHaw 
and Prarson’s"**) annealing experiments is about 10°, though the 
concentration of vacancies is sometimes as great as 10-*. This appears 
to imply that vacancy pair formation is not effective in accelerating 
vacancy disappearance, and that almost certainly the ultimate fate of 
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vacancies is absorption on a rather low density of dislocations. 
KorH_er,"®) however, has recently pointed out that there is nothing 
to preclude the possibility that the annealing measurements are con- 
cerned with divacancies, or other small aggregates of vacancies. Such 
aggregates may form from single vacancies during quenching. Koehler’s 
contention that single vac.=0-8eV and vac. aggregate 

0-6 eV seems to be borne out by the observation that in gold the 
observed heat of formation and observed activation energy of annealing 
do not sum quite accurately to the observed self-diffusion activation 
energy." It appears that the greater precision which is becoming 
possible in diffusion and these quenching annealing experiments will 
reward us with a much more detailed picture of vacancy motion and 
recombination. Preliminary results“ on the self-diffusion energy 
in platinum indicate a similar situation in this metal. 

It may be hoped that soon it will be possible to discuss the kinetics 
of disappearance in some detail, and comparison with experiment may 
lead to a decision on the role of stress gradients in annihilation of 
vacancies on dislocations, and possibly to information on the signific- 
ance of jogs in dislocations as the ultimate vacancy sinks. 

Radiation experiments in the noble metals have not been carried as 
far as quenching experiments, and unfortunately gold has not been 
studied in quite such detail as copper, so that precise comparison with 
the quenching experiments is not justified. The principal features of 
low temperature irradiation of the noble metals were described by 
Coorrer, KoEHnLerR and Marx.) This work was based on a cyclotron 
producing 12 MeV deuterons; it was found possible to maintain the 
irradiation temperature at about 12°K. Electrical resistivity was used 
as the principal indicator of damage. Their results at high total 
integrated dose showed marked deviation from linear damage rate; it 
appeared that radiation tended to destroy some of the existing damage 
as well as producing new damage. That this was not a purely thermal 
effect was easily checked by holding the specimen at temperature 
without irradiation. On slow warming, copper and silver showed four 
distinct annealing ranges. The first was rather well marked; it occurred 
at 30°K in Ag and 40°K in Cu and removed about one-third of the 
induced resistivity. This stage was not observed for Au. Then from 
temperatures of 40°K to about 250°K annealing was continuous with 
no well-marked steps in the curves. This was observed for all three 
metals. From about —20°C to + 20°C a clearly defined activation 
process occurred with an activation energy of about 0-7 eV in all three 
metals. This undoubtedly corresponds with the similar process reported 
earlier by OverHavseR™*) in annealing specimens irradiated at liquid 
air temperature. Even after this process is complete, the radiation 
induced resistivity has not been eliminated; the residue anneals away 
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above 200°C with activation energy approximately equal to that for 
self-diffusion. It is quite clear, then, that no model of independently 
diffusing single isolated interstitial atoms and vacancies can explain the 
results. Neutron irradiations have been carried out at low temperature 
by the Oak Ridge group.“**. 1") They find a close agreement with the 
above cyclotron results. They have in addition performed an experi- 
ment") to determine the energy released during annealing at low 
temperatures. This experiment is discussed below. The higher tempera- 
ture annealing processes have not yet received detailed attention. 
Koehler identifies the continuous annealing range with the movement 
of small vacancy aggregates, and the 0-7eV process with single 
vacancy movement. Lomer and CoTrre.i*) pointed out that it is 
difficult to eliminate the possibility that interstitials, free to move in a 
perfect lattice at 40°K, may meet shallow traps and so be retained up 
to higher temperatures. The assignment of single vacancies to the 
0-7 eV process is now called into question by the analysis of quenching 
results, but it seems tempting to conclude that Koehler’s interpretation 
is essentially correct; the ‘‘0-7 eV” stage may be some mixture of a 
0-8 eV single vacancy and a 0-6 eV divacancy stage as in the quenching 
experiments. 

Electron irradiation experiments at low temperatures carried out 
on polycrystalline zone-refined copper foils are reported by CoRBETT, 
Denney, Fiske and WaLKerR."*?) They have shown that the rate of 
resistivity increase is consistent with the assumption that every atom 
receiving more than 25 eV in a Rutherford collision with an electron is 
displaced. 

Their annealing curves show marked differences from the neutron 
and deuteron irradiated crystals, presumably because of the different 
initial defect distribution. As the crystal is warmed, nearly 90 per cent 
of the induced resistivity anneals out between 27° and 35°K. Pre- 
sumably the random dispersal of the defect pairs means that the 
probability of interstitials aggregating is very low, so that a far higher 
proportion recombine with vacancies or reach other sinks than do so 
in the heavy-particle damaged specimens with initially clustered 
defects. The residual 10-15 per cent of the induced resistivity is hard 
to study, since it is only a small percentage of the initial (unirradiated) 
residual resistivity. It appears to behave rather like the later stages of 
neutron irradiated material. 

The rate of resistivity increase has been used as a measure of the 
contribution per interstitial-vacancy pair. The displacement energy 
in copper was found by EacEn and LauBEensTEIN'’® to be 25eV. The 
assumption that every atom receiving 25eV or more in Rutherford 
collisions with electrons is displaced and produces one pair may give a 
slight overestimate of the number of pairs produced. Assuming no 
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pairs produced and retained. Combining this with the measured resis- 
tance change gives a lower limit of: 


l per cent pairs > 1-9 cm 
I I 


A rough upper limit for this number was deduced by assuming that 
interstitials but no vacancies are destroyed during the low-temperature 
recovery stage. Then since this stage removes 85-90 per cent of the 
resistivity change, the resistivity of the interstitials is about 6-9 times 
that of the vacancies. This result may be combined with BLart’s“” 
calculation of the contribution of vacancies to give an “upper limit” 
(provided Blatt’s calculation is not an underestimate) of 


Ap int. < 11 ~Q em/1 per cent interstitials 


If the lower figure of 0-6 wQ cm/1 per cent vacancies is used, Ap int. 
< 5-5 wQ cm/1 per cent interstitials. The range of possible values coin- 
cides roughly with the theoretically estimated range. 

The details of annealing kinetics after electron bombardment have 
not been sorted out in detail; it is probably premature to quote the 
preliminary results. 


Mechanical Deformation 


Experiments on the resistivity induced by mechanical deformation of 
copper have been carried out by MANINTVELD,"**) HENDERSON and 
and Biewirt, Cottman and Repman.“°) Blewitt’s 
et al.experiments were done at liquid helium temperature; they found no 
recovery of resistivity until the specimen had warmed up to about 
—150°C. It therefore seems valid to discuss their results and those of 
the other workers who deformed their specimens at liquid air tempera- 
ture as one set of experiments. If the assignment of the very low 
temperature recovery process to interstitial movement is to be main- 
tained, we must conclude that no isolated interstitial atoms are pro- 
duced during deformation. This agrees with the suggestion (see section 
II1) that a dislocation intersection may leave behind a close pair of 
dislocations rather than a line of interstitial atoms. 

The recovery which is actually seen between —150°C and room 
temperature is almost continuous, though there is some indication of 
processes starting at distinct temperatures. Unfortunately Henderson 
and Koehler and Manintveld’s results do not agree closely with one 
another. KorHLER"®®) has suggested that the annealing at temperatures 
below room temperature may be due to small vacancy aggregates; 
since vacancies will be produced in rows this seems very plausible. 
Much of the resistivity remains above room temperature, and is prob- 
ably to be attributed to dislocations, which only anneal away with the 
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activation energy for self-diffusion in the temperature range 200-300°C 
(see e.g. CLAREBOROUGH, HARGREAVES and West 152)), 


Energy Release and Density Changes 


Measurements on the release of stored energy have been carried out 
by OverHAvSER,"* and BLEewrrt et al.“*°) on irradiated samples, and 
by Henperson and and CLAREBOROUGEH et al.51, 152) on 
mechanically worked samples. Blewitt’s et al. experiments were carried 
out on pile irradiated samples at liquid helium temperatures. His 
estimated sensitivity was such that he could detect an energy release 
of ~0-1 cal/mole. He found a release of about 0-3 cal/mole on passing 
through the “‘interstitial’’ annealing peak at 40°K. The change in 
resistivity observed was 2 x 10-*vQem. If it is supposed that the 
energy per interstitial is 4 eV and the resistivity about 5 ~Q cm/1 per 
cent interstitial-vacancy pairs, a resistance change of 2 « 10-3 wQ cm 
should correspond to an energy release of 1-6 x 10-5 eV/atom 
= 0-4 cal/mole. Blewitt’s et al. observation is therefore roughly con- 
sistent with the proposed explanation. 

Overhauser’s results were obtained for specimens irradiated at 
liquid air temperatures. Over the whole range from liquid air to room 
temperature he found that the energy release was proportional to the 
resistivity change; the constant of proportionality was 


Ap/AE = 0-95 x 10-? em/cal/mole 


If these higher temperature processes are due to the loss of vacancies 
with energy 1 eV the resistivity per one per cent vacancies is 2-1 uQ cm. 
His experiments, on very small foil samples, may be more subject to 
systematic error than is supposed. 

Measurements of the density and x-ray lattice parameter changes 
have been made for large polycrystalline cold-worked samples by 
CLAREBOROUGH ef 152) and have measured 
the lattice constant change in irradiated copper foils and BAURLE et al.‘8®) 
have measured length changes in quenched wires. Let us first consider 
the quenching results. After quenching, the changes in length and 
resistivity of a polycrystalline gold wire were followed during low 
temperature (~ 40°C) anneals. It was found that they ran strictly 
parallel, and the constant of proportionality was 


dp = 9 x 10-* Q em 


If it is assumed that the contraction is isotropic and that there is little 
contraction of the lattice around the vacancy, we may put 3 dl/l 
= vacancy concentration change. This leads to 


dp = 3 wQ cm/1 per cent vacancies 
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If there is contraction round the vacancy, the resistivity per vacancy 
is lowered. BALLUrri and Srecet"™ have measured the change of x-ray 
lattice parameter of copper on deuteron bombardment at liquid helium 
temperatures. They found a considerable expansion which annealed 
away in the same way as the induced resitivity. For a dose of 10" 
deuterons/cm?’, the change in lattice constant 


éd/d = 4-2 x 10-4 
The corresponding resistance change is about 
Ap = 0-23 cm 


From section V we may suppose that there is little volume change round 
a vacancy, and about 2 2 (where 2 = atomic volume) round an inter- 
stitial. The volume change is three times the linear change of dimen- 
sion, so that we estimate for 10" deuterons/cem?: 


i= 0-6 x 10° 


and Ap = 4 0 cm/1 per cent interstitial vacancy pair. 

Density and stored energy measurements on polycrystalline nickel 
and copper specimens deformed at room temperature have been carried 
out by CLaREBOROUGH et al." Their results show a close correlation 
between the density recovery and energy release. The measured ratio 
for that part of the release attributed to dislocation movement agrees 
very well indeed with the result of section V. They measure 


AV/AW = 2 x ergs/cem* 


while the predicted figure, 2yX, is just equal to this (y = 1-9, K 
= 53 = 10°"). Their results are subject to considerable uncertainty 
of interpretation when applied to the vacancy annealing peak, for there 
appears to be considerable dislocation rearrangement occurring 
simultaneously, making any exact separation of the effects impossible. 


Numerical Constants of Defects in Noble Metals 
From the above experiments it seems that the most plausible set of 
constants is as follows: 
Self-diffusion activation energy in gold“ = 18leV 
Heat of formation of vacancies in gold“? 1-02 eV 
Energy of movement of single gold vacancy’ = 080eV 
Energy of movement of small aggregates of 
vacancy), 
Self-diffusion energy in copper = 2leV 
Heat of formation of vacancies in copper 
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Movement energy for vacancies or clusters", 44) = — 0-7-0-8 eV 


Heat of formation of interstitial atom) ~40eV 
Migration temperature of interstitial atom". 4) =~ 35°K 
Mean displacement energy of copper atom‘ ~ 
Minimum displacement energy” ~ 13eV 
x-ray lattice expansion per interstitial”) = 20 
Volume change per atomic length of dislocation® ~2Q 
Resistivity per 1 per cent pairs in copper 47) ~ 5 wQ em 


Resistivity per 1 per cent vacancies in copper 0-5-1-5 em 


Miscellaneous Constants for Other Metals 


BrapsHAW and Prarson*® have reported quenching measurements 
on platinum. They give 


Ey = 11+ 0-15eV 
= 144+ 
Krpson and Le Carre") report the self-diffusion energy as 
= 2:9eV 


so that it appears as if platinum may be very like gold, in that Z,, from 
quenching experiments may be a little below that for single vacancies, 
perhaps because of grouping of vacancies during the quench. 

For aluminium the same workers report 


Ey = 0-45 + 0-03 eV 


Uy = 0-76 + 0-04 eV 


The only measurement of the self-diffusion energy is due to Seymour”) 
who used a resonance method to get 0-91 eV, which is surprisingly low 
(see Nowrck"*), For the alkali metals, McDonaLp and his co- 
workers") have deduced vacancy formation energies from their high- 
temperature resistivity. The deviation of the resistance from a para- 
bolic dependence on temperature can be expressed as if it were due to 
an activated scattering process. If it is assumed that this scattering 
is due to vacancies, he finds: Li, 0-4eV: Na, 0:39eV: K, 0-39 eV. 
These are about three-quarters of the self-diffusion energy, so the 
movement energy in these open metals must be small. 

Not many definite numbers can be assigned to other metals or to 
other measurements. The resistivity per one per cent vacancies cannot 
be assigned in platinum and aluminium from the quenching results 
alone, for the number produced by quenching is not known to within 
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an uncertain entropy factor (section IV). No definite correlation with 
irradiation and cold-work results has yet proved possible. 

To summarize the conclusions of the whole paper, it seems fair to 
say that purely theoretical work is unlikely to provide precise values 
of defect properties in metals. Ten years of fairly intensive work has 
yielded a moderately complete experimental picture of copper and gold, 
and the theoretical estimates are apparently reasonably accurate in 
these metals. It is unreasonable to expect to find any easy way of 
extending our knowledge to other metals; we may hope that over the 
next ten-year period we will learn a good deal about a few more metals, 
and begin to be able to think about a unifying scheme of more general 
applicability. 
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